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PREFACE

In keeping with the mission of AGARD, the Structuxes and Materials Panel (SMP) has traditionally provided aircraft
deterioration control information to member nations through its Corrosion Subcommittee. This Specialists Meeting on H 4gh
Temperature Surface Interactions continues that tradition. In today's climate of life extension for military aircraft, the topic
of corrosion control assumes a role of greater importance. This specialists' meeting focused on controlling the deteriorative
effects of the flight environments on aircraft engine materials.

It was noted that not all corrosion control techniques are tremendously expensive. The simple washing of aircraft and
engines with fresh water and simple cleaners greatly helps to preclude corrosion failures, Considering engine corrosion, there
are several surface degradation problems that are encountered. These include: high temperature oxidation; hot corrosion,
sulfidation; fretting and wear. These topics and the state-of-the-art solutions including protective coatings, were addressed in
five sessions in two and a half days. It is expected this information will prove useful to the maintenance community of
NATO's aircraft.

The publication of the proceedings of this specialists' meeting brings to closure the existence of this subcommittee.

John J. de Luccia
Chairman, Subcommittee on Corrosion

Traditionnellement. et conform~ment & ls mission de I'AGARD, le Panel AGARI) des Structures et Mat~riaux (SMP) a
fourni aux pays membres de I'OTAN des informations concemant le contr6le de Is d6tdrioration de structure d'afronefs par
le biais de son sous-comii pour Ia corrosion. Cette reunion de spdcialistes sur lea interactions haute tempirature/surface
perp-6tue cette tradition. Le vif intirat manifesti aujourd'hui par Is communaut6as6ronautique pour Ia prolongation du cycle
de vie des avions militaires ne fait que souligner l'importassce de Is maitrise de Is corrosion. Cette riunion de sp~ciahistes a
porte sur Ia maitrise des effets corrosifa de l'environnement operationnel sur les mat~riaux constitutifs des moteurs d'avion.

11 a &6 not6 que toutes lea techniques de lutte contre Is corrosion ne sont pas n~cessairement tr~s cofiteuses; le simple
fait de layer le fuselage et lea moteurs des aviona avec de I'eau douce et un ditergent 6vite le plus souvent les defaillances
provoqu~s par Ia corrosion. Dans le cas particulier de Is corrosion des moteurs, les prob~mes de degradation de surface
sont divers et comprerment I'oxydation i haute tempd6rature (le calansinage), ls corrosion i chaud, Is sulfuration, le
frottement et l'usure. L'ensemble de ces questions, sinai que des solutions incorporant lea derniires techniques, y compris les
revitements anticorrosion, ons 6ve examindes en cinq afances au cours des deux jours et demi de Ia reunion. 11 y a tout lieu de
croire que ces informations seront d'une grande utilit6 pour les organismes de maintenance des avions de I'OTAN.

La publication du compte-rendu de cette riunion de specialistes marque Ia fin des travaux de ce groupe.

John J. de Luccia
Chairnsan, Subcommittee on Corrosion
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HIGH TEMPERATURE SURFACE INTERACTIONS: OVERVIEW
by

Robert A. Rapp
Department of Materials Science and Engineering

The Ohio State University
Columbus, Ohio 43210 U.S.A.

SUMMARY

A novel mechanistic model is presented to explain and interrelate thd means for
vacancy annihilation, stress generation and scale adherence for cation/vacancy
diffusion-limited scale growth on a pure metal. Specifically, the climb into the metal
of a fraction of the intrinsic interfacial misfit edge dislocations accounts for
vacancy annihilation, ultimately leading to cooperative dislocation glide in both the
metal and the scale.

The hot corrosion of metals by thin fused salt films is treated in terms of
oxide solubilities, electrochemical experimentation, and corrosion mechanisms. The
chemistry of mixed sodium sulfate/vanadate melts, and the influence of vanadate on the
solubilities of oxides, are presented.

Temperature limitations to the protection of carbon/carbon substrates by Sic
conversion coatings are discussed. Specifically, the rate of vitreous silica film
growth on SiC, the partial pressures of SiO and CO at the SiC/sio2 interface, and the

conditions for active/passive volatilization of SiC are considered. The vapor
pressures for volatile iridium oxides as a function of temperature and oxygen pressure
are calculated.

Analyses and experimental verification of simultaneous chromizing/aluminizing
coating of Ni-base alloys in a chloride-aotivated cementation pack are explained.
These inwardly grown diffusion coatings promise improved resistance to thermal fatigue
and to hot corrosion.

1. INTRODUCTION

An overview of the corrosion of materials at elevated temperatures including
some mechanistic interpretation and methods for minimization of corrosion or coating of
materials, represents an imposing task which obviously cannot be treated extensively in
detail here. Therefore, I have chosen for consideration four different subtopics with
which I have been involved, as an indication of the status, opportunities, and problems
in high temperature corrosion. The areas discussed are:

1. Scale Growth on a Pure Metal by Cation/Vacancy Diffusion
2. Hot Corrosion of Materials
3. Protection of Carbon-Carbon Composites
4. Codeposition Diffusion Coatings by the Pack Cementation Method

2. SCALE GROWTH ON A PURE METAL BY CATION/VACANCY DIFFUSION

Ever since the earliest studies of oxidation, this subject has been one of
interest and importance. To predict the parabolic scaling rate for a pure metal
forming a dense, adherent one-phase scale, Wagner (1) needed only to assume that the
scale interfaces were in local equilibrium with the contacting gas and metal phases.
However a classic question for scale growth by cation/vacancy diffusion which has
endured (until recently), is the exact mechanism for the annihilation of vacancies at
the metal/scale interface. The relevant diffusional fluxes are indicated schematically
in Fig. 1. Previously, the assertion has been made that vacancies arriving through
the scale are annihilated by the climb of dislocations in the metal, or else by vacancy
condensation at grain boundaries or at second phase boundaries (alloy) in the metal
(2). Limited to these means, a perfect single crystal could not be oxidized unless it
generated dislocations or other vacancy sinks. Likewise, a simple calculation shows
that the dislocation density in an annealed metal is not adequate to support the
vacancy annihilation required for scale growth.

Last year, Pieraggi and Rapp (3) suggested a novel mechanism for vacancy
annihilation at the metal/scale interface which is consistent with the following known
(TEM) characterization of the locality:

1. epitaxial metal/scale relations, leading to excellent contact/adherence, at
the metal/scale interface,

2. local tensile stresses in the metal and compressive stresses in the scale
at the interface

3. locally high dislocation densities in the metal and the scale near the
interface.
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Figure 2 shows a computer-drawn schematic illustration of the positions for
metal atoms and cations in a dominant epitaxial arrangement for a particular (simple)
orientation for the growth of NiO on Ni. Consistent with the 18% larger cation spacing
in the oxide compared to the atom spacing in the metal, the equilibrium metal/scale
interface is comprised of a two-dimensional grid of intrinsic, misfit edge dislocations
of spacing s

° 
in Fig. 3a corresponding to approximately two extra atomic planes in the

metal for each 13 atom planes. As a means to annihilate vacancies while retaining
epitaxy, Pieraggi and Rapp (3) proposed that a crossed pair of the interfacial misfit
dislocations climb into the metal, while the residual misfit dislocation network
increases its spacing to a' as shown in Fig. 3b. This readjustment introduces elastic
tensile stresses in the metal and compression in the oxide at the interface. Continued
oxidation and vacancy annihilation drives the dislocation loops deeper into the metal
and activates the climb of other pairs of interface misfit dislocations, with an
associated increase in interfacial stress. Upon reaching some critical stress,
corresponding to a dislocation spacing of s' in Fig. 3c, one or both of two stress
relaxation processes would be activated:

1. glide of edge dislocations in the oxide, or
2. dissociation of the dislocation loops in the metal to provide glissile

partials which return by glide to the interface, and upon recombination,
enter the misfit dislocation grid in the interface.

Figure 4 illustrates schematically in two dimensions the progressive operation
of the interfacial misfit dislocations for the annihilation of vacancies. This
proposed mechanism is consistent with the known characteristics of the metal/scale
interface (listed earlier), and would provide the needed vacancy sinks even for the
scaling of a perfect single crystal. Unfortunately, direct TEM evidence for the
validity of this model would require interfacial lattice resolution in a heated stage,
which is not yet practical.

3. HOT CORROSION OF MATERIALS

The corrosive degradation resulting from the condensation or impingement
deposition of thin fused salt films on metallic hardware at elevated temperatures is
known as "hot corrosion". Consistent with the early suggestions of Bornstein and
DeCrescente (4,5) end Goebel et al. (6,7), high-temperature (Type 1) hot corrosion is
thought to involve an acidic or basic fluxing of the protective oxide on a metal or
alloy, and a reprecipitation of the oxide as non-protective particles in the salt film.
As illustrated schematically in Fig. 5, Rapp and Goto (8) suggested a negative
solubility gradient for the protective oxide in the fused salt film as a criterion for
sustained hot corrosion. The development of solid-state reference electrodes permits
the identification of local values for the oxygen activity and basicity (defined as -
log aNa 20) in fused Na2SO4 melts or related solutions, or even in fused salt films.

Recent measurements (9) have led to quantitative detervinations of the solubilities of
several oxides, and their dependencies on oxygen activity and melt basicity in fused
Na2 SO4 at 1200K, as shown in Fig. 6. The large separations in the solubility minima
between the protective acidic oxides Cr203 and Al203 and the basic oxides for the
metals Ni, co and Fe point to a problem of synergistic dissolution for multiphase
scales on high-temperature alloys. When the local salt basicity is found between the
solubility minima for two oxides, the oxide ions released upon the acidic dissolution
of the more basic oxide will serve as a reactant for the basic dissolution of the more
acidic (protective) oxide. Thus, the rate of dissolution of each oxide is accelerated,
as demonstrated recently by Hwang and Rapp (10). The threat of synergistic hot
corrosion emphasizes the importance for the elimination of low stability oxides during
the transient oxidation of alloys or coatings.

3.1 Reaction Trace During Hot Corrosion of Preoxidized Nickel

The two solid-state electrochemical probes have been attached to coupons of
nickel which were then preoxidized and subsequently exposed to thin films of fused
Na 2SO4 or related (chromate or vanadate) solutions in a S02/S03/02 gas phase (11). The
continuous indications of the average oxygen activity and basicity for the fused salt
film can be plotted onto the Na-Ni-S-O phase stability at 1200K as shown in Fig. 7.
For a 99% pure Ni coupon, after an initiation period of about 15 min., the oxygen
activity of the salt film dropped suddenly into a regime of NiS (and Na2S) stability,
and the film basicity increased significantly. During a period of rapid hot corrosion,
the local salt chemistry was found to remain on the basic side of the solubility
minimum for NiO, as indicated by the dashed line in Fig. 7. After rapid corrosion for
10 hours had consumed the coupon, the reference electrodes showed that the salt film
reached an equilibrium with the surrounding gaseous environment. Auxiliary SEX and
EDAX measurements have shown that sulfides were indeed formed at the metal/scale
interface when the salt film infiltrated the initial oxide scale to contact the metal.
The observed shift in basicity upon substrate sulfidation is consistent with the model
proposed by Goebel and Pettit (6).



1-3

The sustained basic dissolution/reprecipitation of NiO meets the negative
solubility gradient criterion of Rapp and Goto (8). This first measurement of a
"reaction trace" points to "cathodic overpolarization" as the primary problem in hot
corrosion. In Fig. 8, the solubility plot for NiP (12) is embellished with schematic
drawings of the solubility gradients expected for basic and acidic dissolution of NiO.
Clearly, only basic dissolution of NiP provides the negative solubility gradient needed
to sustain NiO precipitation in the salt film. Interestingly, the average salt film
chemistry was dominated by the substrate interaction, and not a gas phase
equilibration. When 99% pure Ni was provided with a much thicker initial oxide scale,
exposure to the fused Na2SO4 salt film in the So2/SO3/02 gas resulted in negligible

corrosion, and as seen in Fig. 9, the salt film chemistry remained on the acidic side
of the NiO solubility minimum. While the sulfidation of nickel was observed to
initiate sustained hot corrosion by a basic salt film, a very basic salt composition
was also found to support sustained hot corrosion of preoxidized nickel without the
occurrence of Ni sulfidation. Thus, the negative solubility gradient is a more general
criterion for sustained hot corrosion than is substrate sulfidation.

3.2 Sulfate/Vanadate Chemistry and Oxide Solubilities

Recently, Zhang and Rapp (13) measured and interpreted the solubilities of the
oxides HfO 2, CeO2, and Y203 in a sulfate/vanadate solution of 0.7Na2SO4/0.3NaVO 3 at

1200K. These oxides may find application as components in thermal barrier oxide
coatings for marine gas turbines exposed to the combustion products of vanadium-
contaminated fuels. Figure 10 provides a comparison of the solubility of Co 2 in pure

Ia2SO4 to that in the sulfate/vanadate solution. Obviously, the acidic solubility of

CeO2 in the mixed solution is much higher, leading to a shift in the solubility minimum

to a higher value at a more basic condition. Because this increased acidic solubility
is tied to the complexing of oxide ions by metavanadate ions to form orthovanadate
ions, an equivalent increased solubility in metavanadate melts must be expected for all
oxides. Hwang and Rapp (14) have analyzed the acid-base chemistry of sulfate/vanadate

solutions in order to interpolate and extrapolate the limited solubility measurements.
Figure 11 shows the calculated vanadate solute concentrations for an ideal sodium
sulfate/vanadate solution as a function of basicity. By use of these values, the
solubility of CeO 2 in any sulfate-rich, Na2so4-NaxVOy solution can be calculated, as

plotted in Fig. 12, upon the assumption of a constant activity coefficient for the
acidic Ca(V03) 4 solute. Thus, limited measurements of CeO2 in the 0.7 Na2SO4-0.3NaVO3

solution can be interpolated to predict the solubility for other sulfate/vanadate
solutions. Likewise, upon the assumption of the same activity coefficient for the
acidic solute of Cr203 in the sulfate/vanadate solution, as for the pure sulfate melt
(where the only solubility measurements exist), the solubility of Cr 203 in

sulfate/vanadate solutions can be predicted, as shown in Fig. 13. Obviously, these
assumptions about the solution thermodynamics should receive experimental testing. In
any case, the presence of even a small amount of vanadate solute in sulfate salt films
causes a significant increase in the acidic solubility of any oxide.

4. PROTECTION OF CARBON-CARBON COMPOSITES

4.1 Silicon carbide Coatings

The exceptional strength of carbon-carbon composites at very high temperatures
cannot satisfy potential applications unless coating systems are developed to prohibit
the outward diffusion of carbon, the inward ingress of oxygen, and the rapid growth or
excessive volatilization of the protective oxide scale (film). To date, Si-rich SiC
conversion (diffusion) or CVD coatings have sufficed for the demonstration of coated
C/C blades in dynamic tests for about 5 hrs. in a combustion product environment at
about 1760 C (3200 F). Figure 14 shows an extrapolation of the parabolic rate constant
data of Schlichting (15) for the growth of a protective vitreous silica film on SiC.
For the stated conditions (5 hrs. at 1760 C), about 5 microns of SiC would be converted

to Sio In the absence of other problems, including the doping of lower valent

impurity cations which reduces the silica viscosity and increases oxygen permeability,
Fig. 14 would present absolute minimal values for the thickness of an SiC coating to
protect C/C.

However, another problem is likely to intercede before scale growth becomes
excessive, namely, the generation of gases (bubbles) at the SiC/SiO 2 interface, as is

treated for 2000K (3141 F) by Fig. 15. The calculated isobars for the gases SiO(v) and

CO(g) along the sloping line for SiC/SiO2 coexistence reveal several important facts

(16). In equilibrium with carbon (three-phase equilibrium), the CO(g) partial pressure

equals 34 atm, enough to percolate gas through, and damage, the vitreous Si02 layer.

For the three-phase Si/SiC/SiO2 equilibrium, the vapor pressures for both SiO(v) and

CO(g) approximate only one atmosphere. With the consideration that some overpressure
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in required to initiate bubble formation, Fig. 15 is nominally consistent with the
stated 3200 F limit for Si-rich SiC coatings on C/C composites. In fact, a boride
compound is generally introduced into the carbon matrix to serve as a temporary
"inhibitor" to reaction via oxygen penetration through minor flaws in the protective
coating. The coated composite cannot withstand major flaws.

While the vaporization of silica at the outer interface in a highly oxidizing
gas is not a limiting problem, SiC or SiO2 can destructively volatilize in the absence

of an adequate oxygen flux to maintain silica growth. Wagner (17) originally described
the active/passive oxidation of liquid Si in He/O2 gas mixtures, and Hinze and Graham

(18) experimentally observed the active/passive oxidation of Si and SiC in Ar/02 gases.

Because of slow diffusion-limited arrival of oxygen to a substrate in an inert gas
containing only a small oxygen content, the loss of oxygen by Sio evaporation from SiO2
may not be supplied by an adequate arriving oxygen flux, leading to a progressive
reduction in the local oxygen activity at the silica/gas interface (see Fig. 15). In
the absence of the protective silica film, the rate of oxidation of an active SiC
substrate becomes equal to the rate of arrival of oxygen-a degradation rate which can
be orders of magnitude faster than passive silica growth at higher local oxygen
activities.

Recently, Narushima at al. (19) experimentally determined the critical oxygen

pressures in Ar/o2 gas mixtures to passivate pure dense CVD SiC at quite high

temperatures (1841-1923K). Their results are presented in Fig. 16. (oxygen pressures

are expressed in Pascals - 10
-5 

atm). The measured values for the critical transition
oxygen pressure are somewhat lower than previous measurements for less pure, less
dense, hot-pressed Sic, and the magnitudes and activation energy correspond best to a
condition of forming SiO 2 on Si-saturated Sic, again the condition for minimum total
vapor pressure of Fig. 15. According to the results of Narushima at al. (19), only a
serious interruption in the fuel combustion process would lead to active SiC
volatilization at the highest service temperatures.

4.2 Iridium Barrier Coating

As an alternative, future coating for carbon/carbon composites, one that avoids
the vitreous silica protective film and its associated problems, a coating based on
metallic iridium or an iridium alloy has been suggested. In that case, a refractory
metal carbide bond coat would separate the C/C substrate from the iridium, which is an
excellent barrier to both carbon and oxygen. On the other hand, the problem with Ir is
the relatively high partial pressures of its volatile oxides, particularly IrO2 (v).
Figure 17 is a plot of the maximum possible Ir recession rate resulting from the
volatilization for the sum of Ir (v), IrO (v) and IrO2 (vI as a function of
temperature and oxygen partial pressure (20). To exceed (or even approach) the 3200 F
temperature, clearly a thermal-shock resistant oxide overlay coating must be used to
protect the Ir both from erosion and from oxidation/ evaporation. Such an oxide
overlay coating will need to possess a controlled, directional porosity to withstand
thermal shock, so its function as a barrier to volatilization is only realized by the
maintenance of partial pressure gradients for oxygen and for IrO 2 (v) in the continuous

pores of the PVD overcoat oxide. Such a layered composite coating for the
carbon/carbon substrate has not yet been demonstrated.

5. CODEPOSITION OF CHROMIUM AND ALUMINUM BY THE PACK CEMENTATION METHOD

The coatings for turbine components deposited by physical vapor deposition
(evaporation, sputtering, plasma spray) are both expensive and subject to mechanical
damage by thermal fatigue. On the other hand, diffusion coatings deposited by a
halide-activated cementation pack method are less expensive, exhibit good adherence,
but suffer from limited control of composition. In particular, generally only
aluminizing is practiced for Ni-base alloys, but chromium is known as a necessary
coating component, especially for hot corrosion resistance. Therefore, the
simultaneous chromizing/aluminizing diffusion coating of Ni-base substrates is required
to provide improved inexpensive coatings. The composition range for Ni-Cr-Al alloys
which results in slow growing alumina scales is well known (21-23).

Thermodynamic calculations (24,25) show that the volatile halides (fluorides,
chlorides) of aluminum are much more stable than the corresponding chromium halide
vapors. Therefore, a halide-activated pack containing pure Cr and pure Al can only
aluminize. Likewise, any fluoride-activated pack can only aluminize. However, because
Cr-rich Cr-Al solid solutions exhibit significant negative deviations from ideal
thermodynamic behavior (26) packs comprised of specific combination* of Cr-Al
masteralloy powder and certain chloride activator salts provide comparable partial
pressures for the volatile chlorides of Cr and Al in the pack. Figure 18 presents a
computer-assisted evaluation of the equilibrium partial pressures of volatile species
in a pack activated by NaCl salt at 1273K. A Cr-Al masteralloy composition of about 10
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wt% Al provides the proper ratio of PCrCl2 to PAlCl such that both Cr and Al can be

codeposited into a Ni-base (or Fe-base) alloy. Similar, more complex, results have
been calculated for less stable chloride salts, including CrCl 2, FeCI2, NH4Cl, etc.
(25). For a 'ess stable chloride salt, the proper masteralloy composition for Cr/Al
codeposition is moved to higher Al contents. As is obvious from Fig. 18, the proper
pack conditions are quite sensitive to masteralloy composition and cannot be deduced by
trial and error.

In experimental tests of the theory, very good success has been achieved in
chromizing/aluminizing low-alloy steels (27), ferritic Fe-Cr steels, and austenitic
steels (28). In certain packs, a small content of a reactive element (Y, Ti, Zr) can
be introduced at the same time. For a few Ni-base superalloys, chromizing/aluminizing
has resulted in inwardly grown diffusion coatings with promising microstructures and
compositions. However, further detailed characterization and testing for hot corrosion
and cyclic oxidation resistance is required. This research is continuing.
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DEVELOPMENTS IN TEST PROCEDURES FOR HOT-SALT
CORROSION OF SUPERALLOYS

S R J SAUNDERS AND T B GIBBONS

DIVISION OF MATERIALS APPLICATIONS

NATIONAL PHYSICAL LABORATORY
Teddington, TNil OLW, UK

SUMMARY

It is important that the test procedures used to assess the resistance of superalloys
to hot salt corrosion should reliably simulate conditions expected in service and the
results should be capable of interpretation to provide a prediction of likely long-term
behaviour. Past experience has shown that the many test methods available have
frequently given conflicting measures of alloy performance and intercomparability
between test procedures has frequently been poor. As as result of extensive research in
Europe, much of which has been carried out within the COST Project, there is now a
better understanding of the critical factors that must be controlled to provide a
reliable and reproducible procedure and which gives corrosive attack similar to that
encountered in service. In particular, contaminant flux rate has been identified as a
key parameter. These activities are briefly reviewed and progress towards the
definition of a unified test procedure is outlined. Plans for a new international
intercomparison, organised under the auspices of VAMAS, to probe the validity of the
procedure are described.

INTRODUCTION

In assessing materials performance it is important to measure appropriate properties in
conditions relevant to the expected service environment. Considerable progress has been
made in many areas of materials science and engineering in moving away from simple
ranking tests to more sophisticated measurement procedures which give data of value to
engineers concerned with design, maintenance etc.

There are many test procedures available for assessing the hot-salt corrosion
resistance of superalloys for service in aero, marine, or industrial applications and
in the main these are simple ranking tests. However, past experience has shown that
when various test methods are used to rank alloys in terms of resistance to hot-salt
corrosion resistance there is frequently some conflict between the results obtained.
Tests that are available have generally been developed on an empirical basis and may
have been recommended by a material supplier with the performance of a particular alloy
in mind or by a user for a specific industrial application. On this basis therefore
consistency of ranking would not necessarily be expected when individual test methods
are used.

Recently there have been some significant developments in the general approach to
materials testing for corrosion resistance and as a result the need for better and more
harmonisad procedures for evaluating hot salt corrosion in gas turbine materials has
become evident. In the first place there is a greater tendancy, certainly within
Europe, tor research on high temperature materials to be carried out in a collaborative
fashion. Clearly agreed test procedures which are known to give reliable results are
essential to allow test programmes to be shared and data exchanged. Also designers are
becoming more aware of the need to allow for corrosion effects in component design and
particularly in situations where interactions between stress and the corrosion medium
can be expected to limit life in service.

In view of these requirements some effort has been made to develop an improved
understanding of the mechanisms involved in hot-salt corrosion attack, so that test
procedures can be defined and critical parameters controlled in the context of the
corrosion mechanism. In this paper the main features of the various test procedures are
briefly reviewed, the results of previous intorcomparlsone are considered and the
status of a new interomparison to test a draft test procedure developed within the
VAMAS programme is outlined.

LABORATORY TESTING PROCEDURES

The techniques available for evaluating resistance to hot-salt corrosion in the
laboratory can be grouped in three main categories viz

(i) crucible tests
(ii) furnace tests
(iii) combustion rig tests

The main features of each and the typical corrosion morphologies obtained will be
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described in this section.

(i) Crucible tests

This type of procedure involves immersion of specimens at an appropriate temperature in
a molten salt based on sodium sulphate, but with additions of other alkali metal
sulphates to form a low melting point eutectic mixture. The additions are necessary
because test temperatures are usually lower than the melting point of sodium sulphate.
In order to control the sulphidising potential (pS ) in the environment to that
characteristic of the combustion gas generated in serviTe it is desirable to bubble air
or oxygen containing SO /SO through the melt. The choice of the correct pS ensures
the stability of the suihae produced during the corrosion process and is parlicularly
important for Type II corrosion which depends on the formation of, for example, a
CoSO.Na SO4 eutectic which is stabilised by a relatively high p(SO ). Fig.1 8hows an
examle f the type of attack observed on IN738LC after exposur at 900 C to a
(K0 .1Na0.9 )2So4 salt mixture.

A major advantage of this type of test is that the rate of corrosion can be monitored
continuously by measuring the corrosion currant and no other test technique has this
capability. Also, the use of imposed potentials will accelerate the corrosion
reaction'- 2 

and it is claimed that in these conditions, alloy rankings correlate well
with service experience.

Frequently however corrosion product morphologies are different from those observed on
components in service suggesting that the crucible test involves corrosion processes
which do not occur in practice. Factors which would be expected to influence the
corrosion mechanism include initial salt composition and also the changes which occur
as a result of dissolution of corrosion products, eg chromia. Thus the extant to which
saturation and renewal of salt takes place is crucially important in the corrosion
process. The move to higher test temperatures consistent with the application of
advanced materials such as ceramics or intermetallics would eliminate the need for
additives in the initial melt but reduced levels of condensation may limit the degree
of corrosion attack.

(ii) Furnace tests

The Dean test
3 

which involves both evaporation and subsequent deposition of sodium
sulphate is probably the most appropriate furnace test and the atmosphere can be
controlled to give a pS typical of the engine environment. Other types of furnace test
involve pre-deposition 9f sodium sulphate and periodic renewal, the salt-shower test
or the use of a synthetic ash simulating that found on components in industrial
engines

5
. Fig.2 sows the corrosion morphology produced on IN738 after exposure in a

Dean test at 850 C.

Furnace tests do not require complex equipment and if the deposition conditions and
sulphidising potential of the environment are carefully controlled realistic assessment
of materials performance can be obtained. The major disadvantage is that it is
difficult to obtain deposition rates that simulate real engine conditions.

(iii) Burner Rigs

Most of the limitations of the crucible and furnace tests can be overcome with burner
rigs and, in particular, salt chemistry and deposition rate can be specified to
simulate most engine operating conditions. Also, it is relatively easy to impose an
erosion component on the degradation process and erosion is believed to be a
significant factor in some modes of engine operation. The simplest form of burner rig
is shown schematically in Fig.3 and equipment of this type can be readily operated in
the laboratory. However the ultimate burner rig is the gas turbine engine itself and
the more complex systems involving high velocity gases and high pressures approach this
ultimate configuration. The high velocity rigs are, of course, most suited to
corrosion-erosion testing. In general rigs are expensive to operate, are suited, in the
main, to short term exposures only and corrosion information cannot readily be obtained
during the test run.

INTERCOMPARISON OF TEST PROCEDURES

The various methods available for assessment of hot-salt corrosion resistance
frequently give conflicting results and there have been several attempts to compare
test pxocedures to provide a basis for comparison of data from different sources.

In 1970 the results of burner rig testing were compared for six different allrys in a
programme carried out by ASTM. The findings are summarised in Fig.4 for U500 and IN738
and although the average rates of attack were similar for both alloys there was a
considerable amount of variability especially for U500. Also the laboratories showing
the greatest rates of attack for U500 did not show a similar result for IN738. A
similar exercise was carried out in 1978 as pert of the COST5O programme, the European
Collaborative activity on gas turbine materials, and the results, for various burner
rig tests are shown in Table 1. Here it is evident that rankings can be vastly
different, depending on test conditions and the results for IN597 (Nimonic 101) clearly
illustrated the problem.
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DEPOSITION

In view of the variability in data obtained from test facilities for hot-salt corrosion
resistance some effort has been devoted at various centres in Europe to developing a
more detailed understanding of the mechanisms involved in order to provide an improved
basis for test-method development. A key issue was the rate at which Na SO deposited
on specimens in rig environments and deposition rates have been measurd for typical
operating conditions.

The results of work at NPL and at SNECMA are summarised in Figs.5 and 6 and it can be
seen that deposition rate increased with decreasing temperature and with increasing
sodium contamination consistent with simple dew point considerations. A high velocity
burner rig at CERL was used specifically to study deposition and a lnear rate of
deposition of Na SO was observed over a 25 h period at 690-890 C which was
inde8 endent of hl farm in which Na was adde% and of the target temperature between
790 C and 890 C but was 30% greater at 690 C. Deposition was directly proportional b
to Na content of the fuel up to - 20 ppm by weight and was not affected by the presence
of 3 wt ppm of Mg nor by an order of magnitude increase in carbon burden due to
incomplete combustion.

It was evident from this work that the rate of deposition was affected by the mass flux
of sodium in the combustion gas and to a lesser extent by the temperature but the
nature of the contaminant had little effect. This information along with other data on
the performance of burner rigs

6 
suggests that deposition rates were probably controlled

by mass flux of Na2 SOa through the burner rig and by the adhesive qualities of the
deposit. Deposition rafe is shown as a function of total mass flux in Fig.7 for several
burner rig facilities and it is evident that for the range of mass flux considered,
there was a close to linear relationship.

Thus it appears that mass flux of contaminant is a crucial factor in controlling
deposition and hence corrosion behaviour and this parameter may provide a unifying
basis for intercomparison of corrosion data. HanCock

7 
reached a similar conclusion and

also pointed out that control of contaminant flux was one of the key parameters in
achieving realistic simulations of engine service in laboratory tests, although the
final link to deposition rates was not considered in his analysis. Values of
conjemlnant flux rate for various engines were quoted, in the range 0.27 to 13 mg
cm h- , which were broadly consistent with those obtained for typical burner rigs
thereby confirming the relevance of rig testing.

SPECIMEN EVALUATION

The nature of corrosion processes is such that it is not uncommon to find a large
variation in the behaviour of samples and indeed from ares to area on the same sample,
and it is clear that this difficulty has confused the attempts to compare the behaviour
of materials on the basis of test results. Thus, in recommending improved test
procedures an equally important consideration must be to include in that recommendation
some guidance on the method of evaluating the results.

Nicholls and Hancock
8 

have proposed a statistical approach which is designed to deal
with variability in metal or coating loss typically encountered in corrosion testing.
The approach has been illustrated, for the case of coated materials, by Saunders and
Nicholls

6 
who showed that by using a cumulative distribution plot the probability of a

given coating loss could be calculated, Figure 8 shows the results of that analysis.
This procedure can be taken one step further by the use of extreme value statistics in
which only the maximum values of coating loss are considered. This will give a
distribution skewed to the right and if represented on probability paper a curve will
result. This model has a cumulative distribution FImax given by:

Fimax - (Xepe, e )

- exp - exp (-

where p and a are the extreme value location parameter and standard deviation,
respectrely. Ffgure 9 represents the probability of maximum corrosion found on a
coated sample where the deepest penetration actually observed was 99 Pm but a value of
114 pm is calculated using the extreme value approach outlined above. This method of
data analysis is particularly appropriate since a component lifetime is usually
controlled by a worst-case scenario.

NEW INTERNATIONAL INTERCOMPARISON

Underlying Principles

It is generally accepted that dynamic burner rigs represent the beat available test
procedure for assessing hot-salt corrosion resistance in superalloys but comparison of
results from different sources is difficult due to variations in rig design and to a
lack of a standard procedure. A further difficulty arises through inconsistencies in
measuring end reporting corrosion data. Accordingly an intercomperison programs,
involving burner rig facilities in the USA, Europe and Japan has been initiated as part
of the VANAS (Versailles Agreement on Advanced Materials and Standards), Project.
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In the first phase of this exercise the major operators of burner rigs have been
surveyed to determine the details of the operating conditions being used and the
dimensions of the working chamber. On this basis a set of recommended test parameters
has been derived and guidelines for operation of burner rigs have been produced. The
purpose of the intercomparison which forms the second phase of the programe is to
probe the validity of the recommended test procedure and to assess the extent to which
a similar degree of corrosion attack will be achieved for a harmonised set of test
conditions. The concept of the contaminant flux rate is seen as the critical unifying
parameter providing a basis for the intercomparison of data.

Test conditions and participants

The materials to be used will be IN738LC and Rene 80 and each will be assessed in the
uncoated and coated condition. For IN738LC the coating will be the platinum aluminide
RT22 and ATD2B (Co, 21Cr, 1OAl, 0.3Y) will be used on Rene 80. Tests will be carried
out at 700 and 900 OC to examine both Type II and Type I corrosion attack and durations
of 500 h with temperature cycling to room temperature at ten-hourly intervals are
recommended. Continuous additions of 2 se salt will be made to the combusio
environment to give a flux of 13 mg cm h equivalent to a sodium flux of 4 mg cm h
in the combustion gas, assuming no deposition within the combustor.

An important feature of the procedure is an assessment of deposition rate and deposit
chemistry and platinum or alumina pins will be exposed in the test environment to
enable the deposit chemistry to be determined.

Full details of the test conditions are given in the Guideline Document
9
.

Assessment of corrosion attack

A key feature of the intercomparison will be the statistical analysis of the degree of
corrosion attack along the lines discussed earlier. Specimens will be examined and
weighed at each shut-down period and, on completion of the exposure, one sample will be
used to obtain a full analysis of corrosion product chemistry. The remaining samples
will be sectioned and examined for section loss at three points along the length with
twenty-four radial measurements being made on each section. The measurements will
indicate:

- loss of section
- general internal attack
- grain boundary attack
- position and depth of maximum attack
- thickness of coating remaining (coated samples)

It is considered that an accuracy of ± 5 pm will be required bearing in mind the errors
involved in measurement systems and in preparation but modern measuring equipment can
achieve repeatability of ± 2 m.

These measurements will then be used in a full statistical analysis to give comparable
assessments for each burner rig system.

'.tput

The VAMAS Guideline Document will be modified as necessary in the light of the results
of the intercomparison and the revised document will serve as a basis for a Code of
Practice for hot-salt corrosion testing. Also testpins remaining after the programme is
complete will be available as reference specimens for calibration of test conditions in
burner rigs and other test facilities.

CONCLUSION

The correlation between contaminant flux rate and deposition has provided the basis for
rationallsing test procedures for assessing the hot-salt corrosion resistance of
superalloys. This advance along with improvements in the methods of evaluation of
corrosion attack will result in a more quantitative approach to the assessment of alloy
behaviour and more valid design data.
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TABLE I Comparison of Relative Corrosion Resistance
of Four Alloys in Various Burner Rigs

Corrosion Resistance*

NPL SNEC4A SULZrR
Low-velocity

rig Low-velocity Nigh-velocity
Alloy 850 °C rig rig,

0.16% S + 850 C 850 C
500ppm seawater 0.4% S 5ppm Na

5ppm V

200 h 1400 h 0.25% S 0.25% S +
data data only 5ppm NaCI

IN597 2 4 3 1 1

IN738LC 1 2 2 2 2

IN713LC 3 1 4 3 3

INO0 4 3 1 4 ND

*1 . best
ND . not determined
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Fig 1: Type I corrosion morphology Fig 2: Type I corrosion morphology
IN738LC after 450h in in bN738LC after 800h at
(Na I )2 so4  melt: 900 C in CERL Dean Test;
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Fig 3: Schematic crooe-section of simple burner rig.
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THE EFFECTS OF A COMPRESSOR REBUILD ON GAS TURBINE ENGINE PERFORMANCE: FINAL RESULTS

J.D. MacLeod Major J.C.G. Laflamme
Research Officer 421 Tactical Fighter Squadron
National Research Council Canadian Forces Base
Montreal Rd, Building M-7 Baden-Soellingen

b Ottawa, Canada, KlA 0R6 Federal Republic Germany

SUMMARY

The Canadian Department of National Defence, in conjunction with the Engine Laboratory
of the National Research Council Canada (NRCC), initiated a project for the evaluation
of gas path coatings on the Allison T56 engine. The objective of this work was to
evaluate blade coatings in terms of engine performance effects and material durability.
The project included a study of the influence of rebuilding the compressor on perfor-
mance, since dismantling and rebuilding was required for the coating process.

This paper describes the compressor rebuild study, including the overall objectives, the
test set-up, the performance effects, and the uncertainty of the measured results. The
impact of this work on the coatings project is also documented. This paper is an
updated version of a paper (Reference i) presented at the 71st AGARD Propulsion and
Energetics Panel Symposium on Engine Condition Monitoring - Technology and Experience.

1.0 BACKGROUND

In 1983, the Canadian Department of National Defence expressed serious concerns over the
rapidly escalating cost of operation and maintenance of aircraft gas turbine engines.
The components of major concern were compressor and turbine blades and vanes. The
increasing rate of rejection of these items during overhaul prompted a reassessment of
the time between overhaul periods for certain engine types.

The blades and vanes of gas turbine engines are susceptible to deterioration as a result
of erosion and corrosion. The deterioration (increased surface roughness, loss of
material, and alteration of aerodynamic profile) manifests itself in terms of reduced
stall margin and lower performance, characterized by poorer fuel economy and increased
operating temperatures. The T56 engines used in the C130 Hercules and the CP140 Aurora
aircraft have proven susceptible to this type of deterioration.

Recently, advances have been made in the state of the art in blade coating technologies.
In addition to offering erosion and corrosion protection, these new "super smooth"
coatings are claimed, by their manufacturers, to offer significant aerodynamic perfor-
mance improvements. Modern blade coatings have not previously been qualified on T56
engines. Since smoothness effects are a function of blade Reynolds number, which is
dependent on engine size and speed, claims based on evaluations on other engines were
not satisfactory. Thus, there was a requirement to undertake an analytical and
experimental engine testing program to identify and quantify the effects of coating a
compressor.

As the program involved considerable, high-accuracy engine testing, the Canadian Forces
requested the support of the National Research Council of Canada to undertake this
evaluation and qualification. While the engineering documentation (blade frequency
response, durability testing, surface finish, etc.) and the material characteristics
study were assigned to the Materials Laboratory, the Engine Laboratory was requested to
perform a performance evaluation on a coated engine. The Engine Laboratory has actively
supported the development of military aero engine performance monitoring and fault
isolalion procedures. Current projects are aimed at correlating changes in gas turbine
component and overall engine performance to physical degradation in the engine.

The Engine Laboratory was requested to evaluate the effect of coatings on engine perfor-
mance and efficiency, and make recommendations for subsequent widespread use of coatings
for operational application on the T56 and other gas turbine engines.

Since the compressor must be disassembled in order to be coated, it was deemed necessary
to isolate the effect on performance of the rebuild from that of the coating. To
achieve this, a program comprising three consecutive rebuilds was established which
would quantify the portion of any performance shift which was not attributable to the
coating itself. The assessment of the results from this rebuild program forms the basis
of this paper; the specific objective is to establish the magnitude of the change in
compressor and overall engine performance which was caused by the disassembly/reassembly
of the compressor during overhaul.
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2.0 EXPERIMENTAL INSTALLATION

To properly assess the various effects of a compressor rebuild on the performance of a
gas turbine engine, a sophisticated test set-up, with specialized instrumentation was
required. A description of the engine, instrumentation and test facility used for this
assessment is included to illustrate the complexity of this project.

2.1 ENGINE DESCRIPTION

The test vehicle for this rebuild study is an Allison T56-Al4LrE single spool turboprop
engine from a CP-140 Aurora patrol aircraft. This engine is an excellent candidate for
this study because it has no variable geometry or transient bleed valve operation that
might vary the back-to-back performance of the engine. The T56 engine has a fourteen
stage compressor, with bleed valves which are only open below the idle speed, a six can
combustor, and a four stage turbine. The single shaft is coupled to a reduction gearbox
mounted forward of the compressor. For the NRCC tests, power was transmitted through
the gearbox to a flywheel and a Froude waterbrake dynamometer, which replaced the
propeller used on the aircraft. A schematic diagram of the engine test set-up is shown
in Figure 1. The figure illustrates how the engine, gearbox, dynamometer, and inlet
duct were arranged in the test stand.

The engine control is one of a constant speed design using a governor to maintain a
constant rotor speed of 13820 RPM. Power is controlled by setting the turbine inlet
temperature with the power lever angle.

2.2 INSTRUMENTATION

Instrumentation used on the T56 was divided into two categories, external, and internal.
The external instrumentation included a high Mach number airmeter in front of the
engine, compressor inlet pressure and temperature rakes, a tailpipe airmeter mounted
after the turbine, vibration sensors on the engine carcass, and turbine-type fuel
flowmeters. The high velocity airmeter facilitated accurate flow measurement because of
the large local difference between the total and static pressure. A diffuser mounted
behind the airmeter reduced the airspeed to normal engine inlet conditions. The
internal instrumentation consisted of total temperature and pressure probes in every
stage of the compressor, as well as, compressor discharge and turbine inlet pressure
and temperature rakes. With this degree of instrumentation, it was possible to monitor
not only the condition of the overall engine, but also the performance of its major
components, and the individual compressor stages. This report is limited in scope to an
assessment of the data collected for the overall engine and its major components.

The data were recorded using a NEFF 620 data acquisition system controlled by a DEC PDP
11/34 computer. Measurement uncertainty estimates were available for the complete
instrumentation package. Complete methodology for the fuel flow has been documented
(Reference 2).

2.3 TEST FACILITY

The test cell used for the rebuild testing at the Engine Laboratory NRCC, at Ottawa,
Canada, was Cell No. 2. Ambient air enters vertically from the roof through a
retractable door. The planar dimension of the cell is a constant 4.6 x 4.6 metres
throughout the test section. Engine exhaust and the entrained secondary airflow egress
from the cell through a collector/augmentor tube to a vertical stack that discharges to
the atmosphere. There is no acoustic attenuation in the inlet or outlet of the test
cell. The entire cell is constructed of heavy reinforced concrete. The walls are
covered with a 100 mm thick acoustic barrier to minimize noise propagation. The
control, observation, and data acquisition room is located on the starboard side of the
cell. An operator's window and a closed circuit television camera permit visual
monitoring of the engine.

3.0 SUMMARY OF TESTING AND REBUILD PROCEDURES

in an attempt to isolate the effects of a compressor rebuild by monitoring small
thermodynamic performance changes, a highly structured test plan was required. To
achieve this goal, a test sequence was established which would best suit the require-
ments of the rebuild study, based on the knowledge of how the rebuilds were to be
performed.

3.1 TEST SEQUENCE

To establish the effects of rebuilding the compressor on overall engine performance, a
comparison of the results of three rebuilds was chosen. A larger sample would have been
preferred, however, there were significant cost and time constraints on the project.
The T56-A-14LFE engine chosen for the testing had no flight hours, in order to develop a
legitimate 'as-new" baseline. Baseline testing of the engine was performed to establish
the "as-received" condition of the engine. Performance signatures of the overall engine
and all its individual components were then quantified.

In the experimental program, the engine was run at a fixed, aerodynami~ally-corrected
rotational speed to provide a common basis for comparison, le. the mechanical speed of
the engine was adjusted using the dynamometer, as a function of the ambient temperature.
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The procedure used for each test run established a series of increasing power settings,
for a given corrected rotor speed. At each power setting, the engine was allowed to
stabilize for five minutes, then two sets of data were recorded. Typically, up to six
power settings (12 data points) were recorded for each test. Several different
corrected speeds, ranging from 13,000 to 14,500 RPM were run to assess the effects of
corrected speed on any performance changes.

After the baseline testing was completed, the engine was sent to the overhaul contractor
to be disassembled and rebuilt following normal procedures. On return to NRCC, the
engine was retested using the same procedures utilized in the baseline tests. Following
this testing, the engine was sent for the second rebuild, returned, and retested. This
process was repeated for a third rebuild.

3.2 REBUILD PROCEDURE

The disassembly procedure entailed the removal of the turbine and combustor modules,
leaving only the compressor. The compressor casing was then removed from the rotor, and
the stator vanes were then detached from the casing. The rotor discs were unstacked and
all the individual blades were removed. During removal, each blade was numbered, so
that it could be returned to its original position upon reassembly. After disassembly,
each piece underwent a petroleum solvent wash followed by an inspection to insure that
no parts were damaged. Corrugated seals for stator vane segments were not replaced, nor
were labyrinth seals reworked. Measurements of critical dimensions such as blade tip
clearances, vane axial clearances, and rotor balance condition were recorded before
disassembly and after reassembly. During the first rebuild, these measurements revealed
that the axial clearance between the rotor and stator of several stages was out of
tolerance. This may have occurred because of shifting during operation or improper
assembly of the original build by the manufacturer. During reassembly, the clearances
were set within the specified tolerances.

Upon reassembly of the compressor case, the stator vane axial clearances were set. The
rotor blades were replaced in the same numbered order, and their balance checked. The
entire compressor was then mated with the combustor and turbine modules, and a
functional test was performed. The engine was then returned to NRCC for testing.

4.0 DATA PRESENTATION

Data recorded during a test were stored in basic engineering units so that observers
could visually check the data quality as the test progressed. After a test was
completed, the data were normalized, and used to calculate performance parameters such
as, pressure and temperature ratios, corrected air and fuel flow, etc. These performance
parameters were then curvefitted to quadratic equations, using a least squares method.
The independent variable for curvefitting engine data was corrected turbine inlet
temperature. Comparisons between various test runs were then made using the curvefitted
values of each parameter. All data presented in this study were taken at 100 percent
corrected rotor speed, or 13,820 RPM. For curvefit comparisons, the reference value
used for the corrected turbine inlet temperature was 2200 degrees Rankine (1220 Kelvin).
To facilitate comparisons with manufacturer's data, the performance parameters are
presented in the U.S. Inconsistent system of units (Reference 4).

4.1 EFFECTS OF AMBIENT CONDITIONS

The NRCC test cell has no provision for controlling the ambient inlet air temperature.
The engine was therefore operated over a wide range of temperatures experienced over the
Canadian seasons. All performance data were corrected to standard day reference
conditions for comparison. Previous experience at NRCC (Reference 5) and other test
facilities (Reference 6), suggests that the normal standard day corrections do not
ensure that the data will collapse to a single curve. Since temperature lapse rate data
were not available for all of the parameters being considered in this study, test lata
presented here were all recorded at similar ambient temperature conditions.

The use of the long inlet duct on the T56 (Figure 1) causes a significant pressure loss
and distortion at the compressor face. This pressure loss simulates an altitude of
nearly 500 metres and a ram pressure ratio (compressor inlet total pressure divided by
the static pressure at the exhaust exit plane) of approximately 0.97. The effect of
ram pressure ratio on output power is accounted for using the manufacturer's procedures
(References 7 and 8). However, there are no guidelines for any other parameters which
may be affected by the ram conditions.

Since huimidity affects the thermodynamic properties of the engine cycle, the following
atmospheric limitations were observed to avoid crndensation in the inlet air stream and
minimize performance corrections (Reference 3):

maximum relative humidity: 75%

maximum absolute humidity: 14 g water per kg of air.

5.0 TEST RESULTS

For this study, fourteen performance parameters were chosen to describe the condition of
the engine for each power setting. The selection of appropriate parameters was made to
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analyze the performance of the overall engine and of its individual components, namely
the compressor, combustor and turbine. To assess the compressor behavior, isentropic
efficiency, corrected airflow, corrected speed, and compressor pressure and temperature
ratios were examined. For combustor performance, combustor pressure and temperature
ratios were analyzed. Isentropic efficiency was picked as a suitable parameter to
describe the performance of the turbine. Corrected fuel flow, corrected output power,
and specific fuel consumption were chosen to define overall engine behavior, as were
engine temperature and pressure ratios. Corrected torque was added as a redundancy
check on corrected output power.

Most of the performance parameters chosen for this study are commonly used in the
existing literature (Reference 9). However, on the T56 engine, the presence of both
turbine inlet temperature and pressure provided several additional parameters which are
normally excluded from many engine test results. Combustor pressure and temperature
ratios and turbine efficiency are notable examples of such additional parameters.

Since only the compressor was disassembled during the rebuild sequence, the strongest
emphasis was in monitoring changes in the compressor performance and in turn, the
effects on the overall engine performance. Combustor and turbine performance are
included to see if a change in compressor operation affects any of the downstream
components.

5.1 DATA QUALITY

There are many indicators of the data quality in any given set of engine test results.
Influences of the test facility on engine operation are best typified by plotting the
inlet and exhaust pressures, and temperatures as a function of power setting. Indica-
tions of engine thermal stability may be detected by observing the repeatability of the
readings of engine spool speed and temperature and pressure ratios throughout the
engine.

For this study, the quality of the data for each test was determined by the back-to-back
repeatability of each of the performance parameters. This was done by comparing the
deviations of the individual data points from the curvefitted quadratic equations
derived from the data. A mean value of the deviation of the data from its curve was
used to estimate the repeatability of each parameter within each test.

To establish the quality of the data recorded within each rebuild-test sequence, an
analysis of the run-to-run repeatability was performed. This analysis consisted of
comparing curvefitted test data recorded under the same ambient conditions during the
same rebuild sequence. A mean deviation between the curvefits of each of the perfor-
mance parameters was then used to define the repeatability within each rebuild.

An estimate of the overall repeatability of each of the parameters was accomplished by
combining the back-to-back and run-to-run repeatabilities. With these estimated
uncertainty values, a true comparison of the build-to-build effects would be carried
out.

5.1.1 mACK-TO-BACK REPEATABILITY

For each power setting during a test, two complete scans were recorded by the data
acquisition system. To assess the back-to-back repeatability, the values of these
recorded points were compared to the values of the curvefit generated points at a
specified corrected turbine inlet temperature. This procedure gave an indication of how
close the repeated data points were to each other, and the "goodness" of the curvefit to
the actual data points. These deviations are shown in Table 1 for the baseline tests
and the first, second, and third rebuilds. A representative sample of the back-to-back
repeatability of compressor efficiency and corrected output power are shown in Figures 2
and 3, respectively.

The compressor efficiency (Figure 2), corrected air and fuel flows (see Table 1) all
show very tight repeatability (*0.02% to 10.11%) for all four cases. The compressor
pressure and temperature ratios also indicate very small deviations from the curve
(*0.01% to *0.09%), as do the combustor pressure and temperature ratios (*0.01% to
*0.07%), and the engine temperature ratio (10.06% to ±0.18%). The corrected output
power (Figure 3) and specific fuel consumption reveal a larger scatter (10.28% to
*0.38%), especially during the second rebuild (*0.49% for SFC). The turbine efficiency,
engine pressure ratio and the corrected torque also display some noticeable data scatter
(*0.14% to 10.39%).

The deviation in the corrected output power and specific fuel consumption are to be
expected because each of these parameters were calculated from two or three measured
quantities. The scatter in the turbine efficiency is also expected because it is
calculated using an approximate value for the specific heat ratio within the turbine.
In addition, the turbine efficiency is an inverse parabolic function, which may not be
conducive to a least squares quadratic curvefit.

5.1.2 RUN-TO-RUN REPEATABILITY

Within each rebuild test sequence, at least three complete runs were recorded for each
corrected rotor speed condition. Having established the agreement of the test data
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with the generated curvefits, the next step was to determine how well these curves
collapsed within each rebuild. To evaluate the run-to-run repeatability of the data
within each rebuild, the values of curvefitted data were compared from at least two runs
taken at similar ambient conditions. These deviations within the rebuilds are shown in
Table 2 for the baseline, and the three rebuilds. Unfortunately, during baseline
testing, no two tests were performed at or near the same inlet temperature, so the
repeatability figures for the baseline (Table 2), represent the average of the repeat-
abilities of the first and second rebuilds. For compressor efficiency and corrected
output power, the repeatabilities from the second rebuild can also be seen in Figures 2
and 3.

Close examination of the run-to-run repeatability results (see Table 2) showed that
compressor efficiency (Figure 2) and corrected airflow were reasonably close (*0.15% to
*0.24%). Corrected fuel flow displayed a slight aberration during the second rebuild
(*0.41%), as did specific fuel consumption during the third rebuild (*0.54%). The
corrected output power (*0.45%) and the corrected torque (*0.41% to *0.52%) revealed
significant scatter within each rebuild (see Figure 3). Compressor pressure and
temperature ratios were extremely repeatable (*0.05% to *0.08%), as were the combustor
(*0.02% to *0.07), and engine pressure and temperature ratios (*0.07% to *0.14%). The
corrected speed (*0.02% to *0.18%) and the turbine efficiency (*0.05% to *0.16%) were in
close agreement.

Certain parameters, such as turbine efficiency and engine pressure ratio had better
run-to-run repeatability than back-to-back repeatability. In the case of turbine
efficiency, this anomaly presumably results from difficulties in representing the
uniquely shaped efficiency function with a quadratic equation.

5.1.3 COMBINED REPEATABILITY

Before a comparison of the rebuild data could be made, it was necessary to establish the
overall or combined repeatability of the data from each rebuild. Since the same
equipment, instrumentation suite, data system, and facility were used for each test, it
is unlikely that the measurement bias errors would have changed. Thus the population of
observed measurements taken at the same environmental conditions for a given engine
build would be combined to form an overall datum with a defined data scatter. If when
compared to the data taken under similar environmental conditions for an engine rebuild,
there is a shift outside the scatter band, then a performance shift would be deemed to
have occurred. A statistical approach using the methods described in Reference 10 was
used to calculate expected bias and preelsion errors, and the measurement uncertainty
for this experiment. These results are shown in Tables 1, 2 as expected random error.
This information was compared to a more basic method using the observed repeatabilities.
To accomplish this, a worst case scenario was assumed. In other words, it was assumed
that both the back-to-back and run-to-run repeatabilities were acting in the same
direction within each rebuild, and opposing each other across each rebuild. Therefore,
the overall measured repeatability for each parameter would be the sum of all four
observed repeatability figures (from Tables 1 and 2), between the baseline and its
corresponding rebuild. For example, from Tables 1 and 2, the overall repeatability for
compressor efficiency during the first rebuild would be,

(*0.020) + (*0.06%) + (*0.21%) + (*0.24%) = *0.53%.

More probably, the data scatter would be calculated using the root-sum-square, which in
this case, the observed repeatability in compressor efficiency would be only *0.33%.
Thus, the method chosen to define the overall repeatabilities for this rebuild study
always over-estimates the more appropriate statistical value.

Since the first rebuild becomes the new baseline for the second rebuild, and the second
rebuild Somes the new baseline for the third, the overall repeatabilitles will be
slightly different for each cross-examination of rebuild data. A complete list of the
overall repeatabilities for each of the parameters, for all three rebuilds are given in
Table 3.

For the first rebuild, several parameters such as, compressor efficiency, corrected
airflow and fuel flow, turbine efficiency, and engine pressure ratio, all exhibited
overall repeatabilities of approximately *0.50%. Other parameters such as, corrected
speed, compressor and combustor pressure and temperature ratios, and engine temperature
ratio, had overall repeatabilities ranging from *0.16 percent to *0.32 percent. By far
the 3argest overall data scatter appeared in the corrected output power (*1.44%),
specific fuel consumption (*1.25%), and the corrected torque (*1.67%). The majority of
the scatter in specific fuel consumption was attributed to the output power term. The
corrected torque indicated some speed dependence which was acrounted for in the output
power measurements. The overall repeatabilities for the second and third rebuilds were
very similar to those of the first rebuild.

In general, the quality of the test data for the baseline, and the three rebuilds
appeared to be very good, with the possible exception of output power. Overall, the
test data recorded for the rebuild study were considered to be of sufficiently good
quality to be used for an accurate comparison.
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5.2 COMPARISON OF REBUILD DATA

Having established the overall repeatabilities of the performance parameters selected
for the rebuild evaluation, one representative test run from each rebuild was compared
to its corresponding baseline. The observed shifts in the various performance para-
meters are given in Table 3. Several of these shifts are shown graphically in Figures 4
through 8. The results of each rebuild are discussed separately.

S.2.1 FIRST REBUILD RESULTS

To assess the various effects of the rebuild, the engine and its individual components
were considered separately. The effects on compressor performance were noticed in the
compressor efficiency (Figure 4), which showed an increase of 1.2% from the baseline
value. This increase was double the pessimistic repeatability of the measured para-
meter. Corrected airflow (Figure 5) showed an increase of 0.77% from baseline to the
first rebuild, which was also larger than the repeatability. The compressor pressure
ratio (Figure 6) increased by 1.3%, which was nearly five times the estimated repeat-
ability. The shift in the compressor temperature ratio was of the same magnitude as its
uncertainty.

It was interesting to note that the performance of the combustor was also affected by
the compressor rebuild. The combustor pressure ratio (Figure 7) decreased by 1.0%,
which is significantly larger than its repeatability. This phenomenon is not entirely
unexpected because earlier work (Reference 11) had suggested a direct relationship
between the combustor pressure loss and the flow function at the compressor exit. In
this case, the compressor exit pressure increased more than the airflow, thereby
decreasing the flow function at the compressor exit. The effect on the combustor
temperature ratio (-0.20%) was negligible, as was the effect on the turbine efficiency.

As far as overall engine performance was concerned, an increase of 0.73% was observed in
the corrected fuel flow. Shifts in the corrected torque (+1.5%) and corrected output
power (+0.79%), shown in Figure 8, were measured, but they were within the overall
repeatability band. The specific fuel consumption, showed no shift because both fuel
flow and output power shifted about the same amount and in the same direction.

5.2.2 SECOND REBUILD RESULTS

For the second rebuild, the first rebuild was used as the new baseline for comparison.
The observed shifts in the performance of the engine and its components were very
similar to the first rebuild. The compressor efficiency (Figure 4), showed a decrease
of 0.84%, which was larger than the estimated repeatability. The corrected airflow
(Figure 5) only decreased by 0.23%, which was less than the repeatability. The
compressor pressure ratio (Figure 6) also decreased, this time by 1.3%, definitely
beyond the measurement repeatability limits. The compressor temperature ratio remained
unchanged.

As in the first rebuild, the combustor pressure ratio (Figure 7) was affected by the
changes in compressor performance. An increase of 0.52% was observed in the combustor
pressure ratio, which is well above its repeatability estimate. An increase in the
compressor exit fluw function, resulting from the compressor exit pressure decreasing
more than the airflow, could be the cause of this behavior. The combustor temperature
ratio was again unaffected by the rebuild, as was the turbine efficiency.

Concerning the overall engine performance, the corrected fuel flow, decreased by 1.4%,
which is more than twice the established repeatability. Decreases in corrected output
power (Figure 8), specific fuel consumption, and corrected torque (-0.76%) were
observed, but these shifts were all within the projected repeatabilities for these
parameters.

5.2.3 THIRD REBUILD RESULTS

For the third rebuild, the second rebuild was used as the new baseline for comparison.
The observed shifts in the performance of the engine after the third rebuild are
noticeably smaller from the first and second rebuilds. The compressor efficiency
(Figure 4), showed an increase of only 0.31%, which is less than the estimated repeat-
ability. The corrected airflow (Figure 5) increased only negligibly, while the
compressor pressure ratio (Figure 6), and temperature ratio shifts were within the
repeatability limits.

The only parameter that appeared to be affected by the third rebuild was the combustor
pressure ratio (Figure 7), with a decrease of 0.40%. This shift is twice the estimated
repeatability for that parameter. A change in combustor temperature ratio (+0.25) was
noted, however, this shift was of similar magnitude to the ov-rall repeatability. No
change occurred In the turbine efficiency during the third rebuild.

Regarding the overall engine performance, the corrected fuel flow increased only 0.14%,
while the corrected output power (Figure 8), decreased 0.52%. Changes in the corrected
torque (-0.64%), and specific fuel consumption (+0.58%) were less than their predicted
repeatabilities. The engine pressure and temperature ratios were similarly unaffected.
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5.3 DISCUSSION OF THE REBUILD RESULTS

The results of the three rebuilds were compared assuming the overall repeatability was
the worst combination of all of the back-to-back and run-to-run repeatabilities. A
comparison (Table 1) of the back-to-back measured repeatability to the expected random
error, which is twice the estimated precision error, shows very close agreement on most
parameters, with the exception of torque. The run-to-run repeatability was shown (Table
2) to be slightly greater than the expected random error, indicating some portion of the
bias error was included. On most parameters, the overall repeatability was found to be
more pessimistic than the estimated uncertainties (Table 3) calculated'using he methods
described in Reference 10.

The actual cause for the observed shifts in the performance parameters is open for
speculation. During the first rebuild, axial clearances were slightly altered between
the rotor and stator of several of the compressor stages. In addition, inspections of
critical internal gas path dimensions made before and after each rebuild (References 12,
13, and 14) suggest that the compressor internal geometry changed slightly, albeit
within the manufacturers specified tolerances. These minor geometry changes include
seal clearances, blade tip clearances, and stator position.

An investigation of the blade tip clearances measured during the rebuild processes
provided some insight as to potential causes of the observed performance shifts. After
the first rebuild, the measured tip clearances had decreased on 13 of the 14 stages
within the compressor. The latter stages of the compressor were affected the most,
where the flow area is smaller. This decrease in tip clearance would explain the
increase in compressor efficiency observed after the first rebuild.

After the second rebuild, 9 of the 14 compressor stages showed an increase in tip
clearances, which resulted in a decrease in compressor efficiency. The results of the
third rebuild show that 50% of the compressor stages had an increase in tip clearance,
while 50% experienced a decrease. These clearance changes were well mixed within the
compressor, thus the change in compressor efficiency and all other engine parameters was
small. Although these clearance changes are very small, the random combination of them
may cause the compressor performance to shift sufficiently for laboratory
instrumentation to detect it.

6.0 CONCLUSIONS

In setting up a project to quantify the effects rebuilding the compressor has on the
performance of a gas turbine engine, there is always some difficulty in defining
statistically measurable performance shift. The data presented here for the Allison T56
engine, illustrates that while some parameters have reasonably large repeatabilities
associated with them, others have quite small limits, which makes them ideal for
measu:-ing important but small changes in performance.

The results of the rebuild study to date have indicated that performance shifts from
simply disassembling and reassembling a compressor are measurable. The most significant
shifts appear in parameters such as compressor efficiency, corrected airflow, compressor
pressure ratio, corrected fuel flow, and combustor pressure ratio. The latter parameter
is affected because of a change in the exit conditions of the compressor.

The effects of a compressor rebuild are, apparently, statistically random. After the
first rebuild, the compressor performance improved, while following the second rebuild,
the compressor performance deteriorated. The results of the third rebuild showed only
minute changes in performance. These effects are consistent with variations in
compressor tip clearance measured. Whether or not these three rebuilds have shown the
full extent to which the performance may change is unknown. A much larger statistical
sample would be required to completely determine the limits of the performance effects.

The impact of the rebuild study on the compressor blade coating is important. To the
users of coated engine parts, the performance parameters of most concern are output
power and specific fuel consumption. The repeatabilities associated with these para-
meters are larger than most other parameters and thus only gross shifts could be
detected. The %ame may be said for engine health monitoring (EHM) testing, where faults
are implanted in engine components to detect performance changes. Improved instrumenta-
tion, test techniques and correction methods (ambient temperature) are being pursued
because of the importance of these applications.

7.0 RBCOMNENDATIONS

It is cecommended that more attention should he paid to the effects of temperature
variation on the T56 engine. This would allow a larger supply of data from which a more
confident set of repeatability estimates may be obtained. Until such time, data should
only be compared when it has been recorded at the same ambient temperature conditions.

When analyzing data taken from the blade coating project and/or implanted fault studies,
the effects of the rebuilding of the compressor should be considered. This implies
increasing the uncertainty interval on certain parameters when comparing data taken
across a compressor rebuild.
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TABLE 1: BACK-TO-BACK REPEATABILITY

PARAMETER DEVIATION FROM CURVE (%) EXPECTED
RANDOM

BASELINE FIRST SECOND THIRD ERROR
REBUILD REBUILD REBUILD (%)

Compressor efficiency *0.02 *0.06 *0.08 *0.06 *0.03

Corrected airflow ±0.06 *0.06 *0.11 ±0.06 ±0.10

Corrected fuel flow ±0.07 *0.10 ±0.09 ±0.12 *0.12

Corrected output power ±0.28 *0.38 *0.35 ±0.16 *i.10

Specific fuel consumption *0.28 *0.29 *0.49 *0.35 ±1.10

Corrected speed *0.01 *0.03 *0.04 *0.03 A0.01

Compressor pressure ratio *0.05 *0.09 *0.08 *0.05 *0.06

Compressor temperature ratio *0.01 *0.04 *0.05 *0.02 *0.00

Turbine efficiency *0.20 *0.23 10.23 *0.20 *0.02

Combustor temperature ratio *0.01 *0.03 *0.04 *0.02 *0.00

Combustor pressure ratio *0.07 *0.04 *0.05 ±0.05 *0.08

Engine temperature ratio *0.06 *0.07 *0.08 ±0.18 *0.00

Engine pressure ratio *0.15 *0.14 *0.15 *0.22 *0.03

Corrected torque *0.30 *0.39 *0.35 *0.17 *1.10

Reference : Corrected speed - 13820 RPM
Corrected Turbine Inlet Temperature - 2200 'R (1220 K)
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TABLE 2: RUN-TO-RPN REPEATABILITY

PARAMETER DEVIATION WITHIN REBUILD (%) EXPECTED
RANDOM

BASELINE FIRST SECOND THIRD ERROR
REBUILD REBUILD REBUILD (%)

Compressor efficiency *0.21 *0.24 *0.18 *0.16 *0.03

Corrected airflow *0.15 *0.16 *0.13 10.17 *0.10

Corrected fuel flow *0.28 *0.16 10.41 *0.22 *0.12

Corrected output power *0.39 *0.39 *0.39 *0.45 *1.10

Specific fuel consumption *0.32 *0.36 *0.27 *0.54 *1.10

Corrected speed *0.10 *0.18 *0.02 *0.11 *0.01

Compressor pressure ratio *0.06 *0.07 *0.05 *0.05 *0.06

Compressor temperature ratio *0.07 *0.07 *0.07 *0.08 *0.00

Turbine efficiency *0.06 *0.05 *0.06 *0.16 *0.02

Combustor temperature ratio *0.07 *0.07 *0.06 *0.06 *0.00

Combustor pressure ratio *0.03 *0.02 *0.04 *0.05 *0.08

Engine temperature ratio *0.08 *0.07 *0.08 *0.14 *0.00

Engine pressure ratio *0.07 *0.08 *0.07 *0.07 *0.03

Corrected torque *0.46 ±0.52 *0.41 *0.45 *1.10

Reference : Corrected speed = 1382u RPM
Corrected Turbine Inlh. Temperature = 2200 °R (1220 K)

TABLE 3: REBUILD EFFECTS

PARAMETER OVERALL UNCERTAINTY DEVIATION
REPEATABILITY (ESTIMATED) BETWEEN REBUILD

(%) (%) (t)
FIRST SECOND THIRD FIRST SECOND THIRD

Compressor efficiency *0.53 *0.56 *0.48 *0.87 +1.16 -0.84 +0.31

Corrected airflow *0.43 *0.46 *0.47 *0.27 +0.77 -0.23 +0.10

Corrected fuel flow *0.61 *0.76 *0.84 *0.43 +0.73 -1.44 +0.14

Corrected output power *1.44 *1.51 *1.35 *1.42 +0.79 -0.70 -0.52

Specific fuel consumption ±1.25 *1.41 *1.65 *1.52 -0.07 -0.80 +0.58

Corrected speed *0.32 *0.27 *0.20 *0.13 -0.11 -0.06 +0.12

Compressor pressure ratio *0.27 *0.29 *0.23 *0.25 +1.26 -1.31 -0.19

Compressor temperature ratio *0.19 *0.23 *0.22 *0.40 -0.20 +0.02 -0.23

Turbine efficiency *0.54 *0.57 *0.65 *0.90 +0.09 +0.18 -0.02

Combustor temperature ratio *0.18 *0.20 *0.18 *0.49 +0.20 -0.05 +0.25

Combustor pressure ratio *0.16 *0.15 *0.19 *0.35 -1.00 +0.52 -0.40

Engine temperature ratio *0.28 *0.30 *0.48 *0.40 +0.01 +0.01 +0.19

Engine pressure ratio *0.44 *0.44 *0.51 *0.12 -J.07 +0.23 +0.00

Corrected torque *1.67 *1.67 *1.38 *1.41 +1.50 -0.76 -0.64

Reference : Corrected speed = 13820 RPM
Corrected Turbine Inlet Temperature = 2200 'R (1220 K)
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Oxidation, Sulfidation, and Hot Corrosion: Mechanisms and Interrelationships

T. A. Kircher
Aerospace Materials Division
Naval Air Development Center

Warminster, PA 18974

Summary

A discussion of the various types of oxide growth laws which describe oxidation of
metals and alloys has been given. The formation and maintenance of a dense, adherent
oxide scale will result in diffusion-limited scale growth and a parabolic-type rate
equation. These protective scales are formed by selectively oxidizing their respective
metallic components from a complex base alloy or coating. Exposure of alloys to a
sulfidizing or hot-corrosive type environment reduces the ability for protective scales
to adhere or recover from scale damage and shortens the time for which an alloy can form
a protective scale via selective oxidation.

Introduction

Alloys which are designed for high temperature applications are subject to a wide
spectrum of degradation mechanisms, many of which are highly specific to a particular
service environment. The mechanisms involved even in simple oxidation of a modern
superalloy are complex combinations of surface morphology, microstructure, alloy
chemistry, oxygen partial pressure, and so on. Consideration of additional
thermochemical reactions made possible by the presence of mixed gas environments or
condensed deposits results in a situation which is almost unapproachable without making
simplifying assumptions of some kind. Yet from a design lifetime standpoint the
applicability of an alloy for some service environment can be reduced to the following
evaluation: what Is the ability of that particular alloy to function In the particular
service conditions without undergoing accelerated and catastrophic degradation? This
evaluation recognizes the inevitability of degradation under even the best conditions.
Understanding what circumstances result in the transition from an acceptably stable
degradation mode to an unacceptably debilitating form of attack can allow the materials
engineer to work towards extending the region of time in which the alloy exhibits stable
degradation In that service environment.

This paper examines oxidation, sulfidation, and hot corrosion from the standpoint
of acceptable vs unacceptable degradation with the intent of emphasizing fundamental
aspects common to these important forms of high temperature environmental attack. There
are two guidelines which form a framework for understanding high temperature degradation
regardless of whether the environment is purely(Ildizing, a mixed gas environment, or
an environment in which condensed deposits form(-:

1) For adequate service life an alloy must form a protective oxide scale. The usual
method for accomplishing this is the selective oxidation of a particular alloying
element.

2) The effect of an environment on component lifetime is primarily the result of
reactions which lead to the disruption or prevention of protective oxide formation and
subsequent rapid material degradation.

The first section of the paper will discuss oxidation. Specifically, it will
explore the various oxide growth laws and the concept of selective oxidation. The
second section on sulfidation will discuss protective oxide growth in sulfur-containing
gas environments. The third and final section will focus on hot corrosion attack, in
particular the effects of condensed deposits and molten salt chemistry on protective
oxide formation.

Technical Discussion

A. Oxidation

The oxidation of a(wte metal can be broken into a five step sequence as
illustrated in Figure 1

(
. The first step is the adsorption of oxygen onto the metal

surface from the gaseous environment. Islands of oxide are formed and lateral growth of
these islands quickly occurs in step 2. This lateral growth of urface oxide film is
accompanied by oxygen dissolution into the substrate lattice. The formation of a
continuous surface film, step 3, is an important step in providing long-term oxidation
resistance at elevated temperatures. If the continuous oxide film is stable the growth
of the film will be dependant on two factors, namely, the continued availability of
oxygen in the atmosphere and the rate of transport of ionic species through the oxide
film. Also occurring in this step Is the continued dissolution of oxygen Into the metal
substrate. In some situations the formation of internal oxides or embrittlement of the
substrate can represent a far worse condition than metal recession due to uniform
surface oxidation. With continued scale growth a variety of local defects can form as
shown in step 4. Defect coalescence can create porosity within the scale. Volumetric
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or thermal stresses can lead to microcracks at the oxide/substrate interface. Extensive
cracking of the oxide scale can also occur due to volumetric stresses, as shown in step
5. This occurs readily when the oxide has a specific volume that differs greatly from
that of the substrate metal.

There are three principal rate equations which describe oxidation of metals and
alloys. At lower temperatures (< 500 C) many metals such as aluminium, copper, and
silver exhibit oxide growth behavior which is described by the logarithmic-type rate
equation. This describes very thin oxides which form rapidly an 3jhen grow slowly with
time. Electronic effects dominate transport across these films . At higher
temperatures (>500 °C) the growth of oxide scales is usually limited by thermally
activated transport processes, or diffusion. The growth rate in such scales is then
inversely proportional to the oxide thickness and parabolic-type rate equations are
observed. When the oxide scale undergoes extensive cracking or spalling linear-type
rate equations develop. A summary of these three types of rate equations is given in
Table 1 .

L It should be noted that diffusion-limited growth can also be observed where a

continuous external scale does not form. For this reason metallographic evaluation must
always be performed in addition to measuring weight change before oxidation behavior can
be accurately characterized.

The formation of a dense, continuous, adherent oxide film which allows suitably
slow diffusion-limited kinetics represents the best means for protection of high-
temperature alloys. For diffusion-limited growth across a continuous oxide film the
growth rate of the oxide layer will be proportional to the flux of ionic species through
the oxide film. This flux is proportional to the diffusion coefficient and the oxygen
gradient. For a given temperature and oxygen gradient, factors which increase diffusion
through the oxide will accelerate the oxidation process.

Diffusion in oxide scales at a given temperature and oxygen pressure is a function
of the oxide lattice and defect structure. Ionic species will have lower diffusivities
in close-packed lattice structures such as hexagonal-close-packed and face-centered-
cubic than in more open lattice structures such as a spinel structure. Point defects
related to non-stoichiometry or impurities in the oxide lattice and line defects such as
grain boundaries will also effect the overall diffusion rate of reactants through the
oxide.

The(qowth rate of several metal oxides as a function of temperature is shown in

Figure 2 . For protection of components at elevated temperatures the oxides Sio
Al 0 and Cr2 0 are almost exclusively used. 510

It I3h 2msd topotc cmoent
oxtdtzing atmospheres to 1700 C. It the protective oxide which allows MoSi2 heating
elements to function for thousands of hours at 1500 °C and higher. Siltcide-based
coatings are also used to protect refractory metal alloys which are unable to form
protective Al 0 scales by selective oxidation. Al 0 scales are the primary means off i in gas 23 23
protection asuperalloys in gas turbine engines. Cr2 0 scales are
utilized in many heat-resistant alloys where sulfidation is a major concern. Cr, 0-
forming alloys are limited to applications below approximately 1000 'C. Above t is
temperature oxide volatilization is a limiting factor.

In complex alloys such as a nickel-base superalloys the desired protective oxide
scale is usually formed by selective oxidation. Selective oxidation is the process by
which one (usually minor) alloying element is exclusively oxidized from the bulk alloy
substrate to form a pure, protective oxide for the alloy. In this process the relative
free-energy of formation of the oxides of the various alloying elements is important.
Although external scale formation is a complex function of diffusivities, oxygen
solubility, and other thermodynamic/kinetic interactions, the alloying element whose
oxide has the lowest free energy of formation will have the strongest driving force to
form. Even with favorable thermodynamic conditions, however, formation of undesirable
transient oxides can occur which can severely affect the selective oxidation process.

The selective oflation process can be controlled to some extent by allo
chemistry. Figure 3 shows an oxide map of the equilibrium oxide films which form on
a wide variety of nickel-base superalloys at 1100 °C as a function of nickel, chromium,
sod aluminium content. The selective oxidation process can change with time if the
protective oxide scale needs to be continuously re-formed. This is true for oxides
which spell upon thermal cycling. Such spallation will gradually cause depletion of the
desired oxide-forming element from the surface layer and formation of less protective
oxides. Referring to the oxide map shown in Figure 3, the surface composition of an
alloy which starts out in the Al 0 -forming region of the oxide map will gradually shift
towards the Cr 0 and finally 1i 9egion of the map. Coating alloy compositions such as
NICrAIY are deidned as reservoirs which are rich in the desired oxide-forming elements.
As such, coatings will retard the movement of the surface composition towards regions of
less protective oxide formation. The importance of oxide scale adherence in ox ,tion
and hot corrosion behavior is discussed in an earlier paper of this proceedings

a. 3mlfidetion

Sulfidation is considered in this paper as the degradation of an alloy by sulfur
attack from a gaseous sulfur species such as SO or H S. Sulfidation is one specific
type of general material degradation which can Accur In mixed gas environments. In such
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an environment the diffusion of sulfur into the substrate and the formation of internal
sulfides can significantly shorten the period of time over which an alloy can form a
protective oxide via selective oxidation.

The formation of protective Cr203 scales in sulfidizing environments has been
widely studied. An especially important parameter in the formation of protective oxide
scales in sulfidizing environments is the oxygen partial pressure in the gas. Studies
have reported on the influence of oxygen partial pressure in a sulfidizing enviropgqnt
on the corrosion products of a wide variety of Fe-Cr-Ni alloys containing )18% Cr''.
The data indicate the existence of a threshold oxygen partial pressure above which a
continuous protective oxide scale develops. The use of an excess parameter, P /p e,

has been suggested, where P 2 is the oxygen partial pressure in the gas mixture2 an2 2 e
is the equilibrium Cr., 3-Crg oxygen partial pressure indicated by the thermodynamic 02
phase stability diagram at the temperature of interest.

Figure 4(
5
) shows the degradation of IN 800 over a wide range of temperatures and

sulfur partial pressures as a function of this parameter. Samples of IN 800 were
exposed for 25 hours and then metallographically examined for sulfidation attack. The
figure indicates that irrespective of temperature and P there exists a threshold oxygen
partial pressure P /p - i0 where scale thickness sad alloy penetration are
negligible. This siab e degradation mode is associated with the formation of a
continuous, protective Cr2 03 scale on the metal surface.

Sufidation of the substrate will still occur in most cases despite the formation of
a continuous external Cr20 scale The formation of subacale sulfides is caused by
diffusion of ug the scale. This causes scale spallation or cracking,
followed by subsequent oxidation of the sulfides and sulfur penetration into the alloy
along the grain boundaries. Breakaway sulfidation is associated with chromium depletion
of the alloy matrix in the surface region, formation of mixed sulfide phases, and
widespread de-scaling of the chromium-oxide.

C. Hot Corrosion

Hot corrosion is considered in this paper l5 orrosion in the presence of a
condensed phase, or "deposit-modified corrosion" ,. The condensed deposits which
characterize hot corrosion attack in Naval gas turbine engines are salts, primarily
Na SO, which form during combustion of the fuel in the presence of marine contaminants.
Hoj corrosion attack occurs in the form of aggressive degradation of turbine engine
components in the intermediate temperature region of 650-900 °C. Above these
temperatures the salt deposits volatilize and hot corrosion is not observed.

The selective oxidation process and the formation and maintenance of protective
oxide films is important in understanding hot corrosion reactions. In most cases, the
primary impact of condensed environmental contaminants is to shorten the time for which
an alloy can form a protective scale via selective oxidation.

An examination of the hot corrosion degradation sequence reveals that corrosion
resistant alloys degrade in the same characteristic sequence. This sequence is
rtqesented by the weight change data for two nickel-base superalloys shown in Figure
5''. There is an initiation or incubation stage, where the alloy is behaving much the
same as if there were no deposit. The propagation or accelerated oxidation stage is
characterized by accelerated weight gain. This stage represents a situation where the
deposit has significantly modified the protective oxide and has attacked the alloy
substrate beneath the oxide film. Some researchers insert a transition stage between
these stages. A more specific discussion of the role of oxide films iy4 5 he hot
corrosion process is described in an earlier paper in this proceedings

From the weight change data in Figure 5 it is clear that IN 738 exhibits a much
longer initiation stage than the B-1900. If the time scale were expanded, however, the
weight change data for the 8-1900 would also exhibit the same characteristic stages as
the IN 738. It becomes apparent, therefore, that for a particular component one would
like to extend the initiation stage as long as possible and remove the component from
service before the propagation stage occurs.

In order to understand what conditions lead to transition from the initiation
stage to the propagation stage of hot corrosion, it is necessary to examine the effects
of condensed, molten salt deposit on the alloy surface. The situation is (qpresented
schematically in Figure 6. There are two primary deposit-induced effects '

1 - The condensed deposit separates the alloy surface from the gaseous environment.
The partial pressure of oxygen at the alloy surface is thereby reduced and the
selective oxidation process is more difficult. This in t-irn allows the formation
of less protective oxides which have higher transport rates. Additionally,
elements in the aubstrate may react with the deposit, especially the active
elements which have a high affinity for oxygen.

2- The protective oxide on the alloy may be dissolved by the deposit. These so-
called fluxmg reactions occur through electrochemical mechanisms which arias from
acid-base conditions in the molten salt.
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An understanding of molten salt electrochemistry can help alloy and coating
designers minimize the potential for hot corrosion attack. The Na2SO 4 equilibrium

Na2So 4  . Na2 0 + SO 3

can be characterized as acidic or basic according to the concentrations of the two ionic
species, Ha2 O and SO,. Protective oxides can be dissolved by either acidic or basic
conditions. Acidic pecie such as SO3 dissolved in the molten deposit can react with
oxides as follows:

3+ 2-
A1 20 3 + 3S0 3  - 2A1 3+ + 3S04

Basic species such as Na2 0 can react with oxides as follows:

Al203 + Na 20 - 2NaAlO 2 •

The solubilities 9  various oxides as a function of Na2 SO melt basicity at 927 'C
are shown in Figure 7 . The purpose of such studies is to mfnlmize hot corrosion
reactions by selection of an alloy or coating which is able to form and maintain a
protective oxide despite the presence of a molten salt film. Cr 2 03 and A1 2 3 show
solubility minima in the acidic region, which Is representative of conditions in
aircraft gas turbine engines. Co 0 shows a minimum in the basic region. This is
consistent with empirical observaons of nickel and cobalt base alloys in aircraft gas
turbine engine service, where cobalt-based alloys exhibit a much greater usceptibility
to hot corrosion attack. Sio 2 has a low solubility which is independent of melt
basicity.

Conclusions

A discussion of the various types of oxide growth laws which describe oxidation of
metals and alloys has been given. The formation and maintenance of a dense, adherent
oxide scale will result in diffusion-limited scale growth and a parabolic-type rate
equation. Cr, 03 , A1 2 and SiO scales have the slowest transport rates and are most
oftn uti e protective scaies. These protective scales are formed by selectively

oxidizing their respective metallic components from a complex base alloy or coating.
Damage or spallation of the scale results in further selective oxidation, gradual
depletion of the favorable element from the base alloy, and eventual formation of a less
dense, less protective oxide. Exposure of alloys to a sulfidizing or hot-corrosive tyVe
environment reduces the ability for protective scales to adhere or recover from scale
damage and shortens the time for which an alloy can form a protective scale via
selective oxidation.
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* logarithmic-type rate equations
T = K*Iog(t) + constant

• parabolic-type rate equations
2

T = * t

l linear-type rate equations
T= kI*t

Table I - Oxide growth laws which describe oxidation of a metal or alloy.

02(g)

-0 0 0 0 Adsorption

O2(g) Oxide nucleation + growth
VY7//Qi2 A1 Oxygen dissolution

' " Film/scale growth

Internal oxidation

0~g)

Cavities

Porosity
Microcracics

I"02
Macrocracks

Possible molten oxide
phases, oxide evap.

Fliure I - A schematic illustration of oxidation on the surface of a metal or alloy,
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The most oxidation-resistant gas turbine alloys and coatings form adherent A120 3 oxide scales which slowly thicken
and resist spallation when thermally stressed. Work performed at United Technologies Research Center in the period
1966-1972 and by others demonstrated that the onset of sulfidation was also affected by the adhesion of the A120 3 scale. In
this paper, the relationship between sulfidation corrosion, and oxide scale adherence as it relates to oxidation resistance
will be reviewed.

The sulfidation mechanism research performed at UTRC will be summarized to illustrate the role of AI203 scale in the
sulfidation process; whereas more recent oxidation results of in-house and ONR and NADC-sponsored programs will be
presented which demonstrates that sulfur present in gas turbine materials, even at very low concentrations, degrades A120 3
scale adhesion. Finally, results are disclosed which indicate that the very low sulfur-containing materials are extremely
oxidation resistant and delay the onset of sulfidation.

Sulfidallon Corrosion

A. Background

Sulfidation corrosion is the accelerated rate of oxidation of gas turbine materials associated with the presence of a
condensed alkali sulfate salt. It is generally agreed that sulfidation corrosion microstructure characterized by the presence
of a non-protective oxide scale separated from the unaffected substrate by an alloy-depleted zone containing sulfide
precipitates is called Type i; and a microstructure characterized by the absence of the depletion zone and sulfide
precipitates is referred to as Type II. Whereas Type l is a broad-front attack, Type Ii is a pitting attack. Although Type I is
generally believed to be the high temperature form of corrosion (>750"C), the temperature range of the two types of
corrosion overlap. The similarities and differences in the types of attack are described in the recently published review
articles (1,2). The studies presented in this paper deal with Type I corrosion.

B. The Role of A1203 films in the Sulfidatlon Process

A typical TGA curve for I mg/cm
2 NazSO 4 coated B-1900 exposed at 850"C is shown in Figure 1. The weight change

in the absence of the salt after 1400 min is significantly less than 1 mg/cm
2
, and in the presence of the salt about 14 mg/cm2.

The weight change curve for the salt coated specimen is divided into three stages. Stage I is the "incubation period" and is
separated from Stage m, "accelerated oxidation" by Stage 1 the "transition period". During the first Stage (I) of the
sulfidation process, A1203 remains intact, insulating the substrate from reactive Na2SO4. A120 3 may be removed locally
(flawed) by any of a number of processes (erosion, impaction, corrosion, spallation) after which the Na2SO 4 comes into
direct contact with the substrate. This is Stage (1), a period of accelerating oxidation. At this point the sodium sulfate reacts
with strong sulfide-forming elements in the alloy to raise the oxide ion (O) concentration through the reaction:

SO; + 4M - MS + 3MO + 0'.

The 0" which is produced can then react with and remove the A1203 barrier,

O + A1203 -. 2AlO,

thereby involving a large amount of the surface in the accelerated oxidation process.

The sulfidation process then enters into a period of parabolic oxidation (Stage ill) during which the surface area (for
oxidation) is maximized and remains constant and whose kinetics are controlled by the conversion of Ni to NiO. Since NiO
is the least reactive oxide with respect to 0" it does not react to form NiOC and it survives the sulfidation process.

The energy of activation for the sulfidation (Na2SO 4-accelerted oxidation) of superalloys is 39 Kcal/mol, similar to
that observed for the oxidation of Ni, (Figure 2). A comparable energy of activation is also observed for
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Na2COj-accelerated oxidation of superalloys. In this case, 0', formed by the equilibrium

Na2CO3 - Na2O + CO2

prevents the existence of an A1203 scale leaving NiO the only remaining barrier for oxidation. The duration of each of the
sulfidation stages is temperature dependent (3).

The sulfidation inhibition mechanism which involves lowering the 0' concentration was verified using a galvanic cell
employing a Na2SO4 electrolyte and an electrode reversible to O= (4). Whereas additions of alkali oxides increased the
oxide ion content of Na2SO4, Cr2O3 additions were found to decrease the oxide ion content by the chemical reaction,

Cr 20 3 + 20= -" 2CrO4.

These observations led to the conclusion that chromium-containing alloys derive their sulfidation resistance through the
formation of Cr20 3 which lowers the oxide content of Na2SO4 below that required for its reaction with A120 3 to form
NaAIO2. Cr203 prevents A 20 3 scale breakdown by O and permits Na2SO4 to co-exist with the alloy.

The ability of Cr203 to inhibit sulfidation corrosion is demonstrated in Figure 3, and the use of chromium compounds
which form Cr20 3 during combustion to inhibit sulfidation corrosion has been demonstrated in both marine and industrial
gas turbine engines (5, 6).

Although chromia and other oxides can regulate the oxide ion content of sodium sulfate, the integrity of the aluminum
scale that separates the corrosive salt from the alloy substrate can be compromised other than by chemical dissolution. It is
widely accepted that thermal shock is a principle cause of oxide scale spallation and preconditioning the oxide film can
influence its resistance to thermal shock. For example, the onset of sulfidation corrosion can be significantly postponed by
preoxidizing the alloy so that it forms a more protective oxide scale. Preoxidation of B-1900 for 16 hours at 700°C
increases the duration of the incubation period four-fold, Figure 4. However, if the salt-coated alloy is thermally shocked,
the specimen immediately enters Phase II of the corrosion process, Figure 4.

This summary of many years of research of the mechanism of sulfidation and its inhibition supports the premise
wherein accelerated corrosion does not begin as long as the normally protective A1203 film remains intact. Chemical
dissolution of A1203 by the oxide ion in equilibrium with Na2SO4 is a major method for its removal as are mechanical
stresses which develop during thermal cycling. The remaining portion of this presentation deals with an important factor
which contributes to adhesion of Al 20 3 during thermal cycling.

Oxide Scale Spallation

The extraordinary oxidation performance of superalloys and their protective coatings depends upon the retention
(adherence) of naturally occurring Ai 203 scale. Stresses produced during thermal cycling greatly increase the rate of
oxidation of A1203-forming alloys and coatings (e.g. Ni-1SCr-6AI), which under isothermal conditions exhibit excellent
high temperature oxidation resistance. The importance of thermal stresses with respect to oxide scale spallation is shown
in Figure 5, where the weight change of NiCrA and NiCrAiY exposed at I I50"C is shown as a function of time. Under
isothermal conditions, no differences are noted between the oxidation behavior of the two coating alloys. However, in the
cyclic mode. the oxide scale that forms on NiCrAI spalls after each cycle and the alloy rapidly looses weight with each
consequative cycle.

The work of Petit (8) and others have led the way in understanding how yttium additions impart oxidation
performance under thermal cycling conditions by maintaining oxide scale adherence. Without yttrium, protective oxide
scales spall during thermal cycling, and the benefits they impart are lost. Mechanisms proposed to account for such
improved adherence have historically included: (a) the formation of oxide pegs which anchor the scale to the substrate; (7)
(b) the prevention of vacancy coalescence at the scale-metal interface by providing alternate coalescence sites; (8) (c) the
enhancement of scale plasticity by altering its structure; (9) (d) the alteration of scale growth processes; (10) and (e) the
formation of a graded oxide layer.(11)

Most recently, Funkenbusch, Smeggil and Bornstein (12) proposed that sulfur present in the alloy at a low
concentration, segregates to and weakens the oxide scale-metal interface, thereby promoting oxide scale exfoliation. This
ONR-sponsored work established that the AlzO.,substrate adhesion is ordinarily strong but is weakened as a result of sulfur
diffusing to the interface. The role of yttrium is to immobilize the sulfur through the formation of stable yttrium sulfide.
Surface segregation studies were conducted employing Auger Electron Spectroscopy (AES) coupled with cyclic oxidation
experiments. Samples were heated up to 1000*C in the vacuum of the Auger chamber and the surface composition
monitored as a function of time. Typical Auger results for the Ni-1SCr-6AI alloy are shown in Figure 6. At room
temperature the concentration of sulfur on the surface is quite low, but at I 000"C, sulfur is a major element on the surface
of the alloy.

The surface concentration of sulfur as measured from ABS (Figure 7) for NiCrAIY is approximately one fourth of that
measured for the NiCrAI, even though the nominal sulfur content of both alloys are comparable (about 40 ppm). The

4.
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presence of yttrium sulfur precipitates in the NiCrAlY specimens was confirmed through the use of scanning electron
microscopy studies. Some typical results are shown in Figure 8.

The enrichment in sulfur content at the surface of NiCrAI causes the normally protective alumina scale to spal. This
conclusion is based upon the results of experiments in which NiCrA specimens were produced from extremely pure, low
sulfur'constituents, and then cyclically oxidized. The oxide scale that forms on the surface of NiCrA (containing 20-30
ppm S) is weakly bonded, consequently the alloy exhibits large weight losses when cyclicly exposed at elevated
temperatures. However, the oxide scale that forms on the surface of NiCrAI prepared from extremely high purity stock is
adherent, and the cyclic oxidation behavior of the alloy is comparable to that of the NiCrAY alloy, (Figure 9). The sulfur
content of the high purity NiCrA is 2-3 ppm.

This comparison clearly indicates that scale adherence is greatly enhanced in low sulfur NiCrAl. Furthermore, the
adherence of the alumina scale in NiCrA with 2-3 ppm sulfur is comparable to that of NiCrAIY.

The relationship between sulfur, yttrium and oxide scale adherence is further demonstrated in the data presented in
Figure 10. There is a small positive change in weight when NiCrAIY, containing 40 ppmS, (Alloy C) is cyclicly exposed in
air at 1150*C since an adherent oxide scale is formed. However, the results are quite different for NiCrAl containing the
same amount of sulfur (Figure 10, Alloy A). Within 600 hours, it had lost more than 15 mg/cm2 as the A 20 3 film is
repeatedly formed and spalled. Similar experiments were conduced with materials containing larger quantities of sulfur.
The sulfur content of these alloys was approximately ten-fold higher. As shown in Figure 10, whereas the higher sulfur
conent of the NiCrAl alloy (Alloy B) did not result in a large reduction in its oxidation resistance, it did bring about a
marked deterioration in the performance of the NiCrAlY alloy (Alloy D). Larger amounts of sulfur cause the alloy to
behave as if it had no yttrium. The excellent oxidation resistance typical of NiCrAIY is restored to the sulfur-contaminated
NiCrAIY alloy by increasing its yttrium content. These experiments support the precept that the role of yttrium is to
immobilize the sulfur.

These observations coupled with the AES results previously described, indicate the A 20 3 film that forms on NiCrA is
normally protective but is made less adherent when sulfur present in the alloy thermally diffuses to the metal/oxide
interface.

The "Sulffr Effect" on Coatings

A beneficial feature of the overlay coatings is that the compositions which are applied are independent of the
superalloy substrates. However, as shown in Figure 11, their oxidation resistance of the PVD coating appears to be
dependent upon substrate alloy composition even though there is no evidence of interdiffusion of substrate and coating
constituents. It is felt that this variability is related to the relative sulfur activity of the substrates. However, this hypothesis
is unverified since no correlation exists to relate composition to sulfur activity for these multi-constituent alloys. Some
isolated conditions exist which indicate sulfur in the substrate influences coating behavior.

For example, it is found that laser melting of overlay coatings has a profound effect on oxidation performance during
cyclic burner rig testing. The surface of a test specimen exposed 100 hours (100 cycles) at 1000"C in a cyclic burner rig is
shown in Figure 12. At the completion of the test, the oxide film on the laser processed surface was extremely thin and very
adherent. However, the opposite surface which was not laser processed exhibited a motled surface indicative of the
repetitive A 20 3 spallation and reformation process occurred over the test period. The benefits imparted by laser melting
are however temperatre dependent. The improvements obtained at 1000"C are greater than those at 1200"C. It was
initially rationalized that the superior performance of the laser-processed surface was related to the unique microstucture
associated with rapid solidification. However, AES showed evidence that laser melting lowered the surface sulfur content as
shown in Figure 13.

It was concluded that although the sulfur concentration of the coating was reduced by laser processing, it was
reestablished by diffusion from the higher sulfur activity substrate. Higher temperatures favor the rate at which the sulfur
levels are restored.

In summary, it is now established that the alumina scale that forms on alloys is very protective and sulfur an impurity
present at trace levels causes the normally adherent oxide scale to spall. The role of ytrium and other reactive elements is
to react with and immobilize sulfur, thereby reducing its activity in the alloy. Under NADC-sponsorship it remains to be
demonstrated that an improvement in sulfidation resistance can be achieved by improving scale adherence through control
of alloy and coating sulfur activity.
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FIG. I OXIDATION AND SULFIDATION OF B-1900 AT 8500C
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FIG. 3 CHROMIUM OXIDE ATTENUATES SULFIDATION CORROSION
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FIG. 5 YTTRIUM GREATLY ENHANCES OXIDE SCALE ADHERENCE
OF NICrAI AT 11500C
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FIG. 7 YTTRIUM DECREASES SULFUR SURFACE CONCENTRATION
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FIG. 9 CYCLIC OXIDATION PERFORMANCE OF COATING ALLOYS
IMPROVED BY REDUCING SULFUR
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FIG. I11 BURNER RIG TEST RESULTS OF NICoCrAIY COATED
ALLOYS AT 11800C
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MOLTEN SALT INDUCED
HIGH TEMPERATURE DEGRADATION OF

THERMAL BARRIER COATINGS

Serge ALPERINE

O. N. E. R.A. Materials Science Department
B.P. 72, 92322 Chatillon Cidex, FRANCE

ABSTRACT

Thermal barriers are nowfairlywell known asa new generation of protective coatings forcompor, nts
of the hot sections of conventional, diesel and turbine engines. The more performing system is a
duplex coating consisting of a stabilized zirconia top coat (ZrO2 + Can, MgO, Y0,, or CeO 2 )
generally air plasma sprayed on a - 100pum thick MCrAIY bond coat. The service degradation modes
of such coatings have been extensively studied during the past ten years. Their failure mechanisms
are generally thought of in termsof thermomechanical stress, thermal expansioncoefficient mismatch
and bond coat high temperature oxidation. Efforts are thus made to design ceramic and bond coat
composition, microstructUre and processing parameters, according to these requirements. However,
degradation of thermal barrier coatings by hot corrosion processes and, more generally, by fused salt
thin films related phenomena, should also be taken into account. In this paper, a review is given of
the degradation modes that can be encountered when partially stabilized zirconia coatings are
exposed to intermediate temperature range (from 650 to 950°C) and sulphur and/or vanadium
containing atmosphere. The interaction of the salt film with the coating is threefold : a chemical
acidic or alkaline dissolution of the zirconia stabilizing oxide (CaO, MgO, Y20 3 or CeO.) may occur,
provokingzirconia tetragonal tomonoclinic phase transformation and subsequent coating spallation
oncooling. Fused salt maydiffuse inside the ceramic microcracks network and solidify on coolingwith
a generation of extra stress inside the coating. Fused salt diffused throughout the microcracks
network down to the ceramic/bond coat interface may also affect the MCrAtY bond coat according
to the well described type I and type II hot corrosion processes. Careful distinction should be made
between the working conditions encountered in diesel engines and marine turbines (relatively
moderate temperature range and less refined fuel) and those involved in aircraft turboengines
(higher temperature range and cleaner kerosene). An illustration of the hot corrosion resistance of
a ZrO,-8wt% YO,/NiCrAIY thermal barrier coating, plasma sgrayed on a single crystal superalloy
substrate, in atypical aircraft turbine environment (850 to 950 C, Na2SO, contamination) is given.
Although no chemical destabilization of the ceramic coating occured, thermomechanical failure and
bond coat significant hot corrosion at temperatures as high as 950°C could be observed.

INTRODUCTION

Thermal barriers are now fairly well known as a new generation of protective coatings for
components of the hot sections of conventional, diesel and turbine engines. They consist essentially
of a thick, thermally insulating layer of ceramic material (300 to 500pm) deposited on the metallic
components to be protected. When the components are cooled internally, this layer provides a 50 to
150 C temperature gradient between the inner and outer skin of the ceramic coating (figure 1); it also
offsets temperature transients due to fast changes of engine regime (figure 2). The resulting effect
is a possible increase of turbine or engine efficiency (increase of outlet gas temperature, reduction
of component cooling fluxes) and/or components lifetimes (decrease of metallic parts skin tempera-
ture). Depending on the application envisaged, the service temperature of thermal barrier coatings
(TBC) can be as low as 650 or 750*C (diesel engines and marine turbines) and as high as 1100 or
1200'C (hot stages of aircraft turbine engines).

Candidate ceramics for such applications must meet various criteria : low thermal
conductivity, high thermal expansion coefficient (to minimize the mismatch between the ceramicpart
of the coating and the metallic substrate,which generates very high compressive stress in the ceramic
on cooling) and superior chemical stability. Until now, the principal family of ceramic materials
envisaged for thermal barrier coatings is that of partially stabilized zirconias (PSZ). Depending on
the application, ZrO, is partially stabilized with alkaline earth oxides [ 1,21 (CaO, MgO)for the lower
temperature range, or other oxides such as Y3O, CeO, and YbO, [3-51 for the higher temperature
range. The elaboration conditions also are of paramount importance for the integrity of the coating.
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Only porous and/or microcracked coatings can accommodate the thermal expansion coefficient
mismatch between ceramic and substrate ; such porosity and/or microcrack network can be
obtained by physical vapor deposition (EB-PVD) 161 or air plasma spraying [7]. The presence of a
ductile metallic bondcoat is also required for stress accommodation ; low pressure plasma sprayed
MCrAIY alloys (M= Ni and/or Co and/or Fe) are generally used for this purpose [8], whith the
secondary benefit of providing an efficient protection of the substrate against the agressivity of high
temperature environment (high temperature oxidation and molten salt induced hot corrosion).
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The interaction of sulfate and vanadate molten salt films (issued from fuel impurities), at
elevated temperatures, with the duplex MCrAIY + PSZ thermal barrier coatings is the matter dealt
with in this paper. From the elements briefly recalled in the above paragraphs, it is possible to
describe such an interaction according to three different approaches. A first approach -- which is
the object of most concerned litterature-- is to consider chemical interactions between the saltfilm
and the zirconia coating. A second one takes into account a physical interaction between the same.
A third approach is related to fused salt diffusion in the ceramic microcracks network and
subsequent chemical attack of the MCrAIY bondcoat. These three forms of interaction will be
detailed and reviewed with special emphasis on rare earth oxides stabilized PSZ. Distinstions will be
made, whenever possible, between the different types of degradation expected according to the
coatings composition (namely the nature of the stabilizing oxide) and environment (temperature,
fused salt composition). Finally an illustration will be given through the description of cyclic hot
corrosion tests performed in the laboratory, simulating'aeronautic conditions', on yttria stabilized
zirconia coatings.

CERAMIC/ FUSED SALTS CHEMICAL INTERACTION

More about gaseous and fused salt films environment...

Fused salt films are the consequence of more of less complex chemical reactions taking
place between high temperature oxygen and nitrogen environment, ingested solid particles (such as
sodium chloride, ashesor carbon residues) and impurities present in the enginefuel (such as sulphur,
vanadium and to a lesser extent magnesium). The result of such reactions is the formation of various
ioniccompounds having relatively low melting points on the one hand, and of highly corrosive gaseous
specie on the other hand. At elevated temperatures, theformer melt and may be retained by capillary
forces at the surface of exposed components (as thin films) whereas the latter may dissolve into the
fused salt film, according to thermodynamics, and therefore alter its acido-basic properties and its
chemical reactivity . Obviously, if one wishes to examine and rationalize the chemical composition
and the physical, chemical and electrochemical properties of suchfilms, the relevant parameters are
the atmosphere andfuel compositions (impurity levels), theworkingtemperature as it is in ailparts
into contact with both the salt and the exhaust gases (which sets the solubility of gaseous
species and corrosion products in the fused salt) and eventually the local pressure (which may alter
such physical properties of the salt as melting point, vapor pressure and viscosity).

In this paper, we will limit ourselves to considering fused salt films build-up in an oxygen
containing atmosphere, in the presence of ingested sodium and sulphur and/or vanadium fuel
impurities. In such conditions the following compounds may form:

(i) SO2 and SO gases in equilibrium :

(1) SO, + 0, SO,

This equilibrium is. ifted on the left hand side the higher the temperature. Typically, the
equilibrium SO,/SO, ratio in air is 6.08 at 627*C and only 0.11 at 927*C (9]. It is to be noted that the
actual SO,/SO2 ratio may be lower than the equilibrium value due to kinetical limitation.

(ii) Formation of sodium sulfate:

( SO, + 0,
(2) 2 NaCI + I . NaSO, + CI,

L SO, + 1o

Under one atmosphere NaSO, is liquid between 884°C and about 950°C where it
decomposes. Sodium chloride impurities present in marine turbines may lower significantly its
melirg point.

(iii) Formation of vanadium compounds:

(3) 2V + 5/2 0 - VO,
Vanadium pentoxide

VO, is avery acidic oxide that melts at 690 C; it can exchange NaO moleculeswith sodium
sulfate (NaO being the most alkaline specie in Na2SO, melts) and form many types of sodium
vanadates less and less acidic as the number of exchanged NaO molecules increases 110. One of the
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most common sodium vanadate present in vanadium containing sodium sulfate melts is sodium
metavanadate, NaVO,

(4) VO, + NaSO, 2 NaVO, + SO3

Sodium metavanadate also has a low melting point (630'C).

Zirconia stabilization

The major chemical interaction between plasma-sprayed PSZ and molten salt films relates
to the zirconia stabilization concept. At I bar pressure, zirconia is cristallized according to three
distinct polymorphs [11]: a high temperature cubic phase with fluorite structure Sbetween 2340 and
2720 C) deforms into a lower temperature tetragonal phase (1170 C < T < 2340 C). At temperatu-
res below 1170'C the tetragonal phase martensically transforms into a low temperature monoclinic
phase [ 12]. This t - m transformation gives rise to an important volume increase (between 4 and 9
% according to the different authors) which causes any metal-zirconia bond to disrupt and thus
prevents the use of pure zirconia for thermal barriers.

The t - m transformation is associated with a decrease of Zr'" ions coordinance (from 8 in
the c and t phases to 7). If one partially substitute some tri- or divalent cations (Ca", Mg'*, Y", Yb'",
etc...) to Zr' in the ZrO, cationic sublattice by mixing ZrO, with the appropriate quantity of the
corresponding oxides, the associated oxygen vacancies injection can prevent the occurence of such
a transformation, enabling the cation sublattice to retain a coordinance of eight at low temperature.
The same result can be obtained with oxides made of tetravalent cations where a cubic phase with
coordinance eight is maintained at low temperature (CeO,). Note that such explanations are rather
schematic and do not fully explain all ZrO,-oxides binary phase diagrams.

The materials thus obtained are called 'partially' (PSZ) or 'fully stabilized zirconias' (FSZ)
depending on the quantity of stabilizing oxide introduced ; in the PSZ the t -. m transformation
occurs at a lower temperature whereas in the FSZ it is completely offset (cubic phase is retained at
room temperature).

Partial binary equilibrium phase diagrams of zirconia with CaO, MgO and Y,O, (ZrO,-rich
region) can be seen on figure 3, 4 and 5 respectively [13,2,14].
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Possible reactions between the fused salt medium and the oxides

The chemical interaction between ZrO2 , CaO, MsgO, YO, or CeO, and the fused salts
essentially relates to the concept of oxoacido-basicity developped by Lux and Flood [15]. In sodium
sulfate and/or vanadate melts the acido-basic equilibria can be written as follows :

(5) so,2  
- so, + 0'- K,, - SO, l.lO1l/ ISO,"I

(6) 2vo, - v,o, + 0' K.,=iV,O,l.lO'l/ IVO, l=
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namically set by the mass action law and temperature dependant. For intance, in pure alkaline sulfate
melts, K, = 10"' at 707°C (16] and 10"-11 at 900°C (171.

The basicity of the melt is expressed by the quantity pO2 (-logj0 2
1) measured on a

logarithmic scale between 1 and pK, (just as the pH of aqueous solutions is measured at standard
temperature between I and 14). The higher pO, the higher the acidity of the melt. A direct
consequence of equations (5) and (6) is that the melt is all the more acidic that SO, and/or VO0
contents are high. An indirect consequence is that, at higher temperatures or lower oxygen partial
pressure, equilibrium (1) is shifted towards the left hand side and the melt is more basic.

If one considers an oxide MO. in contact with the melt, two different acido-basic reactions
may take place:

(i) (7) MO. + n 0' - MO ...2

which is a basic dissolution of the oxide ; relevant examples are

(7a) CaO + 0' .  
- CaO "

(7b) MgO + O' -. MgO,-

(7c) YO, + 0' -. 2 YO,

(7d) ZrO, + 0'. - ZrO,'

Such a basic dissolution will occur when the melt is more basic than the oxide (low pO' or
very acidic oxides)

(ii) Acidic dissolution of the oxide:

(8) MO. -. M' + n/20'

or for the oxides involved in TBC:

(8a) CaO --. Ca" + 02.

(8b) MgO -. Mg" + 0 "

(8c) YO, -. 2Y" + 30'

(8d) ZrO, -- Zr'" + 20'

Such an acidic dissolution will take place when the melt is more acidic than the oxide (high
SO, or V.0, contents or very basic oxides).

The amphoteric behaviour of many oxides in corttact with sulfate/va-nadate melts can be
illustrated by plotting the metal element solubility versus pO 2 . The curves such as that schematically
presented on figure 6 can derive from thermodynamical calculations or from experimentation ; they
all show a sharp minimum which corresponds to 'equal acidobasicity' of the oxide and the melt. The
solubility of the metal on both side of this minimum is to be understood as cationic (acidic dissolu-
tion) and anionic (basic dissolution). From the knowledge of the value and the position of this
solubility minimum of a given oxide on the acido-basic scale of agivenfused salt at given temperature
and P,,. valuable information can be derived concerning its dissolution mechanism. The chemical
stability of different oxides in the same environment can also be compared if the S = f(pO' ) curves
are known.

Many authors performed solubility measurements of such oxides as NiO 1181, CrO0 [19],
AlO, (201, FeO, (211 and CoO, [201 because the behaviour of such oxides in contact with fused salt
deposits is of paramount importance for the understanding of classical hot corrosion phenomena of
superalloys protected by passivating metallic coatings (aluminides or MCrAIY coatings). More
recently Zhang and Rapp performed solubility measurements, at 900°C under I bar oxygen atmos-
phere, in pure NaSO, and NaSO. - 30 mol% NaVOs, of CeO, (both melt compositions) and Y,Oj
(NaSO, - NaVO, melt only) (221. Equivalent data for YO, in pure NaISO, at 927 C in 0.2 bar oxygen
atmosphere are also available (experimental conditions are not very much different) 123]. The
corresponding solubility -pO' curves are reproduced on figure 7 and 8 respectively. The comparison
of these two curves gives the following information:
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(i) CeO, is significantly less soluble than Y,O, in pure sodium sulfate.

(ii) The acido-basic properties of CeO, differ significantly in the two melts. The solubility
minimums almost differ by twoorders of magnitude. Thepresence of NaVO, in NaSO,shifs
this minimum on the basicside of the p0' scale, which means that CeO, behaves as aweaker
acid. On the other hand the acido-basic properties of Y,0, seem to be less sensitive to
vanadate additions.

(iii) For both oxides, the fact that the slope of the acidic dissolution branch varies when NaVO,
is added to NaSO, indicates that the acidic dissolution reaction differs in that case: Ce,VO.
(resp. YVO,) forms instead of Ce(S04), (resp. Y,(S0.)). The basic dissolution reactions
remain the same (slope of the 'basic branch' unchanged).

Basic MO. n
4

+a/2 0

disUo atiolt Acial c

-Mo:: 0'-- 0.

(Sm1,3

P 0

Figure 6: Solubility -p02 curve of an oxide MO. in afused
salt medium

4-o

Fgure~~~~I 7: eOSOluiiy-0.cresi ueN, n

Fiue7in olblt O cre npr Na,S0-0mlNV 0, at 0 C ndI

bar oxygent t221
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Figure 8 : YO, solubility - pO curves in pure Na SO, at
927 °C under 0.2 bar oxygen [ 2

31 and in NaSO,-
30 mol% NaVO, at 900 C, tnder I bar oxygen
1221

Oxide/fused salt interface -- leaching phenomena

Let us consider the interface between the ceramic coating and the fused salt it consists of
the ceramic microcracks network, that the liquid salt has filled, down to a certain depth (figure 9a).
Let us now consider the acidic dissolution of a given oxide, say Y303 (equation 8c) at the interface
(ZrO, dissolution is not to be taken in real consideration). If we also consider that oxygen is renewed
with some difficulty at the salt film surface, then equilibrium (1) is locally shifted so that SO 3 partial
pressure vanishes at the fused salt/gas interface (figure 9b); in the same way the surface of the salt
medium becomes less acidic (pO2" decreases). There is a positive gradient of 10 1 within the salt film
and a concomitant negative gradient of Y" solubiliy (figure 9b). The consequence is that the Y'
cations formed by acidic dissolution of YO, at the oxide/salt interface, which migrate towards the
salt/gas interface, experience a strong solubility decrease ; thus, YO, precipitates in the outer zone
maintaining a I Y "I gradient in the salt film and provoking further dissolution of the oxide at the
oxide/salt interface. This leaching phenomenon has first been described by Rapp & Goto in the case
of high temperature corrosion of superalloys and may be related to a general criterium [24]

f as)
(9) 1 .1 < 0

( ax J..o

where S is the anionic or cationic oxide solubility of the metallic element in the melt and x the
euclidian coordinate perpendicular to and originating at the oxide/salt film interface (figure 9b).

The above paragraphs show that, if certain conditionsof temperature and fused salt acidity
are met, important depletion of the zirconia stabilizing oxides can take place. Local t - m transfor-
mation occurs which generates higher levels of stress upon cooling, crack growth and further fused
salt penetration. This destabilization phenomenon is the major chemical interaction between TBC
and the fused salt films.

Only a relatively limited number of publications are available reportingof experimentation
on these phenomena. The experimental approaches approximately fall into four categories:

(i) Experiments on pure oxides

(ii) Experiments on bulk PSZ

(iii) Furnace tests on coatings (plasma sprayed PSZ + plasma sprayed M CrAlY)

(iv) Burner rig tests on TBC
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Figure 9: Acidic leaching of YO, in TBC :
a) fused salt penetration in the microcracks
network of the ceramic with low PO, at the
salt/gas interface
b) Y20jdissolution-precipitation mechanism

inside the fused salt film ; corresponding pO
and Y' solubility gradients

Pure oxides

Jones and al. have studied the reactivity of ZrO., CeO, [25] and YO, [26] with sodium
sulfate between 700 and 950°C, under a SO, partial pressure varying between 0.5 and about 2800 Pa.
The tests performed were of the 'crucible' type, in which oxide powder is added to NaSO, powder to
form equimolar mixtures and heated 24 hours under a controlled air + SO, atmosphere. It appears
that in the presence of such large quantities of sodium sulfate, the major reaction mechanism is one
of acidic oxide sulfation leading to the formation of Zr(SO,),-NaSO,, Ce(SO.),-NaSO, and
Y,(SO,),-NaSO, mixed fused salts respectively. The reactivity of ZrO, is however limited to very high
SO, partial pressures (unrealisticfor gas turbine environments). Both other oxides do form eutectics
with NanSO, that melt below 800*C. Y,O, is more reactive than CeO, (sulfation at 800'C takes place
at iHw P,_,- - 5 Pa -- in the case of YO, and at Po, about 100 times higher for CeO,). This reactivity
sequence compares well with the respective acidity of the three oxides (ZrO, > CeO, > YO,) : the
more acidic the oxide, the more acidic the melt has to be, to be able to attack it (the higher P.,
required for sulfation).

The same authors also have performed crucible tc measure the high temperature
reactivity of various oxides (among which ZrO,, CeO, and " ,ith vanadium compounds and
vanadate/sulfate mixed fused salts [10]. The general philoso .. indeed, that the reactivity is
cotrolled hy the difference of acido-basicity between the oxide and the melt as summarized in figure
1O. The addition of sulfate to vanadate modify the acido-basicity of the melt, according to the value
of P-.,, in the above atmosphere.
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- INCREASING ACIDITY--
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Y203 NR YVO4  YVO 4

Z CeO 2  NR NR CeVO 4
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(*) AS PPT FROM HO SOL'N

Figure 10 : Reactivity of pure oxides with various fused
salts [101

Bulk PSZ (mixed oxides)

This category of experiments differs from the previous one in the sense that one deals with
actual alloyed ceramics. The activities of the different oxides may here depart from unity (case of
pure oxides). Also the kinetics of reactions may significantly differ in the case of bulk materials
exposed to molten salt media and in that of high specific surface oxide powders.

Nagelberg has studied the high temperature interaction of sintered ZrO, - 8wt. C/f YO
sampleswith molten NaSO, andvarious NaSO,-NaVO, mixtures at 900o C under controlled O + SO,
atmosphere (25 Pa < P,, < 5000 Pa) [27]. Again the testswere of the 'crucible' type. The progression
of a zirconia monoclinic transformation front due to surface destabilization is observed (acidic
leaching of Y20). The rate of progression is parabolic with time (within a good approximation).
leading to the conclusion that the kinetic limiting factor is fused salt anionic diffusion inside the
ceramic. The derived parabolic rate constants increase appreciably with increasing P,, (K, being
proportional to Ps, in an extended P,, range) and with the metavanadate content in the melt (K,
being proportional to I VO, 12). No appreciable ZrO, dissolution was observed.

Jones and al. studied the corrosion by vanadate salts between 700 and 9000 C, of CeO, and
YO, stabilized zirconia massive samples elaborated through various processing routes (sintering,
rapid solidification and single crystals) [28] and compared the results with those obtained on pure
oxide in a previous study mentionned above 110]. Both 'crucible' and 'salt-spray' tests (salt deposit
of 3-5 mg/cm2 ) were this time performed. The most surprising result is that CeO, stabilized zirconia
suffers deeper vanadate attack than YO, stabilized samples in equivalent conditions, which is
contradictory to the behaviour of the pure oxides in the same environment [10].

One has to draw the conclusion that the acido-basicity of oxides does differwether they are
pure or mixed with a zirconia matrix. It seems also that the ceramic-to-salt molar ratio can play a
significant role in controlling the extent of corrosion. These two assumptions set strong limits
regarding the capacity of crucible test, on the one hand, and tests on pure oxides on the other, to give
information that can be representative of thermal barrier hot corrosion resistance. Indeed, the role
played by such important parameters as accessibility of the fused salt and concentration gradients in
the films are thus ignored.

TBC laboratory testing and burner rig tests

Testing plasma sprayed TBC has the advantage of reproducing the interaction between the
ceramic microcrack network and the fused salt film. It can be done in furnaces under controlled
atmosphere (N, + O + S02/SO,) and salt deposition conditions (salt composition and film
thickness), with monitored sample weight gains. It can also be done in burner rigs with a continuous
inlet of fuel contaminants. In the latter case, however, the complexity of the environment prevents
very precise degradation analysis of the coating.

Only few 'furnace testing' of TBC are reported. The authors generally focus on zirconia
chemical destabilization. A general conclusion [29,30] is that YO, acidic dissolution in PSZ only
occurs in the presence of vanadium contamination, or withvery acidic sodium sulfate melts (0.1% or
1% SO,/SO, in air) ; MgO stabilized coatings generally degrade more rapidly in the same environ-
ment.
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PHYSICAL INTERACTION BETWEEN CERAMIC AND
FUSED SALT

Physical interactions between the fused salt environment should also be taken into
consideration. Most of them relate to the very peculiar role played by the ceramic microcracks
network in the thermochanical resistance of TBC. The plasma sprayed ceramic porosity can be seen
as the result of two distinct phenomena during the elaboration process. The individual molten
ceramic powder grains spread on the cooled substrate as they rapidly solidify (with columnar grain
growth) and stack up like tiles (figure 1 la), with some probable sintering points. The free space left
between the droplets constitutes a more or less interconnected 'primary' microcracks network [31].
Microstructural observations also suggest [32] that the droplets experience transversal fragmenta-
tion upon cooling (figure 11 b), thus forming a 'secondary' microcracks network. It is believed that
these networks somehow allow the ceramic to sustain the high compressive stresses it is submitted
to on cooling, by a macroscopic deformation of the ceramic, sum of the partial closure of transversal
microcracks [33].

Uquld zlrconl,[ droplet
Inter-droplets

/ mlorooraoks and pores

Quenched droplets " mi

a)

Droplets Inter-droplets
Sintering points] [microcracks and pores

3 to 5)Am /

C o lu m n a r z i rc On ia  
30 to 100pmgrains t

[Secondary microcracks 7
Land pores (intra-droplets)b

Figure 11 : Plasma sprayed zirconia microcracks net-
works :
a) formation of the 'primary network'
b) columnargraingrowth insidethedropletsand
partial sintering ; 'secondary network'

If liquid salt, drained by capillary forces, penetrates some of the n.icrocracks at high
temperature, the solidification of the salt on cooling will prevent them to even partially close. Part
of the benefit of the microcracks network will then be lost and the thermomechanical degradation of
the coatingwill be more rapid. Such effects have been described by Hodge et al. [341. Let us consider
a 300,um thick PSZ coating with a total porosity of 16% and an open porosity of 14%, which seem
reasonable orders of magnitude [35]. The volume accessible to the fused salt for a unitary coating
surface of 1 cm2 is around 4.2 mm'. If the fused salt contamination rate in service is around 10
/,g/cm

2 .h for aeronautic turbines and 100 ug/cml.h for marine turbines 1361, the volume of salt
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deposited in 100 hours lies between - 0.7 and 7 mm'. This means that, if capillarity allows salt
penetration, about 16% of the accessible microcracks could be obturated in 100 h in aeronautic
conditions; in marine turbines environement 100% of the accessible microcracks would be obturated
in but 60 h. This calculation is obviously very crude, but suggests that an acceleration of the classical
thermomechanical failure mechanism could actually take place in the presence of fused salt deposits.
This phenomenon would be all the more important that thermomechanical sollicitations take an
important part as a degradation mode compared to chemical destabilization ; in other words it is
more likely to be noticeable in aeronautic turbines (high working temperatures, limited chemical
interactions) than in marine turbines and diesel engines.

Another type of interaction can be thought of. PSZ are ceramic materials with exceptional
toughness, which limits the propagation rate of small cracks under high stresses (thermomechanical
fatigue). Several studies have shown that there may be a strong influence of the environement on
ceramic or glasses crack growth [37]. The presence of adatoms such as water molecules [38] at the
crack tips can dramatically lower the subcritical crack growth parameters of the material. If fused
salts -- or salt vapors at very elevated temperatures -- penetrate at the tip of lateral cracks (parallel
to the zirconia/MCrAIY interface) such an effect could maybe take place and again accelerate the
thermomechanical degradation of the coating. No experimental work has been published, however,
that supports this assumption.

CHEMICAL INTERACTION BETWEEN MCrAY AND
FUSED SALT

The third type of interaction between molten salts and TBC that should be taken into
account is an interaction between the MCrAIY bond coat and the fused salt medium. Indeed, since
the fused salt can diffuse inside the microcracks network of the ceramic, after a certain period of time
it will be in contact with the bond coat at the bondcoat/PSZ interface. The chemical interaction
between the fused salt and the metal alloy can no longer be described as purely acido-basic, since the
MCrAIY oxidizes, forming a protective alumina and/or chromia scale [8]. Further interactions
between the protective oxides and the melt relate to the acidic and basic fluxing concepts described
above one the one hand, and to metal cations and/or oxygen diffusion promoting oxide growth on the
other. Oxide spallationdue to thermal cycling andconsecutive fused salt penetrations provoking alloy
sulfidation are also possible. All these phenomena have been extensively studied as a key to the
understanding of hot corrosion of MCrAIY coated superalloys [39,40] and will not be detailed here.
Relevant consequences concerning thermal barrier coatings are twofold : in the short run, the
protective alumina scale considerably strengthen the MCrAIY/PSZ interface ; in the long run,
however, severe degradations of the MCrAIY and eventually the underlying superalloy can occur.

HOT CORROSION STUDY OF A THERMAL BARRIER
COATED SINGLE CRYSTAL SUPERALLOY

The use of TBC in aeronautic turbine engines is generally planned for components working
at very high temperatures (typically 11OOC and higher), significantly above the range of classical hot
corrosion. However, some components may locally experience lower temperatures and subsequent
salt deposit; the same can also happen at intermediate engine regimes. Furnace cyclic hot corrosion
testsof typical aircraft components materials are presented.The same tests performed in the absence
of fused salt deposit (cyclical oxidation) are reported as a reference.

Experimentais

The samples substrate is a CMSX-2 single crystal superalloy of nominal composition : Ni
bal- 5 Co - 8 Cr - 0.5 Mo - 8 W -5.5 Al - I Ti - 6Ta (weight percents).The rodswere elaborated under
60 C/cm temperature gradient with a solidification rate of 9.6 cm/h. They were heat treated 3 h at
1315 0C in hydrogen for i' dissolution and air quenched. Samplesconsist of 12mm diameter, 4mm high
flat cylinders. The bond coat is low pressure plasma sprayed NiCrAIY (AMDRY 963 powder of
nominal composition Ni - 23 Cr - 6 Al- 0.4 Y, weight percents). The bond-coat consists of two 50prm
thick layers, sprayed successively with powders of equal composition but different granulometry (for
the external layer, coarser powder was used to increase bond-coat roughness and consequent ceramic
to metal adherence). Surface preparation of the samples, transferred arc cleaning parameters, plasma
spraying parameters and diffusion post-treatmentsare described elsewhere [41 ).The thermal barrier
is air plasma sprayed ZrO, - 8wt.% Y20,O. The thickness of the ceramic coating i- 400Mum deposited in
two steps starting from MEL PSZ powder. The surface preparation operations and air plasma spray
parameters are detailed in [411.

High temlnerature testing of these samples was performed at 850 and 950'C. Thermal
cycling between 200 C and the test temperature is insured by an automatic device ; each cycle runs
as follows. The samples are introduced into a furnace maintained at the test temperature (tempe-
rature rise in about ten minutes for the samples) and remain at constant temperature for one hour
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;they are then withdrawn and quenched with forced air convection until they reach 200*C (in about
four minutes) and finally reintroduced for the next cycle.

Cyclic oxidation tests are run in air in separate furnaces. For hot corrosion tests, sodium
sulfate contamination is added : the samples are coated with NaSO, by spraying a 80g/1 aqueous
solution of this salt on the test pieces heated at about 200°C. Sodium sulfate is renewed every 50 to
100 cycles, so as to obtain a contamination rate of 10 ug.cm.h. Visual observation and weight
variation measurement are performed every 20 cycles during the first 100 cycles and every 50 cycles
from there on. Optical microscopy, SEM/EDS analysis and X-ray diffraction measurements were
performed on as sprayed and corroded samples.

Results

As sprayed samples

A cross section of as sprayed samples can be seen on figure 12. X-ray diffraction indicates
that the as sprayed PSZ is mainly composed of the metastable, non transformable, high yttrium
content t' phase [42], quenchedfrom the cubic state during plasma spraying. No monoclinic phase was
observed in as sprayed samples.

Zirconia

;.:i ,:Ni Cr Al Y

200pm

Figure 12 TBC coating on CMSX-2 superalloy as
sprayed

850 °C degradation

The mass variation of the samples as a function of the number of cyles can be seen on figure
13. The samples exposed to sodium sulfate show external macrocracks on their edgesafter about 300
cycles. This local phenomenon, which is being accentuated until 900 cycles are reached, accounts for
the important weight losses sustained by the samples. After 900 cycles, the flat faces of the sample
do not show any external macrocrack. No evidence of PSZ desatabilization was found (XRD diagrams
are unchanged). A cross section of such a sample can be seen on figure 14. At this temperature, a thin
but continuous alumina layer has developped at the NiCrAIY/Zirconia interface. Beneath this
alumina layer, some CrO, is present. Internal oxides and sulfides can be seen in the NiCrAlY, but this
penetration is limited to the upper layer of the bond coat (50um).

The samples exposed to an oxidizing environment, only suffer a very moderate and regular
we~ght gain, corresponding to the formation of a protective alumina layer at the PSZ/NiCrAIY
interface. Very few oxide penetrations are observed after 650 cycles (figure 15) and the coating is still
very healthy.
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Figure 13 : Degradations at 850 'C ; weight gain curves

for oxidised and corroded samples
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Figure 14: Cross section of a sample flat side after 900
cycles of corrosion at 850 'C



6-15

ZOxide
layer

We-- ,.,--- NiCrAIY
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Figure 15 Cross section of a sampleflat side after 650
cycles of oxidation at 850 C ; detail of the
zirconia/NiCrAIY interface

950 'C degradation

The weight gain versus number of cycle curves of corroded and oxidized samples at 950 C
can be seen on figure 16. Samples exposed to fused salt environment experience a weight gain during
the first 25 cycles corresponding to fast alumina growth at the metal/oxide interface. Significant
weight losses are then observed ; after 200 to 300 cycles, zirconia pieces falls off from the edges of
the samples, rendering weight measurements difficult to interpret. After but 100 cycles, circular
macrocracks are visible along the edges of the cylinders (figure 17), whereas none can be seen on the
flat sides. Major cracksrun parallel to the metal oxide interface some ten micrometers above, as often
observed. After 300 cycles, poorly protective oxides such as Ni(Al.Cr)0, spinels have grown inside
the NiCrAIY bond-coat. After 550 cycles, deep pits are present in the NiCrAIY, almost reaching the
substrate in some places. The cristallographic structure of zirconia has scarcely changed during this
test : until 400 cycles X-ray diffractogramms are identical to those obtained on as-sprayed specimens
; from then on very small amounts of monoclinic phase (- 1 wt.%) can be detected. The diffracto-
grams taken in the outer zone of the zirconia layer are identical to those taken in the inner zone of
spalled ceramic fragments.

Weight gain (mg/cm2)

2

0--

-2 -NazSQ 4Contamination

-3

-4 1

0 200 400 600 800 1000

Number of one hour cycles

Figure 16: Degradations at 950 *C ; weight gain curves
for oxidised and corroded samples
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Ni Cr Al Y
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200pum

Figure 17 Cross section of a sample edge after 100
cycles of corrosion at 950 'C

Oxidized samples show avery good resistance to thermal cyclingat 950 C (figure 16). Even
after 1000 cycle, no spallation of the ceramic occurred, despite the usual presence of circular
macrocracks on the samples edge. Only limited internal oxidation has taken place after 300 cycles,
which seem to evoluate very slowly until 1000 cycles.

DISCUSSION

One of the first conclusions that can be drawn from these experiments, is that, in this
particular case, almost no chemical interaction between the PSZ and the fused salt has taken place
(no zirconia destabilization). This is not very surprising if one considers the acidobasicity of pure
Na 2SOin the absence of SO,/SOexternal adduction: pure NaSO, is avery weakly buffered medium
in which pO' " lies about 10 at 900 C [171. This value is very close to the minimum solubility of pure
YO, at 927°C in pure NaSO, (figure 8). If one supposes that neither the pO2 scale extension (pK,
value), nor the position of this solubility minimum vary a lot between 850 and 950°C (which sounds
reasonable), and that the solubility of YO, allied to ZrO, is not very different from that of the pure
oxide, very limited dissolution of Y20,was to be expected, which is confirmed by our data. However,
our observations show very significant differences between the samples thermally cycled in the
presence or in the absence of NaSO, contamination. This clearly indicates that one or more of the
other degradation modes envisaged above has taken place.

The differences between the environmental resistance of the bond coat in the presence and
the .,hsence of salt contamination clearly show that some fused salt has found its way through the
microporosity of the ceramic to the ceramic/metal interface and has attacked the bond-coat. The
bond-coat chemical composition is such, however, that it is well suited to resist such hot corrosion.

If one considers thermomechanical fatigue of the coating, one has to distinguish between
thef,4t sides of the sampleswhere the sollicitations are relatively moderate because the temperatures
of toe tests are moderate compared to 1100°C -- for which the coating is designed-- and the edges
where local small curvature radii can induce stress concentration. Only few thermomechanical
damages are seen on the flat sides, which renders difficult to appreciate the role played by the fused
salt i such a degradation. On the other hand, the presence of NaSO, seem to dramatically aggravate
therniomechanical degradations in the stressed regions of the samples, at 850'C as well as at 950'C.
The 850°C effect is probably related to microcrack obstruction by solid sulfate on cooling (as
des, ribed above). However, at 950 C. most of the sulfate should have decomposed and very limited
effe, ts should have been observed. Two interpretations of this 950°C effect can thus be proposed :
the tirst relates to an influence of penetrating sulfate vapor at the microcrack tips provoking
sub ritical crack growth. The other one is an eventual remanence of molten sulfate at temperatures
high. r than the usual 900oC, due to increased local pressure (capillary forces inside small pores for
insta ice). We do not have at the moment direct proofs confirming one of these assumptions.

GENERAL CONCLUSION

Thermal barriers coatings are complex materials involving thermomechanical resistance
of very heterogeneous bonds (ceramic-metal), which can only be obtained by sophisticated
elaboration processes and carefully designed elaboration parameters (such as bond-coat and ceramic
compositionsand plasmaspray parameters). Partially stabilized zirconia isthe most importantfamily
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of ceramics envisaged for thermal barrier applications. The interaction of such coatings with fused
salt films in high temperature corrosion environement, is also a complex multifold phenomenon.

Such an interaction can be of a chemical nature. It can be rationalized by using the Lax-
Floodfused saltoxoacido-basicityconcept. Various oxidessolubilitymeasurements indifferentfused
media at different temperatures and O partial pressures are required as a base of discussion. These
measurements have been accompanied by many burner -rig or laboratory tests on pure or mixed
oxides. The following points can be made:

(i) There is no significant interaction between ZrO, and the fused salt
environment envisaged (sulfates and/ or vanadates)

(ii) Chemical interaction mainly consists of an acidic dissolution of the
zirconia stabilizing oxide, which causes zirconia tetragonal to monoclinic
transformation and coating failure on cooling.

(iii) This acidic leaching phenomenon is of paramount importance for marine
and industrial turbines where the environment is more acidic due to higher
vanadium content in thef uel (highervanadate concentrations in themelt)
and/or higher sulf ur contents (higher Pso, in the melt). Cerium oxide seems
to be more resistant in this environment than yttrium or magnesium oxide.

(iv) TBCfunctioning in aeronautic turbines do not sufferzirconia destabiliza-
tion (cleaner fuels).

Corrosion of the MCrAIY bond-coat can be a secondary source of degradations for thermal
barrier coatings. According to the temperature range and fuel composition, type I or type II hot
corrosion can take place. However, MCrAIY bond-coats are well designed to resist such attacks,
especially if it is low pressure plasma sprayed.

Finally, physical interaction between the ceramic layer and the salt film can also be
encountered (microcrack obstruction and/or subcritical crack growth enhancement in the ceramic),
aggravating the typical thermomechanical failure of the TBC. The effect is all the more spectacular
that the thermomechanical stress on the coating is high (the higher the temperature -- without
exceeding the salt decomposition temperature -- and the frequency of cycling). Such effects could be
observed at temperatures as high as 950°C. This third family of fused salt induced effects could be
highly deleterious to complex shaped components with local low curvature radii.
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HIGH TEMPERATURE OXIDATION OF Al-Li ALLOYS

by

P G Partridge
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SUMMARY

Lithium additions increase the oxidation rate of Al-alloys in the solid and liquid
states. At elevated temperatures in the solid state lithium diffuses rapidly through
the aluminium alloy and through oxidised surfaces to become oxidised preferentially at
the oxide/air interface where it forms non-protective oxidation products. The
consequent lithium depletion causes changes in the near surface microstructure and
hardness to depths of up to 800 pam depending on the temperature and exposure times.
Depleted surface layers can lead to substantial reductions in the strength of thin
sections. Procedures for minimising lithium depletion during processing of Al-Li alloys
are discussed.

Oxidation in the liquid state is important in casting, in fusion welding and in rapid
solidification processing and the behaviour of Al-Li alloys under these conditions is
described.

1 INTRODUCTION

The development of Al-Li alloys with low density and high specific modulus is well
documented in the International Al-Li Conferences over the period 1980-19871

-
3. The

alloys are normally produced by the ingot chill casting route, but rapid solidification
processing (gas atomisation or planar flow casting) and mechanical alloying techniques
are also being developed. The compositions of some commercial and experimental alloys
are listed in Table 1 together with their processing routes. There have been several
excellent reviews of the microstructure, processing,

9 
and mechanical propertiesl-2,10 of

Al-Li alloys and these aspects will only be referred to in this paper when relevant to
the oxidation behaviour. A feature of all Li-containing Al-alloys is their reactivity at
elevated temperatures with oxygen or water vapour. In the solid state the rate of
oxidation can be one or two orders of magnitude greater than for Li-free alloys and
explosive reactions can occur with molten Al-Li alloys in contact with water. It is
therefore a tribute to the aluminium, industry that the problems associated with the
manufacture of Al-Li alloys have been overcome and large ingots are now becoming
available for conversion to rolled, forged and extruded products

11
.

The potential reduction in weight and hence cost savings predicted for Al-Li alloy
structures has led to rapid application of Al-Li alloys in the aerospace industries. The
effect of elevated temperature oxidation during heat treatment is therefore of particular
interest. Several papers have dealt with the elevated temperature oxidation of Al-Li
alloys in various environments (Table 2) but many aspects require further investigation
and there are conflicting reports on the basic oxidation behaviour and on the effect of
oxidation on mechanical properties. A review of some of the published data is presented
in this paper and their significance for the commercial processing of Al-Li alloys is
discussed.

2 OXIDATION OF Al-Li ALLOYS IN THE SOLID STATE

Surface oxidation products are readily visible on the surface of Al-Li alloys after
exposure at 1,500*C for times greater than 20 minutes. Coincident with the surface
oxidation the following changes occur in bands below the surface:-

i Lithium and sometimes magnesium depletion.

ii Depletion of 6' (A13Li) precipitate in peak aged and of 6 (Al3Li) precipitate in
overaged Al-Li alloy.

Iii Recrystallisation and grain growth in unrecrystallised sheet.

iv Reduction in hardness.

v Formation of pores or LiH particles.

The oxidation products formed on Al-Li alloys and the experimental evidence for the
sub-surface changes are described below.

A summary of the oxidation studies reported for binary and ternary Al-Li alloys is
given in Table 2. These have included exposure to vacuum and various gaseous
environments (eg air, Ar, H2 , N2 and C02/N2 and 02/Ar mixtures) in dry and moist
conditions at temperatures up to 580*C and for times up to 50 h. Weight gain data and
X-ray and electron beam analytical techniques have been used to relate the surface
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oxidation products to the oxidation conditions. Oxidation was found to be sensitive to
moisture

13 ,19 ,2 1 
which could lead to an increase in hydrogen content

13
,
21 ,24 .

2.1 Surface Oxidation Studies

Lithium oxidises preferentially at the free surface of Al-Li alloys and many
oxidation reactions are thermodynamically favoured

21
. The following reactions 1 - 4 are

in order of decreasing AG, the free energy change, and lead to the products most
frequently detected on Al-Li alloy surfaces:-

4 Li + 02 , 2 Li20 (1)

2.5 Li + 0.5 Al - H20 - 0.5 LiAI0 2 + 2 LiH (2)

2 Li + H20 , Li20 + H2  (3)

Li20 + CO2 - Li2C03  (4)

The mass and volume changes that occur when lithium metal is converted to these solid
oxidation products are given in Table 3. A substantial increase in weight occurs in all
the examples with the greatest increase for the Li2CO3 phase and only Li20 has a volume
ratio less than unity.

Ahmad
23 

investigated the oxidation of 8090 alloy at the SHT temperature (530*C) in
air. The early stages of oxidation were studied by Auger electron spectroscopy (AES)
with depth profiling using inert gas ion sputtering; the sputter etching rate was
'20 nm/mn. An elemental distribution depth (sputtering time) profile for a ground and
etched surface is shown in Fig 1; the surface is completely covered by A1203. The effect
of annealing in air for times up to 30 min at 530*C is shown in Fig 2. After annealing
for short times (<10 min) Al and Mg oxides coexist, however after 30 min the outermost
surface is completely covered by oxidised Li with Mg only appearing after 10 min
sputtering. With increasing time more Li diffuses from the bulk to the surface and is
preferentially oxidised, whilst the rate of Mg oxidation slows down. Li appears to
diffuse faster than Mg through both the metal and oxide. The oxide sLi 5Al0 5 increased
with time, but Li2CO3 was present after 5 min and became the dominant oxidation product;
after 60 min yLiAI0 2 was detected.

Holdway and Bowen
26 

also found Li2C03 to be the dominant oxidation product on 8090
in air; X-ray intensitites after 15 min and I h at 530*C are shown in Figure 3. Only the
spinel yLiAl0 2 and Li2CO3 were detected. Other studies on 8090 at 500C20 suggested
Li20 occurred in dry air and LiAI0 5 in moist air. Results obtained for 2090 alloy
oxidised at 550*C in dry and moist air showed yLiAl02, OLiAl0 2 and Li2CO3. Thus in the
commercial alloys a variety of oxides have been reported even for the same alloy, but the
dominant oxidation product in the presence of 02 or moisture after long exposure times at
530*C appears to be Li2CO3.

These results differ from earlier X-ray results obtained on binary and ternary
Al-Li alloys by Field et a113,

17
, who suggested that at 530°C Li2CO3 would be replaced by

yLiAl0 2 in dry air and by mixed spinels in moist air. Furthermore these workers concluded
that oxidation was controlled by nucleation and growth of the oxidation products at the
metal/oxide interface, whereas all recent studies on commercial allois have concluded that
Li depletion and oxidation is controlled by bulk diffusion of Li18,2 3

.

Differing results have also been reported for the behaviour of Mg in commercial
alloys. Fox et a118,27 found surface depletion of Mg in 8090 was, like Li, controlled by
bulk diffusion to the surface. Russian workers also reported Mg depletion in 01420 alloy
(Al-5 Mg-2 Li)

12
. However Ahmad

23 
using 8090 bar after SHT in a salt bath or in air at

530'C found no significant Mg loss, although Mg appeared to be lost during thermo-
mechanical processing. Similarly only Li was severely depleted from an Al-2.9 Li-1.5 Cu-
2 Mg-0.15 Zr alloy ingot annealed in dry argon for 12 - 48 h at 543*C

8
. Further work is

required to clarify these results.

The oxidation products on Al-Li alloys are permeable to Li and the Li2CO3 film
appears as a brittle loosely adherent coating which is usually cracked. A deliberately
damaged Li2CO3 film is shown in Figure 4; the surface beneath the film appears undamaged
by oxidation and the original mechanical polishing scratches (at A) and grain boundary
grooves were visible. A number of workers have noted that Li2O, LiH and Li2CO3 filmswere removed by washing in water

2 1
,23,24 whilst the spinels were unaffected.

It is interesting to note that after exposure in vacuum at 530'C no surface
oxidation products were detected optically (Fig 5) or by X-ray diffraction (Fig 6) but Li
depletion occurred

25
; under these conditions Li must be lost at the surface by sublimation.

Subsequent exposure of the same surface for 1 min in air at 530*C produced the normal
discontinuous oxidation products (Fig 7) and after j h the continuous Li2CO3 film was
detected (Fig 6). Thus the amount of oxidation product may not indicate the extent of Li
loss. Much of the published work referred to above involved long exposure times and thick
surface films. In practice heat treatment times for thin sheet are kept to a minimum to
reduce lithium depletion of the surface

18
,28

-
30 and to avoid contamination of surfaces

prior to solid state diffusion bonding. The latter is particularly important in the
development of high strength diffusion bonded joints in combination with superplastic
forming of thin sheet. Experiments have been carried out to investigate the surface
contamination of 8090 alloy sheet after exposure times up to 1 min at 530CC in moist air

___ __ __ __
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or argon 
25

. After 1 min little continuous film formation had occurred, but rapid
oxidation was observed at isolated sites aligned in the rolling direction as shown at low
magnification in Fig 7. The morphology of the oxidation products at these sites varied
from hemispherical or conical mounds about 25 am diameter and 25 am high (Fig 8a) to
longer conical shaped growths up to 1 mm long (Fig 8b) or filamentry growths '10 em
diameter and I mm long (Fig 8c); growth rates were estimated to be 2 am/s. The growths
in Fig 8b-c are similar to those reported elsewhere

37
,
9 

and identified as yLiAlO 2 . When
these oxidation products were removed from the surface by ultrasonic cleaning, pits were
found beneath the growths (Fig 8d). The sites of rapid oxidation coincided with the
position of insoluble Cu or Fe containing particles (possibly A16Cu Li or A17 Cu Fe) in
stringers. The pit depths were 10 - 20 am with up to 18 x 103 pits/cm

2
.

The above summary emphasises the need to combine high resolution analytical and
electron optical techniques in order to understand the oxidation behaviour of Al-Li
alloys.

2.2 Effects of oxidation on subsurface microstructure and microhardness

In unrecrystallised 8090 sheet the evidence for Li loss at elevated temperatures is
usually taken to be the occurrence of recrystallisation and grain coarsening and a
reduction in hardness below the sheet surface. The coarse grained region in as received
sheet is typically about 20 am deep as shown at A in Fig 9a. With increasing exposure
time to 12 h at 530*C the surface density of the (100) <100> texture in 8090 sheet
increased from <2 to 14 whereas the overall grain growth increased the (110) <100>
texture

31
. Mechanical polishing or chemical milling can remove this soft depleted layer

as shown in Fig 9b.

Curves of hardness v depth for sheet SHT for 20 min or 4 h at 530'C is shown in
Fig 1018. Prior removal of the surface layer reduces the depletion depth after 20 min
oxidation, but had little effect on the depth after 4 h oxidation.

The effect of SHT temperatures of 480*C, 520*C and 575'C on the hardness gradient
in 5 mm sheet is shown in Fig 1118. Depletion occurred at all temperatures, but the
depth at which the parent metal plateau hardness was reached increased and the hardness
gradient decreased with increasing temperature. Fox et a115,

2 7 
showed the measured

normalised Mg concentration versus depth curve was in good agreement with the micro-
hardness curve. Lithium loss was not measured but calculated assuming the surface was
an infinite sink for Mg and Li solute and the relationship for diffusion was

18
,
23

;

wilrei:) aloCc erf of Li in).Tertclcnetainpoie (1)

Where Co = alloy Li content C - concentration of Li at a distance x from the surface
at time t, t = time, D = diffs1vty of Li in Al. Theoretical concentration profiles for
both Li and Mg were in good agreement with the microhardness curves

27
.

Indirect confirmation of Li solute depletion was provided by observations of
precipitate density as a function of depth. After 1 h at 530*C the precipitate largely
responsible for the hardness in 8090 alloy, 6' (AI3Li), was absent to a depth of '30 am.
This was believed to be the region in which the Li concentration was <1 wt % Li. Mg
depletion led to a low Mg/Cu ratio and the possibility of e'/e precipitation. In
recrystallised sheet Li loss may occur in the absence of grain coarsening which depends
on processing and thermal history

31
. It should also be noted that the depth of Li loss

cannot be deduced from the depth of the recrystallised layer which is much less than the
depth of the soft layer determined by microhardness

27
,32 ie.

depth precipitate free zone < depth recrystallised < depth of low microhardness
(30 "m) layer (60 am) region (100 um)

Some depletion depths determined by microhardness for various heat treatments are listed
in Table 4. An example of the relative depletion depth determined by microhardness
measurement and the depth of the coarse recrystallised grain microstructure determined
metallographically is given in Fig 12 for 3 mm thick 8090 sheet SHT for 4 h at 560*C in
air.

Fox
27 

measured the microhardness on transverse sections (LT/ST) of 8090
unrecrystallised sheet after SHT at 530*C in a salt bath. Measurements were made in
directions parallel to the elongated grains (LT) and perpendicular to this direction (ST)
with the results shown in Fig 13. Similar hardness curves were obtained after 20 min
with a plateau at a depth of 120 em, but after 4 h different shaped curves were obtained
with a greater plateau depth in the LT direction (350 Mm) compared with the ST direction
(25 Im). Corresponding X-ray depletion profiles for Mg confirmed the plateau depths, but
showed continuously increasing Mg with increasing depth. These results suggested that
the greater depletion in the LT direction was caused by the more rapid diffusion of Li
and Mg along grain boundaries; support for this explanation was provided by the 25
preferential formation of LiH at grain boundaries in 8090 sheet exposed at 530*C in H2
However recrystallisation and grain growth can also be produced in unrecrystallised 8090
sheet by local cold work at for example a guillotined edge, as shown at A in Fig 14; at
B recrystallisation associated with solute depletion at the sheet surface is much less.
Thus surface recrystallisation and low hardness may not always indicate solute depletion.
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Comarisons have been made between SHT of 8090 in air and in salt baths at
S30C

2 3 2  
the depletion depths in terms of the microhardness were the same in both

environments, although the shape of the microhardness curves differed slightly
2 3.

However elsewhere salt bath heat treatment is reported to reduce the depleted layer depth
by J to 1/3 2, 0, presumably by reducing the heat treatment time. An addition of 60%
LiN0 3 to the NaN0 3 bath reduced the near surface depletion slightly after 4 h at 590°C
without affecting total depletion depth

27
. Severe loss of Li was reported during ageing

of Al-2.3 Li-2.8 Cu alloy in a salt bath at 190-235*C3
5
. After 20 min and 4 h at 530*C

in a salt bath 8090 sheet showed large pores and blisters below the alloy sheet surface;
the latter caused expansion of sheet in the thickness direction

27
.

There was evidence that Li lose in 8090 sheet was less in argon
18
'
27

. In a study
of Al-3 wt % Li alloy

36 
Li loss was significantly less in an argon sealed environment

than in a vacuum sealed environment after 11 h at 550°C (Fig 15). This suggests that in
sealed high pressure argon, 02 or moisture is gettered by Li and argon pressure reduces
the rate of Li loss. The effect was particularly apparent in the STA condition (Fig 16);
the depletion depth was greater in air (Fig 16a) than in a sealed vacuum or a dynamic
vacuum (Fig 16 b-c) environment and was very small in a sealed argon environment
(Fig 16d).

An X-ray and microhardness study carried out on 8090, 8091, 2090 and 2091 showed
2 6

that after 1 h at 530*C in air the depletion depth was simllar in all alloys at 200 gm.
A linear relationship was obtained for depletion depth v tt for times (t up to 24 h.
With 8090 sheet and for the normal SHT temperature of 530°C the depth of the depleted
layer x (em) could be related to the exposure time t (minutes) by:-

x = 14.85 %T + 48 (2)

A similar relationship was reported for 01420 alloy at 450*C and 500*C for t = I h to
100 h and for exposure in air, salt bath and for an Al electroplated surface

12
. The

X-ray intensity measurements for Li2CO3 differed in the 8000 and 2000 series Al-Li alloys
with greater intensities for 8090 and 8091; this was attributed to the higher Li contents
in these alloys. It was concluded however that the maximum or integrated peak
intensities for Li2CO3 in the angular range 20-33'/2e could be a viable non-destructive
technique for monitoring Li depletion with an accuracy limited by the accuracy of the
microhardness measurements. But a wide range of values have been reported for Li depletion
depths even for similar exposure conditions

2
6 as shown in Table 4.

The depletion depth measured in an 8090 forging exposed to 438*C is shown in
Fig 1733. Much longer exposure times are possible at this lower temperature before
significant depletion occurs (Table 4). In Al-Li ingots or castings homogenisation
treatments may involve a combination of long times and progressively higher temperatures
in order to avoid incipient melting

8
. The depletion depth determined for a cast alloy is

shown in Fig 1834. No significant depletion was found in the as cast state, but
increasing depletion occurred at 500"C in an air circulating furnace. After 20 h a low
but constant hardness plateau was obtained compared with a progressively increasing
hardness curve at shorter times. These results imply that for SHT times often used for
Li free Al-alloys (up to 48 h) depletion depths greater than 0.6 mm would be obtained.

The effect of environment on Li-depletion depths (determined by chemical analysis
and optical microscopy) is shown in Fig 198. Dry N2 produced the smallest depletion
depth and a coating of Li2C03 whilst wet N2 produced the largest depletion depth and a
coating of LiAl0 2. No difference was found between dry, wet or laboratory air and the
depths were all less than in wpt N2.

2.3 Effect of Oxidation on Weight Gain and Porosity

The increase in mass when lithium containing oxidation products are formed (Table 3)
has been used extensively to monitor the oxidation behaviour of Al-Li alloys. The effect
of Li content on the weight gain in wet air at 500°C is shown in Fig 20a

19
; the rate of

weight gain increased with increase in Li content and the curves appeared to be parabolic.
The corresponding curves showed that the rate of weight gain was substantially less in
dry air (Fig 20b). For similar Li contents (3 wt %), the weight gain for binary Al-Li
was 10x that for a binary Al-Mg alloy and a further factor 10 increase was obtained for
Al-Li alloys in moist air

1 3
.

The effect of various atmospheres on the weight gain of Al-2.7 wt % alloy at 520*C
has been reported

17
. For dry air, N2 or 20% 02/dry air the weight gains were similar.

Water vapour dominated the oxidation kinetics regardless of the carrier gas and led to
breakaway oxidation after N3 h in wet 02/Ar gas. Trace alloying additions of Be, Ca and
Bi at 10n and 1000 ppm did not significantly reduce the oxidation of Al-3% Li. The
effect of magnesium and copper additions to Al-Li alloy reported by Gregson

37 
is shown in

Fig 21; magnesium had a slight effect (compare curves 1 and 2) but the Li content had the
greatest effect on the weight gain.

The weight gain for the commeTcial alloys (DTDXXXA equivalent to 8090 and
DTDXXXB z 8091) are shown in Fig 22" ; the rate of weight gain in dry air compared to 8090
appeared to be greater for the 8091 alloy initially and then became similar. Both alloys
appeared similar in wet air, showing a transition from parabolic to accelerated oxidation
after 2 h. The weight gain was greater than for the binary alloys and this was attributed
to the magnesium content. Copper caused only a slight increase in weight qain.
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When depletion depth (defined by microhardness) and weight gain data are compared
the surprising result is that moisture did not effect the depletion depth although it
increased the weight gain. Thus the weight gain cannot be used to determine the Li
depletion depths or oxidation ratesl9,21.

The weight gain data for commercial 2090 alloy has been determined in the temperature
range 200 - 550*C in (i dry air (<10 ppm H20), (ii) moist air (2200 ppm H20), (iii) dry
20 vol % C02/80 vol % N2 , (iv) 10% C02/10% N2 (v) dry N2 (Fig 23)21. For all temperatures
and atmospheres the weight gain versus time curves were initially parabolic changing to
linear after 1.7 - 5 h. Note that some oxidation occurred below 400*C when the weight
gain increased in the order 5, 1, 2, 3, 4. Above 400*C 1 and 5 caused the lowest gains,
and then the weight increased in the order 4, 3, 2. Porosity was found in cross-sections
after heating in air, and increased with increase in moisture content or temperature.
Based upon thermodynamic data it was difficult to account for the sensitivity to moisture
in the reactions with Al-Li alloys. The moisture effects may be an indirect effect of
volume changes in the oxidation products, and porosity and disruption of the films by
H 221.

Micropores and increased N2 content have been reported for oxidised AI-Li alloys by
many workers. Li was the dominant factor influencing porosity in 01420 alloy

12
. Surface

H2 contents of 0.8 - 1.2 cm
3
/100 g were 2x that in the bulk and 4 - 5x that of pure Al.

Bands of subsurface porosity have been found in 8090 sheet
I0 

and forgings 
32
. The

depth of the bands and the Li depletion depth increased toqether with increase in the SHT
time at 530*C in air; the bands always occurred at about the maximum depth of the
depleted layer. The results obtained by Dickinson et a124 in a careful metallographic
study of oxidised Al-3 wt % Li plate and 09 alloymay explain many of the confusing
observations of porosity in AlLi alloysl 

,
Iu

,32
. They found both porosity and LiH

particles could be obtained depending on the environment. LiH formed in preference to H2
porosity when H20 vapour <10 - 100 ppm, but in high concentrations of H20 vapour or H2,
porosity occurred. LiH was found to dissolve in water or ethanol. Thus the sites of LiH in
metallographic samples polished in these media could appear as pores. The displacement
of the bands of LiH particles ("porosity") to progressively increasing depths with
increasing SHT time can be explained by the diffusion of Li to the surface. When the Li
concentration around the LiH particles falls below a critical concentration the LiH
particles dissolve, liberating H2 which diffuses deeper into the alloy to reform LiH. In
practice the diffusion of H2 through the surface films may be a complex process
dependent on the properties of the oxide films. For example in the presence of a
continuous Li2O film, H will require anion vacancies in the lattice for transport and
this would be the rate limiting step for H2 diffusiog. Also the state of the lithium may
effect the lattice mismatch, since the Li atom (1.5 A) has a much larger radius than Li'
(0.6 1)38. In a recent review of hydrogen effects in advanced materials it was noted
'.hat whereas Al alloys are not considered sensitive to hydrogen, the behaviour of Al-Li
alloys is not yet clearly defined

39
.

3 OXIDATION OF Al-Li ALLOYS IN THE LIQUID STATE

3.1 Ingot and component casting

Lithium confers a greater reactivity to aluminium melts than any other alloying
element

40
. Impurities such as 02, H20 vapour, C02, and N2 occur in all furnace

atmospheres and with an Al - 3 wt % Li alloy at 740*C in dry and moist atmospheres the
formation of LiOH, LiOH.H 20, (neither of which normally occur in the solid state) and
the dominant Li20 and Li2CO3 phases were detected. Aluminium oxides were absent at this
Li concentration but were found on melts with <1% Li. In an Al-Mg-Li-Be alloy at
710 - 720*C Li2O dominates but was non-protective; 0.2% Be reduced the rate of oxidation
after 90 min

40
. No nitrides were detected even in dry N2. Additions of Be, La, or Y

did not inhibit oxidation of Al-Li binary and when 0 or H20 vapour concentration
exceeded '30 ppm the oxidation rate was similar in ail proecjve atmospheres. Thus only
high purity gases are likely to reduce Li oxidation in a melt 

.

Production of aerospace Al-Li alloys on a large scale usually involves a process of
semi-continuous vertical direct chill (DC) casting to convert molten metal to solid
ingot. The coolant (usually water) impinges directly on to the skin of a partially
solidified ingot. Skin fracture can lead to molten metal reacting with the coolant.
Molten Al-Li alloys explode more violently with water than other Al-alloys. The energy
released (KJ/kg) increased exponentially with increasing Li content above about 3 wt % Li
leading to potentially dangerous conditions

41
. The explosive conditions are complex and

involve the evolution of large volumes of H2 gas produced by water/metal reaction. The
thermal conductivity for molecular H2 is 10 times greater than for water at 100'C; the
increased ueat transfer coefficient in believed to contribute to the increased energy
yield with Al-Li alloys.

Because of the reactivity of molten Al-Li alloys, in the casting of components
special attention must be paid to the refractories and atmospheres to avoid loss of Li
and H2 contents up to 50 times that found in other Al-alloy castings. The hydrogen
reaction appears to be independent of other alloying elements in the Al-Li alloys.
Compared with data for wrought alloys there is little work reported on Al-Li casting
alloys, although material utilisation should be improved and since casting factors
effectively increase the weight penalty, reductions in alloy density are particularly
attractive for castings.
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Metal/vuld reactions have been investigated using an Al-2.5% Li alloy with Mg and
Cu additions . No reaction was obtained with an iron mould, but severe interactions
were obtained with sodium silicate bonded sand. The subsurface layer of the casting in
contact with the sand contained large gas bubbles. When sodium silicate was replaced
with resin a dramatic reduction in the reaction was obtained; although a carbonaceous
layer was formed the casting quality was equal to that for the iron mould. The reduced
reactivity was attributed to the absence of water associated with the silicate binder.
Ceramic coatings such as A1203 and SiC on the resin bonded sand mould prevented
carbonaceous film formation but their lack of permeability led to gas bubbles in the
metal near the ceramic coatings. Further developments are expected in cast Al-Li alloy
technology.

3.2 Rapid Solidification Processing (RSP)

Some of the potential benefits of RSP, common to most alloy systems, are reduced
segregation, refinement of the microstructure (smaller grain and dispersoid sizes) and
large departures from equilibrium constitution (high solute supersaturation, non-
equilibrium phases)

43
. All the RSP techniques such as gas atomisation, mechanical

alloying and chill casting (melt spinning, spraying and splat cooling) have-been applied
to Al-Li alloys with the objective of achieving a greater reduction in density or
increase in modulus

4 4
. It may be possible for example to increase the Li content above

2.7 wt % (the limit for ingot metallurgy) without causing embrittlement
45,45

. RSP Al-Lialloys may also have the advantage of not requiring a stretching operation prior to ageing

and so be particularly suitable for forgings.

However the consolidation of RSP Al-alloy products has presented many problems
because of the surface oxide, hydroxide or carbonate film formed on the powders or
particles. These films become semi-continuous films or stringers after consolidation and
lead to low toughness.

Contamination by oxidation products depends upon cooling rate and on the partial
pressures of 02 and H20 during RSP, storage and handling. These oxidation problems are
greater for Al-Li alloys. For example the surface oxide film thickness was greater
(15 - 50 nm) on atomised powder and melt spun Al-3 Cu-2 Li-1 Mg alloy ribbon than on
Li-free alloys

46
. Oxide or carbonate films on' prior powder particle boundaries were a

dominant factor in controlling the fracture toughness of consolidated melt spun ribbon in
Al-3.4 Li-0.8 Cu-0.4 Mg-0.5 Zr alloy

45
; increasing the particle size, reduced the

particle surface area to volume ratio and increased toughness. However cooling rates also
affect oxide film thicknesses. The finer the particle size in gas atomised powders the
greater the cooling rate and the thinner the oxide film. On melt spun ribbon the oxide
film was a factor 2 thicker on the top surface than on the bottom roll face surface and
thicker on thicker ribbons, because of slower cooling rates. In general the larger melt
spun particles size translate to small surface/volume ratio, which tends to minimise
effects due to surface oxides on ribbon compared with atomised powder products

44
.

Mechanically alJyed (MA) Al-Li alloy powders tended to have thicker oxide than inert gas
atomised powder ; also when exposed to ambient conditions MA powders tended to reabsorb
more moisture and form thicker hydrated surface oxides.

In melt spun Al-3 Li alloy containing 2 or 10 wt % Be
46 

the as spun oxide films were
10 - 50 nm thick and increased to 2.5 - 3 4m after 20 min at 500*C in air. Even in the
high Be alloy, Li oxidised preferentially at 500*C although BeO is the most stable oxide;
Li was concentrated in the top surface of the oxide above a Be-rich oxide layer. Thus
rapid Li diffusion through the oxide film suggested kinetic rather than thermodynamic
factors alone dictated the oxidation behaviour.

Vacuum atomised high Li alloys containing 4-5 wt % Li were much more reactive than
Al-3 wt % Li

5
. Li-rich inclusions aligned in stringers in consolidated material

increased the notch sensitivity and led to local rapid oxidation pitting during SHT at
588°C for 1 h. Liquid dynamic compaction was used to reduce the contamination; the oxide
content was reduced to 20 ppm compared with 600 - 1000 ppm in conventional powder
extrusions

48
. During superplastic deformation at 590°C under 2.1-2.8 MPa gas pressure

the Li loss was small (4 wt % to 3.8 wt % Li from density measurements), which suggested
Li loss would not be a problem at strain rates >6 - 10-4 s-

1
. However density data may

not be adequate for assessing Li loss.

Early attempts at making Al-Li/SiC composites by the Osprey inert gas spray
deposition process produced porosity of '10% compared with <5% for non-Li alloys1

9
.

Oxidation of Al-Li was often associated with hydrogen evolution and high H2 contents
(10 - 50 w ppm compared with 0.4 w ppm for ingot material) were a feature of extrusions
produced from various Al-3 wt % Li RSP products

50
. Vacuum annealing was ineffective in

removing H2 from the extrusions. Since the H2 was believed to originate from hydroxides
on particle surfaces caused by reactions with ambient atmospheres, improved powder
cleanliness and degassing was recommended.

3.3 Fusion welding

There is considerable interest in fusion welding of Al-Li alloys by gas tungsten
arc (GTA), gas metal arc (GMA) and electron beam (EB). However all Al-Li alloys are
susceptible to weld porosity and Li depletion in the weld zone. In 2090 alloy the
problem was greater for thin sections

5 . 
In 01420 alloy GTA welded using 3 passes with

01420 filler metal, the H2 and Li contents fell together in the surface analysed across a
transverse section of the weld (Fig 24) and increased together from bottom to top of the
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weld; it was suggested that this coincidence may be caused by LiH formation
7
. In GTA

welded 8090 alloy the use of 8090 filler reduced the Li loss in the weld
52

. The porosity
was attributed to hydrogen derived from moisture associated with surface films formed
either during SHT or during exposure at room temperature for times greater than 20 h
after machining. To reduce the porosity it is recommended that an 0.2 - 0.3 mm deep
surface layer be machined or chemically milled from the surface immediately before
welding. For alloy 01420 vacuum degassing at 450*C for 24 h at 10

-2 
- 10

-3 
torr or in

high vacuum (at 10-5 torr) significantly reduced or eliminated porosity (H2 <0.2 ml/
100 g)

53
. It was also reported that in the 01420 alloy LiH formed as low as 450*C and

rapidly at 710 - 720*C.

3.4 Salt Bath Heat Treatment

In sodium nitrate salt baths the rate of reaction of Al-Li alloys becomes rapid
above the liquidus temperature particularly for Li contents greater than 4J%

54
. For

example ac near eutectic composition (9.7% Li) considerable gas evolution preceeded
violent eruption and pyrotechnic displays at a temperature of 616'C, the liquidus
temperature. However commercial Al-Li alloys with Li contents <3% were melted in a
salt bath with no signs of reaction. It was concluded that all Al-Li alloys may be
safely heat treated below the liquidus temperature in salt baths up to 600'C.

4 EFFECT OF Li DEPLETION ON MECHANICAL PROPERTIES

Strength reduction will clearly depend on the depth of the lithium depleted layer.
This is dependent primarily on the temperature and the total exposure time eg for
multiple SHTs a limit of 2 extra SHTs (of 20 min each) has been applied to sheet

55
. When

considering mechanical properties the effect of other sheet processing variables must
also be considered eg

i Pre-chemical milling or etching to remove depleted layer produced during sheet
manufacture.

ii Initial microstructure eg the size, shape and c..1,ntation of the grains.

iii Heat treatment environment eg atmosphere, salt bath composition, argon gas pressure
and 02 or moisture content.

iv Post - heat treatment process eg chem-milling.

The strength reduction will also depend on the sheet thickness and forming techniques.
A given depletion depth may be insignificant in thick sections but become significant in
very thin sheet. Unique factors associated with superplastic forming of thin sheet, such
as prolonged treatment times

55
, simultaneous decrease in sheet thickness and increase in

surface roughness5
6 

all tend to enhance the effect of or increase Li loss. When formed
into a die, Li loss may be assymmetrical through the sheet thickness, being less at the
surface in contact with the die. The loss of Li on as forged surfaces of precision
forgings is of some concern, but Li loss may be avoided in conventional closed die
forgings

33
. (Note that Al-Li alloys with higher Cu contents may be quench rate sensitive

and changes in strength caused by Li loss may be obscured by changes in cooling rates.)

In comparing the magnitude of the reduction in strength reported by different
authors the type of test piece and whether it is partly machined after heat treatment
must be taken into account. For a sheet test piece machined at the edges, the tensile
strength is given by

00  2 ( 0  - ad )x (1)

where a strength of undepleted alloy, 
0
d = strength of depleted region, w = thickness

of rhee. If x is the depth at which Li is depleted to 2/3 of its original value, then
x % 1.5 (Dt)i where D = diffusivity of Li in Al, t = SHT time and3

co - 3 (co - ad) (Dt)i (2)

Combining equations (2) and (3):-

(a - ao) =- (a - cd )  o (

where m and c are constraints depend on temperature. The strtLh reduction (o - ao
) 
is

proportional to the depleted layer depth and increases with /time.

Tensile and proof strength data for 8090 sheet obeyed the t' relationship after SHT
in air or in a salt bath before or after anodising ,29; the curvrs for SHT in air are
shown in Fig 25. The strength reduction coincided with an increase in elongation. Some
test pieces exposed for the maximum time were machined to remove the depleted layer before
testing; those test pieces exposed in air regained the bulk strength, indicating the fall
in strength was caused by the depleted layers. Anodised test pieces did not regain the
full bulk strength after machining. In the salt bath the rate of loss of strength was
only slightly less than in air. In a salt bath heat treatment tims ma be half that in
air with a corresponding reduction in the depletio8depth of 1/2 to /32 

" 
3 Early results

suggeS tingianofising before SP" suppressed Li loss were not confirmed at longer
exposure times
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Higher temperatures might be considered for diffusion bonding. Some stress/strain
curves for 0.9 mm thick sheet after high temperature exposure are shown in Fig 26. The
reductions in strength and the corresponding depletion layer depths are shown in Table 5
and Fig 12. At these high temperatures reductions in strength of up to 27% were obtained
compared with a reduction of only 6% after the specified STA treatment applied to the
0.9 mm thick sheet. It may be possible to reduce Li loss during bonding at the high
temperatures by stack bonding the sheet followed by superplastic forming at lower
temperatures. Much smaller reductions in strength were obtained after identical high
temperature SHT of thicker (4 mm) sheet (Table 5). This indicates that the bulk strength
was not effected by the heat treatment and that, as expected, similar depletion depths on
thicker sections have much less effect on static strength.

Since the reported depletion layer depths may differ by a factor 2, care should be
taken in using these data to predict the reduction in strength. Furthermore the hardness
in the depleted layer depends on composition and heat treatment, since some solid
solution and precipitation hardening does occur in this region as shown schematically in
Fig 27. More quantitative data are required relating Li depletion depths, heat treatment
and processing variables to the mechanical properties of AI-Li alloys.

5 DISCUSSION AND CONCLUSIONS

Users of Al-Li alloys are well aware that Li depletion occurs during processing and
heat treatement. However Li depletion depth data are not always reported, even when high
temperatures are used for example with powder alloys. This suggests that the importance
of Li depletion is not always appreciated. There is a surprisingly large variation in the
reported depletion depths for similar exposure conditions, from which it is not clear
whether this is caused by a variation in the rate of Li loss or in the measurements by
different operators.

Volume changes and thermal stresses caused cracking of surface films on Al-Li
alloys and the surface area may be increased by porosity associated with hydrogen

21
,
22

,
24

or Kirkendall diffusion
22

. These factors and the occurrence of all the oxidation
products together in surface films, preclude the use of gravimetric data for determining
oxidation rates for Al-Li alloys

19
'
2 
1,20, nor can the depth of the lithium depleted

layer be used to predict oxide layer thickness as suggested elsewhere
8
. Furthermore the

use of X-ray diffraction data to relate the amount of each oxidation product to the
oxidation conditions is made difficult by the lack of sensitivity at low volume
fractions

23
, by the variety of oxidation products, by the large changes in oxide

thickness over small distances on the alloy surface
2
l and by subsequent reactions of the

oxidation products in air at room temperature
21

.

A knowledge of the Li depletion is particularly important when thin sections are
used or when long processing times or high temperatures are involved. Li depletion
appears to be limited only by the bulk diffusion rate and is therefore controlled by the
exposure time and temperature. Prior surface treatment, different atmospheres or salt
bath heat treatment appear to have little effect on the Li depletion depth after long
times. However there is evidence that sealed inert gas pressure heat treatment may
reduce the rate of Li loss and salt bath heat treatment may allow shorter exposure times
compared with heat treatment in air. Avoiding exposed metal surfaces by keeping sheets
in contact with die surfaces or stacking sheets could also reduce lithium loss during
heat treatment. To prevent H2 pick-up hydrated surface films must be removed prior to
heat treatment and moisture must be eliminated from the environment. Further studies are
required to investigate the factors that effect the rate of lithium loss and the
mechanism of oxidation in particular alloys, and the conflicting data on magnesium loss
should be examined. Finally the development of a rapid, reliable and accurate NDE method
for measuring Li depletion is required for quality control on incoming sheet and for
monitoring Al-Li products during in-house processing.
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TABLE I COMPOSITION AND PROCESSING ROUTE FOR SOME Al-Li ALLOYS

Production Composition wt % Specific Reference
Route Li Cu Mg Fe Si Zr Gravity

Ingot LITALAl 2.4 1.2 0.54 0.08 0.03 0.14 2.54 1
8090 2
CP271 2

LITAL8
1  

2.4 1.93 0.76 0.07 0.09 0.12 2.55 1
8091

2090 2.09 2.66 0.05 0.12 0.03 0.11 2.60 1
ALITHALITE

3  
3

2091 2.1 2.11 1.54 0.05 0.05 0.08 2.58
CP274

2  
2

014204 2.05 5.09 0.06 0.06 0.08 2.47 7

Melt spun 6785 3.22 0.54 3.07 0.83 4

Powder 4.10 1.0 0.2 5
atomised

Mechanically IN905XL 1.5 4.0 * 1.2C + 0.4 0 2.58 6
alloyed

I LITAL Alcan UK. 2 CP27X Cegedur Pechiney, France. 3 ALITHALITE Alcoa USA.
4 Russia. 5 Allied Corp USA. 6 Novamet Aluminium, USA.
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TABLE 3 MASS AND VOLUME RATIOS FOR LITHIUM OXIDATION
2 1

Oxidation Product mass Product volume
product Metal mass Metal volume

Li 20 2.10 0.57

LiAlO2 1.94 1.12

Li2C03 5.32 1.35

TABLE 4 EFFECT OF HEAT TREATMENT ON LITHIUM DEPLETION DEPTH
DETERMINED BY MICRONARDNESS MEASUREMENTS

Solution Depletion
Material Heat Treatment Depth Reference

in Air "m

Unrecrystallised 5301C 20 min 100 18
8090 sheet 5301C 4 h 210
(3 mm)

8090 sheet 5301C 20 mi. 47 RAE
(0.9 mm). Surface 5601C 4 h 204
machined before heat
treatment

8090 sheet, as rolled. 500*C 1 h 50-60 19

8090 sheet 530*C 30 min 160 ± 30 26
As received. I h 190 ± 30
2.07 m 2 h 220 ± 40

4 h 260 ± 20
24 h 600 ± 50

8090 bar 530C 1 h 80 23
(air and salt bath)

8090
forging 438*C 6 h 25 33

2091 526*C 8 h 240 32
die forgqng

Al-1.5 Li-2.9 Cu-2.1 Mg 510-C 2 h 250 34
Casting 510*c 24 h 800
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TABLE 5 EFFECT OF HEAT TREATMENT IN AIR ON THE TENSILE PROPERTIES OF
0.9 M4 AND 4 MM THICK 8090 SHEET

4 mm sheet machined to 0.9 mm thick 4 mm thick sheet

Reduction Reduction
Tensile in Depletion i Depletion

Heat Depth Heat Tensile Depth
Treatment Strength Strength (Micro- Treatment Strength (Micro-
Conditions o 0 - 00 hardness) Conditions a 0 - c0 hardness)

MPa _
a0 u u

1) STA + surface 428 0 1) As received 434
machined to (0c) + aged 00
remove
depleted
layer

2) 1) n STA 402 6% 47 2) 1) + STA 428 1.4% 55

3) 1) + 570-C I h 350 16.4% 78-94 3) 1) a 5701C I h 393 9.5%
+ STA + STA

4) 1) + 580-C I h 332 22.4% 172-183 4) 1) a 580°C I h 398 8.3%
+ STA a STA

5) I) + 560C 1 h 314 27% 204 5 1) a 560W 1 h 398 8.3% 252
+ ETA + STA
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Fig 3 X-ray diffractograss for 2.1 mm 8090 alloy sheet, (a) as received and after SHT
at 53000 for (b) 15 minutes (c) 1 h. (261

Fic 4 Unrecrystallised 2.5 mm 8090 sheet Fig 5 Recrystallised 2.5 mm 8090 sheet
after j h in vacuum at 540

0
C and afeX1i0aum t500.[5

1 min in air at 530*C showing xO
fractured L12C03 film. (25]
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v.-r

Fig 6 X-ray intensities for 2.5 mm 8090 Fig 7 Ground surface of 2.5 mm
further h in air. unrecrystallised 8090 sheet after

1 min at 530'C in air x50.

bb

a

Fig 8 Unrecrystallised 2.5 mm 8090 sheet, after exposure at 530"C in (a) electro-
polished surface in moist argon for 1 minute, (b) (c) ground surface in air for
10 minutes (d) recrystallised sheet, electropolished surface after 1 minute at
530

0
C in moist air and ultrasonic cleaning in water. [251
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b
Fig 9 Unrecrystallised 2.5 mms 8090 sheet

in (a) as received condition
(bI af ter surface polishing x500.

10.----0

z 20min

0) 4hrs1" a-

a AS RECEIVED j06 a575CE
4 SURFACE REMOVED A50
x PRIRTO HEAT a~o
o 7 TREATMENT

o AS RECEIVED 04

0 0.1 0-2 0-3 0-4 05 2-5
0 005 0.1 0-15 0*2 025 Distance from =ifacet mm

DISTANCE FROM4 SURFACE. mm

Fic 10 8090 5 mm sheet, microhardness v Fia 11 8090 5 mm sheet po' hed surface
distance curves for as received and showing effect on i. croharness of
Polished surfaces. (181 1 h at various temperatures in air.

£181

113b 1111 fi

bands.M sMOt~M WtACE*i

Fig 12 8090 3 mm unrecrystallised sheet,
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Fig 13 8090 unrecrystallised sheet
microhardness after 530-C in a salt
bath. (271

Fig 14 8090 3 mm unrecrystallised sheet,
ground surface at B, guillotined
edge at A after 31 minutes at 530'C
in air. x250
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Pio 15 Al-3.12% Li alloy (a) block 3 3 x 10 mm and (b) plate 0.2 3 x 20 mm,

microhardness after exposure at 550'C for times up to 10 h. [36)
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Fig 16 A1-3.12 wt %LI after SHT 550'C 3 h - WO aged 200'C for 16 h (a) in air
(b) dynamic vacuum (c) vacuum sealed (d) argon gas sealed. [361

0000 

2

OO04 - 00 1504

S Ei~

900,11 so slo

;000' 2

10.3.'0 ,
4. 24 50510*0

2 G .0 20 so 00
Tint, HOURS 9 i -To

Distance from osl-cosit surface pm
Fil: 17 E090 forging, depletion depth after i 18 eptondth nAlL aly

exposure at 4381C in air. 33 cas1 Dpltin [341 i l-ialo

VU AN

A4 L

U 40 a so in
UK AT 1010 Or. ML.

Fig 19 Depletion depth in A1-2.9W Li-i .5%
Cu-2.0% Mg-0.1S Zr-alloy ingot
during homogenioation at 543*C in
different atmospheres. [81



7-21

U-~ 

2.1

21. AM---U-%
W, -M -AE AA3 l -- 0 -. e

4

Time (it 5Z0OC (ffni)

Fig 21 Effect Of alloy Content on Weight
gain of Al-Li alloys at 520*C. (37]

Fig 20 Effect of lithium content on weight
gain of Al-Li alloys at 500*C in 200 300 400 475 550*C
(a) water saturated air (b) dry air. 24

(3)22 - DAIR <10ppm H2 0

20-0AIR "L" 20OSt "SK
0 POC <10 ppmn H20 + 02

16 - 0N 2 <10ppm H2 0+ 02
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TE. 475 575 675 750 825 K
Fig 22 Weight gain of 8090 and 8091 alloys Fig 23 2090 1 mm sheet mechanically

in wet and dry air at so
0
C. [191 polished showing the effect of

temperature on weight gain after
3.3 h in various atmospheres. (211
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Weld No. 7, 01420 filler
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Fig 25 As received 1.6 mm 8090 sheet
-I 0 5 1 15 0 -showing effect of time at SHT

(1530*C1 in air and ageing (WO, 190'C
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FETIWG WAR AND FIUTTING FATIGUE
AT TMP'ERATUBES UP TO 600"C

by
R B Waterhouse

Department of Metallurgy and Materials Science
University of Nottingham

Nottingham M07 2RD
UK

Raising the temperature increases the oxidation rate of moast alloys. The thicker oxide film
prevents metal-to-metal contact and reduces the coefficient of friction. On ferrous materials a type of
oxide layer develops which was first observed in high temprature unindirectional sliding and, because of
its smoothness, was given the name "glaze oxide". Both high temperature and sliding are necessary for
its formation. The result is that the wear is much reduced and also fatigue strengths are increased. It
is only stable at the high temperature. If the temperature falls to room temperature it is soon
copletely disrupted. The evidence is that the alloys which are capable of forming the "glaze oxide" are
those on which an oxide with a spinal structure can develop. The appearance of the oxide is a smooth,
grooved outer surface, with a granular structure underneath. If the oxide is damaged it is soon
repaired. Titanium alloys do not develop this type of oxide. Surface modification by implantation of Ba
and Bi ions has produced significant improvements in the tribological behaviour of these alloys in high
temperature fretting.

I 0!UUIEXW

The features that distinguish fretting wear from umidirectional or reciprocating sliding wear are
the very small amplitude of the relative movement, and an a result, the slow velocity of movement,
typically of the order of ma/s rather than a/s. The amplitude of motion, known as slip, at which
fretting can be said to have become reciprocating motion is controversial. There is, however, a marked
increase in the specific wear rate in the region 30 to 75M, Fig. 1(1). Demage has been reported at
aplitudes of less than low. One consequence of the small amplitude is that any debris that is formed
remains in situ and does not escape easily from the contact. Often features on one of the surfaces such
as machining arks are imprinted on the other surface.
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In nearly all cases of fretting the two contacting surfaces are clamped together and are nominally
stationary with respect to each other. The movement arises from vibration or, more comonly, due to one
of the members of the contact being cyclically stressed. i.e. undergoing fatigue. In such cases slip
occurs only over part of the contacting surfaces so that there is a boundary between the slip and
non-slip areas. This boundary is frequently the initiation site for fatigue cracks. Examples of
posible fretting situations are pres-fita e.g. turbine discs on rotating shafts, or connections such as
dove-tail or fir-tree fixings of turbine blades to the turbine disc. Fretting also occurs between the
snubbers on the blades but this has the purpoae of domping vibration of the blades. In the gas turbine
aero-engine theme events are occurring in a high temperature oxidising atmosphere which exerts a powerful
influence on the process.

one of the early quantitative explanations of fretting was that due to Uhlig.(
2
). His explanation

was the asperities on one surface scraped off the oxide film on the opposing surface during a half cycle
and the oxide film grew again ready to be scraped off in the next half cycle, Fig. 2. He assumed a
logarithaic growth law which meant that there would be a pronounced frequency effect, Fig. 3a and b,
which he found in his experiments on mild steel at room tempersture. At higher temperatures the oxide
film gram much more quickly on most alloys so that on the Ublig theory the formation of debris would be
much greater. However, the first experiments on high temperature fretting by Hurricks and Ashford showed
that this was not the case, and in fact the fretting wear of mild steel showed a marked transition to a
lower wear rate in the region of 15OC(3). Shortly after this Taylor found that fretting stainless steel
in carbon dioxide at a temperature of 660CC disrupted the normally protective Cr2 03 film end exposed a
much faster growing oxide film with a spinel structure,(4). Fortunately this also exhibited low wear
propertie and also low friction. Similar films had been discovered in the high temperature
unidirectional sliding of a number of alloys by Stott and he gave them the name "glaze" oxides because of
their extremely smooth surface(

5
).

INTERFACE OXIDE ASPERITY

Fig. 2. Model of fretting wear process.
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Fig. 3. Iffect of frequenicy on (a) oxide growth rate; Ib) wear rate.

The reason that fretting lowers the fatigue performanca of materials is that the suchanical action
disrupts air-formod oxide film in the early stages and promotes intimate metal to aetal contact, often
with the formation of local welds. This results in regions of local high strein fe* igue with the rapid
initiation of fatigue cracks. If the fretting notion is the result of cyclic stressing then theme cracks
will propagate ad lead to fajure. It hs recently baen shown that if there is a residual tensile stress



in the surface or just below it the cracks csn Propagate under these conditions and my lead to
fmilueC 6

). ?be effect of increased temerature on the fatigue properties Of most alloys is to reduce
them particularly if cree becoimes an added component of the Process. However, the reduction in
coefficient of friction by the growth of oxide film will reduce the local alternating sheer stresses
resulting from the fretting action and make the initiation of a fatigue crack more difficult.

These considerations are now examined in be light of the high temperature fretting behaviour of a
numer of masteriels.

79ITM IRAN AT sinm NE AUI

Nickel and nickel-based allo~m

Swikert and johngon(
7) found that the fretting weer of Ioconel 600 was an order of magnitude less at

2600C compared with room temperature due to the protective action of the thicker oxide film. Bill( 
8 )

showed that the fretting wear of Inconel X-760 and Dene-4 steadily decreased up to a temperature of
6000C and then was constant at this value up to 8160. The wear volusa reduction was 70% for the Inconel
and 90* for the Rena. The behaviour was attributed to the protection afforded by the chromaium rich oxide
film on these alloys which contain 15 to 20* Cr. Further work on experimental nickel- chromiumn alloys
to which addition* of up to 6% Al were made, indicated thet the alloying additions considerably improved
the resistance to fretting compared with pure vickel(g), fig. 4 comares Bill's results with results

ZA Ni -20 Cr -2At
E
E o InConel 718

P 007

inte fig. 4. Wear v.tmeauefrN2O-Aland Inconel 718.

obtained inteauthor's laboratory on Inconel 718(00). The increase in wear rate shove 6400C was

attributed to creep of the asterial. The reduction in fretting wear was assumed to he due to the

formation of spinal type oxides which could ha KiOCr 2O3 and MILOA1203j in the experimental alloy and also
Ni0Fe203 and re030 in the case of the Inconel. Fig. 5 illustrates how these changes are reflected in

z a

2o0.82 ------ 54 - -'' -

0

NO. OF CYLE

Fig. 6. Coefficient of friction vs. nmber of cycles for Inconel 718 at 20'. 290' and 5400C.
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the friction behaviour(ll). KaYaba has used friction/cycles curve, to determine the number of cycles todevelop the glmasoide over the whole of the contacting areas, Fig. 6(12). The value of N* depends bothon frequency and temerture, Figs. 7 end 8. Transfer of material from one surface to the other occur.in ths initial stages but cases when the glaze oxcide is developed.

z
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0

0
C-)

NUMBER OF CYCLES

Fig. 6. Determination of number of cycles, N$, to form glaze oxide.
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fig. 8. Variation of N* with tampratua.
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Fig. 9. Fretting wear vs. temperature for 0.45C steel and stainless steel 304.

Irve and Iran-hed alloy

Hurrick studied the fretting behaviour of mild steal up to 5000C. He found a transition at 200
0

C
at which the wear became very low(13,1

4
). Below this temperature the typical reddish brown debris was

visible but above this temerature the debris wan compacted into smooth areas with a hardness of 1000
VW. Between 200 and 5000C the wear continued to fall. Surface finish was found to be a significant
factor at teperatures above 380

0
C, the wear being greater the rougher the initial surface. Above 3800C

Fe304 is the major constituent of the oxide, and has the spinal structure referred to earlier. Fig. 9
shows the fretting wear curves for a 0.45C steal and sustenitic steel 304 with the marked transitions at
100C and 2000C respectively(1

5
). These transitions are again attributed to the formation of the spinel

oxide Fe3 04 which is verified by quantitative X-ray analysis. These authors have compared the effect of
temerature on fretting wear with its effect on unidirectional sliding for these two steels and find that
the specific wear volumes above the transition temperature is a factor of 10 lower for the carbon steel in
fretting and a factor of 40 lower for the stainless steel(

16
). The difference is explained by the

different way in which the glaze oxide is formed in fretting, namely by the build up of transferred
layers of oxide. Similar formation of multi-layers of oxide wan found in fretting of another stainless
steal, 321, in 002 in the temperature range 350 to 6600C(4). At higher applied loads the fretted
surfaces appeared to be smoother which un taken as evidence that the glaze oxide had same plasticity at
these temperatures.

The author han investigated an austenitic stainless steel containing nitrogen and has found that at
temperatures above 4000C the smooth glaze oxide wan formed with corresponding falls in the coefficient of
friction ad the wear vol e, Figs. 10 mod 11(17). The oxide was identified as the spinel NiOCr 2 O3 by
X-ray analysis but chemical analysis confirmed that it contained some iron.

Titandum and Titamim ailes

3R11(1S) investigated the fretting of high purity titanium at tmperatures up to 6500C. The wear
volume iScreaned am the t rature wee raised to 5000C but then fell sharply, Fig. 12. The rise in wear
rate wn ancribed to the softeess of the substrate and the thinness of the oxide film. The fall at
higher teeratures v due to a change in kinetics of oxide file formation resulting in much thicker
film. swiert and Johnsom(

7
) report that fretting wear of the alloy Yi6AI4V us very severe at roos

temerature with comidersble galling. At 26000 the wear was an order of magnitude less although the
coefficient of friction m similar at both temperatures. The athor found that the coefficient of
friction tended to fall with increasing nuber of cycles at roe temerature but rose at 400 nd 600C,
with the result that the fimal valum wre little different at the various tempetatures.(1) The wear
volumeswom similar at slip altudle of 100m, but at an mlitude of 40sa the wear at 2000 w 30
times greater than the wmw at t emg Fatm bete 200 and 60000 ere the wear uen very similar, Fig.
12. lbs author han studied fou~r ether titanium alloys intended to he used at elevated temeratres,
sanely O 50, 679 end W9(1). At room tlit artue all tebmd coefficients of friction of around 0.6
falling to 0.15 at 6 o0 s with very little we dmge at this teerature. B ever. the glass oxide seen
on the sichl end iron alloys net detected. The opiion urn that the oxide film, although

protective, mare very thin I~re the glazs oxides apear to he the result of more rapidly growing
oxides. Is mera l their compoeitiea iO2 althouh occasionelly other constituents of the alloys
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were detected such as Al2TiO5 on 560 and ZrTiO4 o. 829(20). Wforts to develop a glaze oxide on these
alloys are described in a later section.
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the intermediate temerature the fatigue strength was low at 1' cycles but the fatigue life was
increased at higher stresees. The improvemet was due to the development of the glaze oxide but at 280

0C
a certain minimm amlitude wss necessary to form the glass. This mw estimated at 22w.aisic the slip
amlitude depends on the applied fatigue stress. The glazs oxide formed at 540

0
C was perfect but the

glaz formed at 2800 exhibited cracks mnd areas udiere the glass had spalled. The virtue of the glazs
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Fig. 13. Fretting wear of Ti-6Al-4V vs. temperature.

oxide is that it can renew itself if it breakv down. Since temperature fluctuations are certain to occurin a gas turbine ar-engine. sow tests were carried out where the glaze was developed st 54000 and thenthe temerture dropped and the fretting continued st room temperature. Under ttv as circunmstances theglaze afforded no protection and was rapidly disrupted so that the point fell close to the roomteserture fatigue curve(2
2

).

Iram-used alleys

There is little information here although the suthor has carried out fstigue teats on the stainlesssteel M1. rig. 15 shows. that again there is a considerale increase in fretting fatigue strength as thetomersture is raised.
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Titaium slIloys

The author has investigated the fretting fatigue of the alloys Ti6Al4V IMI 318(23) and IMI 829(24).
The latter was specifically designed as a creep resistant alloy. The fatigue strength of the 318 alloy
at 107 cycles with a mean stress 247 Wea are shown in Fig. 16. The fatigue strength falls with
increasing temperature. With fretting the fatigue strength is uniformly low at all temperatures.
Similar results for IMI 829 are shown in Fig. 17, the mean stress being 280 M's. Again the fatigue
strength falls with temperature although the fretting fatigue strength does show some increase with
temperature. Although areas of smooth oxide are visible they show frequent evidence of cracks and
spelling and do not appear to have the characteristic properties of the glaze oxide found on nickel and
iron alloys. It appears that both these alloys would be unsatisfactory if suffering fatigue at these
temperatures whether or not fretting was involved.

SiAfw 7A ID TO DOMv Ia IRNSMii myrwa FUTMRS

One method of achieving this would be to apply a coating which itself has the necessary composition
to form the glaze oxide under the operating conditions. Sprayed molybdenum has been found effective when
applied to steel at temperatures up to 3000C(25). Above this temperature rapid oxidation and
volatilistion of the oxide occurred. For higher temperature applications sprayed coatings of Fe-13Cr,
Fe-IBCr-aNi and Ni-SA1 ware applied to a low alloy steel and tested at room temperature, 475 and 700

0
C

for resistance to fretting wear(
26

). The coatings containing iron and chromium gave very low wear rates
at the two higher temperatures with evidence of glaze formation, The Ni-5A1 coating was only effective
at 700

0
C. A composite coating of Fe-13Cr + Ni-SAl however did give good protection at both temperatures.

Som consideration has been given to modifying the surface of the titanium alloys to produce an
oxide similar to the glaze oxide(2

7
). The method chosen was ion implantation. The first ion implanted

was bsriim as it was hoped that oxidation would result in the formation of BaTiO 3 since this has the
perovskits structure which is not unlike the spinal structure which is a feature of the glaze oxides. It
did give some reduction in coefficient of friction but the oxide layer was extremely thin. The other ion
implanted was bismuth since this was thought to increase the oxide thickness. Rxtramely low coefficients
of friction were recorded at temperatures of 500 snd 600

0
C, Fig. 18, and the wear was immeasursble. This

process showed considerable promise but resources have not been available to see if it is as effective in
fretting fatigue.
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The effect of the glaze oxides on reducing fretting damage is due to their excellent protective
propertie in preventing wear damage and also the low friction which reduces the alternating shear
stresses in the contact zone. Since they are formed from the constituents of the alloys themselves they
have the unique feature of being self repairing if any spelling occurs. Sections through a glazed
surface indicate that the layer is often as thick as 10ja and may have a layer-like structure. Similar
oxide layers found in reciprocating sliding experiments have been described by Lin as a stable adherent,
thermally softened oxide layer on the load-bearing ares(28). The low friction is attributed to their
low shear strength and the relatively high strength of the substrate. The common feature is the spinel
structure which is a cubic close-packed arrangement of oxygen ions with the metal cations in interstitial
positions. The oxides formed on titanium alloys do not have this structure, and this fact together with
their limited thickness in this teperature region precludes the formation of glaze oxide. It has been
suggested that the glaze oxide is only formed on alloys where oxide growth is entirely by cationic
conduction, which is not the case with titanium alloys, but this theory has yet to be tested
experimentally. Implantation with barium and bismuth ions did not produce any detectable change in the
oxide composition but bismuth appeared to increase the thickness of the oxide layer. Whether such oxides
would be self-repairing if breakdown occurred during wear is uncertain.

Alloys containing iron and/or chromium are capable of forming, under fretting conditions at high
temperatures, a form of oxide which exhibits low friction and low wear. The low friction reduces the
likelihood of crack initiation in fretting fatigue. If breakdown does occur the film is able to
regenerate itself from the constituents of the alloy. The structure of these protective oxides is that
of a spinal. Such oxides are not formed on titanium alloys and it has been suggested that surface
modification by ion implantation, particularly by bismuth ions, gives such low friction and wear values
to warrant further investigation.

I. Waterhouse, R. B., Fretting Wear, proc. Conference Wear of Mats, March 30 - April 1 1981, San

Francisco, ASME, New York, (1981), 17.

2. Uhlig, H. H., Mechanisms of fretting corrosion, J.Appl.Mech. 21 (1954) 401.

3. Hurricks, P. L. and Ashford, K. S. The effect of temperature on the fretting wear of mild steel,
Proc. Inatn. Mach. Engrs. 184 Pt 3L (1969-1970) 165.

4. Taylor, D. E., Hardisty, F. B., Waterhouse, R. B. and Nehru, A. Y. The fretting wear of an
austenitic stainless steel in air and carbon dioxide at elevated temperatures, Wear 56 (1979) 9.

5. Stott, F. H., Lin, D. S. and Wood, 0. C. The structure and mechanism of formation of the 'glaze'
oxide layers on nickel-based alloys during wear at high temperatures, Corr. Sci. 13 (1973) 449.

6. Kuno, M., and Waterhouse, R. B. The effect of residual stress and temperature on the fretting ot
bearing steel, Proc.Conf. Leeds-Lyon, 6-9 September 1988, Leeds, in the press.

7. Swikert, M. A. and Johnson, R. 0. Friction and wear under fretting conditions of materials for use
as wire friction dampers of compressor blade vibration, NASA TN-4630 (1968).

8. Bill, R. C. fretting of secondary seal ring candidate materials in air at temperatures to 816
0
C,

NASA TN-D7073 (1972).

9. Bill R. C. Frettiug of nickel-chromium-iron alloys at temperatures to 816
0
C, NASA TN-D-7570 (1974).

10. Waterhouse, H. B. and Taylor, D. E. High temperature fretting and wear of like metal contacts, Rev.
High Temp. Mat. 4 (1980) 259.

11. Handy, M. M. and Waterhouse, R. B. The fretting wear of Ti-6AI-4V and aged Inconel 718 at elevated
temperatures, Wear 71 (1981) 237.

12. Kayaba, T., Iwabuchi, A. and Kato, K. Fretting wear of Ni-Cr alloy at high temperature, Int. Edn.
J. Jap. Soc. Lub. Engrs. 5 (1984) 47.

13. Hurricks, P. L. The fretting wear of mild steel from room temperature to 2000C, Wear 19 (1972) 207.

14. Hurricks, P. L. The fretting wear of mild steel from 200 o 500
0
C, Wear 30 (1974) 189.

15. Kayaba, T. and Iwabuchi, A. The fretting wear of 0.45
0
C steel and austenitic stainless steel from

20 to 660
0
C in air, Wear 74 (1981--1982) 229.

16. Iwabuchi, A., Hori, K. and Kudo, H. The effect of temperature on wear of !,45C and SUS 304, Int.
Edn. J. Jap. Soc. Lub. Engrs. 9 (1988) 29.

17. Waterhouse, R. B. The fretting wear of nitrogen-bearing austenitic stainless steel at temperatures
to 6000C, J. of Tribology 108 (1986) 369.

18. Bill, R. C. Fretting of titanium at temperatures to 660
0
C in air, NASA TN-D-8048 (1975).

19. Waterhouse, R. B. and Iwabuchi, A. High temperature fretting wear of four titanium alloys, Wear 106
(1996) 303.

I



8-12

20. Waterhouse, R. B. and Iwabuchi, A. The composition and properties of surface films formed
during the high temperature fretting of titanium alloys, Proc. JSLR Int. Tribol. Conf., July 8-10,
Tokyo (1986) 53.

21. Rwdy, M. M. and Waterouse, R. B. The fretting fatigue behaviour of a nickel-based alloy (Inconel
718) at elevated temperaturs, Proc. Conf. Wear of Mats., April 16-18 1979 Dearborn ASME, New York
(1979) 351.

22. ldy, M. 4. and Waterhouse, R. B. The stability of the protective glaze oxide formed during high
temperature fretting of an aged nickel-base alloy Inconel 718, Proc. Conf. Wear of Mats., March 30 -
April 1 1981. San Franscisco, ASME, New York (1981) 546.

23. Redy, M. M. and Waterhouse, R. B. On glaze formation on Ti-6A1-4V alloy during fretting fatigue at
elevated temperatures, Key Rn 4g. Mats. A7 (1985) 1.

24. Handy, M. M. and Waterhouse, R. B. The fretting fatigue behaviour of the titanium alloy IMI829 at
temperatures up to 6000C, Fatigue of Engng. Mats. and Structs. 5 (1982) 267.

25. Overs, M. P., Harris, S. J. and Waterhouse, R. B. The fretting wear of sprayed molybdenum coatings
at temperatures up to 3000C, Proc. Conf. Wear of Mats., April 16-18 1979, Dearborn, ASME, New York
(1979) 379.

26. Overs, M. P., Harris, S. J., and Waterhouse, R. B. Development of coatings based on Fe-Cr-Ni-Al for
resisting fretting wear in the temperature range 20-7000C, Wear 74 (1981-1982) 315.

27. Waterhouse, R. B. and Iwabuchi, A. The effect of ion implantation on the fretting wear of four
titanium alloys at temperatures up to 6000C, Proc. Conf. Wear of Mats., pril 14-18 1989, Vancouver,
ASME, New York (1985) 471.

28. Lin, D. S., Stott, F. H. and Wood G. C. The effects of elevated temperatures in the friction and
wear behaviour of same comercial nickel base alloys, ASLE Trans. 17 (1914) 251.



EFFECT OF PROTECTIVE COATINGS ON MECHANICAL

PROPERTIES OF SUPERALLOYS
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ABSTRACT

Superalloys employed in hot sections of gas turbine engines are generally designed in terms of high
temperature mechanical and/or thermal properties such as creep, mechanical and thermal fatigue.
Their use In the aggressive environment of combustion gases requires their protection by a coating,
most commonly an aluminide coating or an MCrAIY overlay. In this paper we give a brief review of the
possible effects of the presence of a protective coating on the mechanical properties of superalloy
substrates.
The superalloy microstructure, and therefore its mechanical performances, particularly in creep, can
be altered by the heat treatments associated with the coating deposition process. As a result, proper
care must be taken when selecting a coating for a specific superalloy substrate. Interdiffusion
phenomena taking place between coating and substrate at high temperature during service may
decrease the load bearing section of the superalloy and, as a consequence, may degrade its creep
lifetime. Examples will be given of the possible effects of coating/substrate interdiffusion on the creep
life of single cristal CMSX2 (no effect) and in the case of a directionally solidified eutectics superalloy
(significant degradation). It is to be added though that in the long run, the presence of a coating can
enhance the creep life of a substrate due to Its protective effect against high temperature corrosion.
As regards the fatigue behaviour, several studies, in the U.S.A. and in Europe, have shown that the
presence of a coating (aluminide or MCrAIY overlay) may in some cases degrade the mechanical and
thermomechanical performances of superalloy substrates. The interpretation of these data remains at
present limited because the intrinsic properties of protective coatings are still insufficiently studied.

1. INTRODUCTION

For use in hot sections of gas turbine engines, a superalloy Is generally selected for specific properties
such as creep, fatigue, whether mechanical or thermal. Due to the interaction with the aggressive
environment of the combustion gases which can provoke the degradation of these properties, the
superalloy components must be protected by a coating. The most used coatings are aluminide-based
[11, MCrAIY overlays [2), and zirconia-based thermal barrier coatings [3]. However, a coating may
affect the mechanical properties of the superalloy substrate it protects In several ways : alteration of
the alloy microstructure during the heat treatments associated with the coating cycle, formation of non-
load-bearing regions or of brittle phases because of interdiffuslon phenomena during coating
application or In service at high temperature, suppression of environmental degradation,..

Several reviews have been published concerning the Influence of protective coatings on the
mechanical properties of superalloys [4-61. In this paper, after considering the different factors which
can affect the mechanical behaviour of coated systems, we will review some recent experimental
results.

2. CONSIDERATIONS ON THE MECHANICAL PROPERTIES OF COATED SYSTEMS

2.1. Coating as non-load-bearing section

Coatings are generally considered as non-load-bearing material. This is all the more justified that. at
temperatures ranging between 800=C and 1100°C, which are typical operating superalloy
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temperatures In gas turbine applications, the coating mechanical resistance Is low as will be seen
below. This fact has to be taken Into account when calculating the effective stress supported by the
substrate alloy. For example, during the formation of an aluminide coating, part of the substrate Is
transformed Into B-NIAI-based material. This reduces the effective load-bearing section of the
superalloy substrate. It has been calculated [71 that the formation of a typical 60 jim low activity
aluminide coating on a 1 mm thick IN 100 component results In a 9% Increase In stress supported by
the non affected alloy and, as a consequence, a reduction by a factor 2 of the creep lifetime at 850*C.
Such an effect does not occur with MCrAIY overlay coatings, provided Interdiffusion phenomena
remain limited during exposure at elevated temperature.
In addition, It has to be mentioned that for rotating components a coating is an overload due to
centrifugal forces, particularly In the case of thermal barrier coatings.

2.2. Compatibility of coating orocess with alloy heat treatments

Mechanical properties of modern superalloys, such as creep strength, are strongly dependent on their
microstructure (in particular the -y'-NilAI morphology and distribution [81). This microstructure is to a
great extent determined by the heat treatments. It is therefore essential that the heat treatment
associated with the coating thermal cycle be compatible with the quality heat treatment cycle required
bythealloy. Table 1 showsfor example that for CMSX-2, the thermal cycle of a high activity aluminizing
process is compatible with the heat treatment of the alloy, whereas a low activity is not, because of the
slow cooling rate due to the thermal inertia of the pack. In this case, it has been demonstrated that an
additional heat treatment is required to restore the proper -Y' microstructure.

Quality heat Heat treatments associated
treatment with aluminizing

CMSX-2 Low activity High activity

2-3 h. T : 1280°C to 1320'C AC 16 h. at 1050°C SC 4 h. at 750'C SC

15 h. at 1050 0 C AC or 16 h. at 10500 C AC

4-6 h. at ll00°C AC

15-24 h. at 850°C AC

Table 1 : Quality heat treatments of CMSX-2 and typical thermal cycles associated with aluminizing
processes (AC = air-cooled, SC = slow cooling in pack).

An advantage of gas phase aluminizing over pack cementation processes, as emphasized by [91, is
the possibility of high cooling rate. On the other hand, MCrAIY coatings obtained by EB-PVD or plasma-
spraying, are generally heat treated to improve their adhesion and density ; this treatment can easily
coincide with a quality heat treatment of the alloy.

2.3 Intrinsic mechanical properties of coatina materials:

2.3.1. Aluminide coatings

These coatings are generally obtained by a cementation process during which aluminium Is brought
upon the substrate surface where it reacts and forms a 1-NIAI or -CoAl based coating. Coating
thicknesses are determined by solid state diffusion laws (proportional to square-root of time) and for
durations compatible with Industrial practice, they range between 50 and 100 pm. The structure of
these coatings can be very complex as illustrated by figure 1, rendering extremely difficult the
evaluation of their Intrinsic mechanical properties.
Investigations carried out on extruded pure 13-NIAI 110] have shown that this phase exhibits a brittle
behaviour at low temperature, up to a so-called DBTT (ductile-brittle-transition-temperature), typically
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600°C. This Is explained by the operation of only three independent slip systems, of the form
{hk0} <001 >, less than the minimal five required by Von Mises criterlum for generalized plastic
deformation. At high temperature, diffusion-related mechanisms can be effective, for example
dislocation climb, and the material becomes ductile. It has to be noted though that apparently no
published data exist on the mechanical behaviour of bulk materials having as complex compositions
and structures as aluminide coatings. Most experimental results reported in the litterature concern the
evaluation of DBTT determined on coated specimens (fig. 2).

It is important to keep in mind that the properties of B-NiAI may depend on a variety of factors such as
grain size composition, strain rate,.. As regards the influence of grain size for instance, Schulson et
al. [ 11 ] have carried out tensile tests on polycristalline B-NiAI at 4000C and shown that below a critical
size (20 pm), Its ductility increases sharply with decreasing grain size, reporting tensile elongation of
up to 40%. According to these authors, in fine-grained aggregates, the stress required to nucleate
cracks Is less than that corresponding to their propagation. The cracks propagate only after some
plastic flow has occurred.

2.3.2. MCrAIY alloys

MCrAIY alloys deposited by plasma spraying under controlled atmosphere, to prevent any oxidation,
are generally constituted of a -y(-y') matrix containing a fine dispersion of B-NiAI phases. Yttrium is
practically insoluble in these phases and is generally found in a MY-type phase or an yttrium-
containing oxide.

The possibility of fabricating MCrAIY specimens by low-pressure-plasma-spraying (LPPS) [ 12-141 or
by hot isostatic pressing [ 15] has permitted to gather experimental data on the mechanical behaviour
of alloys representative of overlay coatings. It was shown in [14] for example, that bulk LPPS
NiCoCrAITaY alloy presents two deformation behaviours between room temperature and 800°C, as
revealed by tensile (fig. 3), microhardness and torsion tests. Up to about 500'C, it exhibits low fracture
elongation (lower than 2%) and high strength; above 550°C, its strength decreases and its ductility
increases sharply:At 800°C a superplastic behaviour could be shown for strain rates ranging from 10
4 to 10= s'. Similarly, Wood et al.[ 15] have shown that the tensile strentgh of a fine-grained (5-10 pm)
NiCoCrAIY alloy obtained by HIP of alloy powders, remains high up to ebout 600 C (yield strength
higher than 800 MPa) and sharply decreases at higher temperatures, with a correlative rise in ductility.

The low cycle fatigue behaviour of an LPPS NICoCrAIY (PWA 276) coating alloy has been investigated
by Gayda et al. 116]. At 1050°C, the life of the NiCoCrAIY alloy is significantly greater than that at
650"C and this is attributed to a slower transgranular crack growth.

2.4. Residual stresses

Residual stresses may arise at different stages during the coating processing: initial surface treatment
of the substrate alloy, solidification of molten powder particles during plasma spraying,.. It Is generally
thought, however, that these stresses may be relaxed during the post-coating heat treatment and
therefore that the main source of residual stress commes from the thermal expansion mismatch
between coating and substrate. Thus for a positive expansion mismatch of 2.10.C " between coating
and substrate, a temperature drop of 1000"C will provoke a 0.2% tensile deformation In the coating,
which is considered to be a maximum value by [5]. Few residual stress values are reported. Wood [ 15]
determined by X-ray diffraction tensile stresses of 225 and 60 MPa In a fully processed CoNICrAIY and
an aluminide coating respectively, the substrate being SX60A In both cases.

2.5. Interdiffusion phenomena

Coating and superalloy substrates generally have widely different compositions, each of them selected
for different purposes: protection against oxidizing environment on the one hand and high temperature
mechanical properties on the other.The chemical potential gradients of the different elements (Ni, Al,
Cr,...) accross the coating/substrate Interface will cause Interdiffuslon phenomena to occur, and these
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effects will be all the more Important that the temperature Is elevated. As a consequence, several
transformations can take place In the subcoating zone of the superalloy substrate with a resulting loss
of load-bearing section:

- transformation of the initial -y/y' microstructure into -,/B in the case of CoCrAIY/Ni-base
superalloys [17, 181,

- alteration of the -y' distribution,
-modification of the distribution of grain-boundary strengthening elements (carbon,..)[ 19,
- formation of brittle phases which may be crack Initiation sites or an easy paths for crack

propagation.

The consequences of such effects can be minimized by carefully selecting a coating composition
compatible with that of the substrate, which is possible in the case of MCrAIY coatings because of the
flexibility allowed by the deposition processes.

3. EXPERIMENTAL RESULTS ON COATED SYSTEMS

A protective coating may alter the mechanical properties of a superalloy substrate It is applied on, as
a result of factors exposed above. It must be stressed however that In the long run, a coating, if
adequately protective, will isolate the superalloy from the environment (oxidizing combustion gases,
molten salt deposits) and will limit or suppress the corrosion-induced mechanical degradations. In a
study on thin section Ren6 80 specimens, precorroded during 500 hours in an engine atmosphere,
Kaufman [20] has thus shown that the presence of a coating, whether aluminide or MCrAIY, Improves
the creep lifetime (at 980 and 1080"C) by factors ranging between 2 and 6, as well as the fatigue
resistance at room temperature (220 to 280 MPa).

Components In gas turbine engines experience complex mechanical and thermal sollicitations. The
data concerning the mechanical behaviour of components in service are most often proprietary or, If
mentioned in publication [21,22], they are often incomplete, with lack of detailed knowledge of precise
operating conditions.
The evaluation of the Influence of coatings on the mechanical properties of superalloys Is most often
carried out with simple tests such as creep, thermal or Isothermal fatigue, sometimes
thermomechanical fatigue, thought to be representative of service conditions.

3.1.Cree

3.1.1. Conventional superalloys

A number of studies carried out on equlaxed superalloys such as IN 100 or IN 738 (6, 23 ] did not show
any marked effect of a protective coating on the creep resistance of these systems provided that the
quality heat treatments of the superalloys are carried either during coating application or after, and
that the coating section is not taken Into account in the calculation of the load bearing section. Restall
[24] mentions an important reduction In creep lifetime of IN738 and IN792 thin sections (0.76 mm
thickness) protected by a simple or by a Pt-modifled aluminide (from 290 h down to 50 hours at 850C
In the case of IN738LC for instance). It Is not clear however how the load-bearing section was
determined In this work.

3.1.2. Directionally solidified superalloys

Figure 4 shows clearly on a Larson-Miller plot that the creep properties of single crystal superalloy
CMSX-2 are not affected by the presence of an aluminide coating or a low-pressure-plasma-sprayed
NICoCrAIYTa coating. The Insensitivity of the creep resistance of this superalloy to the presence of a
coating may be attributed to:
- the compatibility between coating cycle and the standard heat treatments of the alloy, thus ensuring
that the reinforcing -f' phase Is present with the optimum distribution.



the very limited Interdiffusion phenomena observed between coating and substrate both during
coating application and during tests at the highest temperatures. Metal lographIc examinations showed
that the thickness of substrate affected by interdiffuslon is less than 30 Pm after 990 hours at I 050C;
this would correspond to a maximum overload of 5 MPa If this zone Is supposed to support no charge
(25.

It Is to be noted that Wood an Restall (26] observed cracks in a platinum-modified aluminide coating
at the end of a creep test tested at 760°C, but not at higher temperatures. The cracks in the coating,
however, do not propagate into the substrate which was single crystal SX6OA.

In thecaseofadlrectionally-soltdifiedeutectics, Cotac784, coatedwithan LPPS NICoCrAIYTa coating,
it has been shown (27] that interdiffuslon phenomena result in the formation of an extended -Y
subcoating region in which the NbC fibres are degraded. This zone is much less creep resistant than
the rest of the specimen. The presence of this coating markedly lowers the creep strength, with a
lifetime reduction of 20 to 30% at 900°C and up to 50% at 1 I00C. In this case it would be necessary
to reconsider the coating composition, in particular concerning the chromium content, in order to
minimise the interdiffusion effects and the resulting fibre degradation.

To summarise this paragraph, it should be kept in mind that provided the standard heat treatments are
respected and little Interdiffuslon occurs in service or during coating application, no effect are to be
expected except a possible favourable influence in the long run, because of the suppression of
environmental degradation.

3.2. Mechanical fatigue

Fatigue in gas turbine engine components results from thermal and mechanical stresses. Low cycle
fatigue is caused by centrifugal loading during start-up and shut-down procedures. High cycle fatigue
effects are provoked by vibrations.

Evaluating the influence of a protective coating has been the topic of early studies. For example, Vidal
et al. 1281 have noted that a low activity aluminide coating very slightly improves the high cycle fatigue
lifetime at of cast IN713 alloy at 700°C.

3.2. 1. High cycle fatigue

High cycle fatigue tests involve stress cycling a specimen with a deformation remaining largely in the
elastic domain. In the case of a coated specimen, the coating thickness Is always thin compared to the
substrate diameter, and the sollicitation on the coating is a deformation cycle imposed by the substrate
deformation. Therefore for given test conditions, a coating behaviour is expected to be better for a
higher yield strength and/or a lower Young's modulus. It is also Important to avoid premature crack
initiation sites by an appropriate surface treatment.

For conventional superalloys, due to the large scatterband of high cycle fatigue results typical of
unprotected substrates, It Is sometimes difficult to define an influence of a coating, as emphasized by
Picholir et al. [231 for example. For these systems, the cracks initiate on large internal defects (pores,..)
with subsequent propagaton to rupture, whether the substrate Is coated or not.

Schneider et al.[291 Investigated the effect of a Pt-modifled aluminide coatings on the hcf behaviour
of cast IN738LC and IN939 at 850"C. As shown on figure 5 for IN738LC, the lifetimes of coated
specimens lie within the scatterband of the lifetimes of uncoated IN738LC. An aging treatment or
precorroding the specimens In slag significantly lowers the lifetimes at low stress levels. It Is not clear
however, if this last test can be representative of simultaneous mechanical sollicitations and corrosive
aggresson.

The situation Is better defined with more advanced directionnally solidified superalloys. Graham and
Woodford f301 Investigated the effect of three plasma sprayed coatings on the high cycle fatigue



resistance of NITaC3 at room temperature, 6000C and 900"C. The reduction in fatigue life Is found to
be sensitive to the coating composition and stress level. A Ni-20Cr coating exhibits relatively good
fatigue resistance at high cyclic stress levels because of its ductility, but exhibits a poor fatigue
strength at low stress levels. The higher strength coatings (NI-20Cr- 1 0AI-2Hf-0. 1 C and NI-20Co-20Cr-
1 OAI-2Hf-0. 1 C) are superior at low stresses, but crack early at high stresses. At 900"C, the coatings
has little effect on fatigue life.

Veys [311 evaluated the effects of coatings on the high cycle fatigue behaviour of a single crystal
superalloy, CMSX-2, and a directionnally-solidifled eutectics, Cotac 784. Both an aluminide coating
and aLPPS NICoCrAIYTa coating markedly lower the high cycle fatigue resistance of CMSX-2 at870"C
(fig. 6), the lifetime being all the more reduced that the stress is high. This is attributed to the early
cracking of the coatings and the subsequent crack propagation into the substrate, leading to the
eventual failure of the specimen. In contrast, the failure of uncoated CMSX-2 involves crack initiation
on internal defects (pores, inclusions). It should be noted that the CMSX-2 superalloy employed In that
study had relatively high mechanical fatigue properties, having been solidified in laboratory conditions.
The drop In lifetime for materials processed In industrial conditions might not betherefore so important.
It is likely however that even in this case early craking would occur In the coating.

Wood and Restall [261 reported results concerning rotating bend high cycle fatigue (50 Hz, 380 and
560 MPa)on NICoCrAIY-coated singlecrystals, MMT1 43 and SX60A, attemperatures ranging between
400 and 1000°C (fig. 7). They note that increasing temperature:
- decreases the number of cycles to crack Initiation,
- Increases the number and surface length of coating cracks,
- lessens the significance of those cracks, especially at low stresses.
Moreover they observed that a polishing treatment increases the lifetime at low temperature but does
not have any marked effect at 800C.
A qualitative interpretation can be proposed for both extreme cases: low stresses and low temperature
on one hand, high stresses and high temperature on the other. At low temperature and low stresses,
the coating Is sollIcited in elastic cyclic deformation; this corresponds to long lives in the absence of
surface defects, which explains why a polishing treatment can Improve the performances. At high
stresses and high temperatures, the yield stress of the coating material Is low and the coating is cycled
In plastic deformation; this corresponds to shorter lives (early cracking). In this case a surface defect
has little influence since plastic deformation can relieve the stress concentration it may cause. Once
the coating is cracked, the remaining life is determined by the crack propagation rate inside the
substrate alloy. This rate, on the whole decreases with increasing temperature, this effect being more
pronounced at low stresses. This is generally explained by environmental effect (oxidation at the crack
tip limits the crack opening displacement) and by the effect of temperature on the crack tip plasticity;
obviously, the oxidation effect is expected to be important for long lives at high temperatures, and this
corresponds to low stresses.

The fact that early cracking occurs at temperatures around 800"C or 900°C may be an aggravating
factorfor hot corrosion degradation: in this temperature range, sodium sulfate may condense on blade
surfaces and penetrate through these crack, abolishing the beneficial effect of the protective coating.

It Is important to note that the structure and composition of a protective coating changes during
operation at high temperatures: aluminium Is consumed by oxidation, the initial -y + 8 structure of an
MCrAIY coating therefore transforms Into -y (+ -y') and in the end to -y-solid solution of nickel; this is
accompanied by grain growth. No study however seems to have been published on these effects, the
durations of tests performed being too short for these phenomena to be sIgtmlicant.

3.2.2. Low cycle fatigue

In this type of test, the specimen is stressed at a level above the conventional yield stress, which
explains the low cycle number at rupture, generally lower than 10' cycles, and with lower frequency
(0.033 to I Hz) than for high cycle fatigue. The degradation modes are very similar to those observed
In thermal fatigue.
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Wood [ 15) reports an alteration of strain-controlled low cycle fatigue of a single crystal superalloy at
room temperature, due to the presence of overlay and aluminide coatings. The fatigue properties at
800°C were not affected.
Recent tests at 9500C performed by CEAT (unpublished data) on NiCoCrAIYTa-coated IN 100 and
DS200 Hf showed no alteration of low cycle fatigue resistance at 9500C.

3.3. Thermal and thermomechanical fatigue

Thermal fatigue results from temperature cycling during start-up and shut-down procedures. Few
experimental results are published, some of them having been reviewed by Nicoll et al. [32].

Recent efforts (33-361 have concentrated on thermomechanical fatigue tests which combine
mechanical strain controlled cycling and temperature cycling; these tests offer a better simulation of
the complex strain-temperature-time experienced by gas engine components In service. Moreover,
thermomechanical fatigue may now be a major limiting factor in turbine vanes and blades [37], In
particular for highly stressed thin-walled components.

Swanson et al. [35, 36) are developing life prediction models with emphasis on applicability to
thermomechanical fatigue conditions. These models are based on the development of individual
constitutive models of coatings (PWA286: NICoCrAIYSiHf and PWA273 low activity aluminide) and
PWA1 480 single crystal substrate, for which commercial production experience already exists. Results
of out-of-phase tests carried out between 427 and 10380C indicate that at strain ranges greater than
0.5%, the overlay-coated specimens have longer lives than do those coated with the aluminide, the
reverse being true at lower strain range. It is interesting to note that similar results had been obtained
by Bain [33] on a single crystal superalloy coated with a CoCrAIY alloy or an aluminide and tested in
slightly different conditions.

As emphasized by Wood [15], littlework has been done to determine in depth what coating properties
are of Importance In controlling the mechanical behaviour of coating/substrate system. The studies
In this field have mainly dealt with the Identification of degradation modes and the experimental
evaluation of the Incidence of coatings on few mechanical properties of as-coated substrates. It is
Important to remark that coatings are found as crack Initiation sites in a variety of test conditions, the
cracks thus formed propagating subsequently Into the substrate material and leading eventually to
failure. Neither the evolution of the coating composition In service nor the presence of corrosive
products are taken intoaccount. Some attempts at modelling thecoallng/superalloy system have been
recently published [36]. However, the lack of data relative to the coating intrinsic mechanical
properties, mainly In the case of the widespread aluminides (simple or modified), seems to have
delayed the development of an adequate description of these systems. As a consequence, the
possibility of tailoring the coating composition and/or structure to improve the mechanical properties
of the coating/substrate composite does not seem to have been fully exploited.
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MICRODAMAGE TO CERAMIC SURFACES
UNDER SLIDING CONDITIONS

BY

P. J. Kennedy and A. Conte
Naval Air Development Center
Warminster, PA (USA) 18974

SUMMARY

Fretting studies were performed on silicon nitride in order to ascertain the effect
of small amplitude slip ( 0.1 to 10 micrometers) on ceramic wear. The results of this
study indicate that the small amplitude fretting of silicon nitride on silicon nitride
is primarily controlled by tribochemical reaction forming a soft silicon oxide layer.
This reaction was not observed to any measurable extent at slip amplitudes of less than
3 micrometers. The tribochemical reaction was initially observed at the edge of the
contact region and then progressed toward the center of the contact zone. The reacted
material in the contact zone tended to flow out of the high pressure region to form1idqbris pile-up outside of the contact area. The wear ratio was found to be 4 x 10
m /Nm.

INTRODUCTION

The tribology of ceramics and in particularly the effect of small amplitude
fretting (0.1 to 10 micrometers) on ceramic wear are important considerations in the
design of bearings for future turbine engine applications. A certain amount of elastic
deformation occurs during rolling bearing contact applications and this contributes to
slip which in turn can be responsible for bearing failure. The initial aim of this
study was to determine the effect of slip on bearing life and in particular, to
determine if there was a critical slip amplitude or similar value that defined a lower
limit below which no surface damage would occur. This value represents a parameter that
could be incorporated in future ceramic bearing designs. Other objectives included the
determination of the effect of atmosphere, number of fretting cycles and load on the
small amplitude fretting of ceramics.

The primary material investigated in this study was silicon nitride since it is one
of the most promising materials for use in high temperature bearing applications.
Previous studies have provided a significant Insight into the low amplitude slip
fretting mechanism for metals and It was felt that this knowledge would provide a basis

for comparison and thus pryvide a greater understanding of the effect of surface
stresses on ceramic damage

EXPERIMENTAL

The configuration of the ceramic ball and fiat that was used in this study is shown
in Fig. 1. The ball specimens were grade 5, 12.7 mm diameter balls made from either
Norton's uniaxially hot pressed NC-132 or hot isoprussed NBD-100 silicon nitride. The
flat specimens were in the form of small cylinders 8 mm in diameter and 2 mm in height.
The flat specimens made from silicon nitride were then hand polished using a diamond
polishing medium. Both the ball and flat specimens were washed in boiling stoddard
solvent and rinsed in petroleum ether prior to testing. The test specimens were then
inserted into a fretting test rig producing the specimen configuration shown in Fig. 1.
Testing was normally performed using an applied load of 88 N. This test rig which was
operated at 210 Hz, was previously described . Moat conventional wear test devices
using a ball on flat type of specimen arrangement would normally generate fretting wear
by Imparting a linear oscillatory motion to one of two contacting specimens under load
conditions. The length of this back-and-forth displacement would be defined as the slip
amplitude. Accurately reproducing extremely small amplitude slip conditions with this
type of linear displacement would be extremely difficult. Alternately, a similar type
of fretting motion can be produced by using an angular displacement rather than a linear
displacement. Loading of a ball against a flat, as shown in Fig. I produces a circular
Mertzian contact region which defines the actual damage or wear area. Under normal test
conditions, the contact area would have a radius of approximately 0.15 mm. During
testing, the ball specimen is held stationary and an oscillatory twisting type of motion
through an angle, theta, is imparted to the flat specimen. The actual amount of twist
needed to produced a slip amplitude of 1 micrometer is very small and amounts to 0.007
rad/micrometer or 0.4 degree/ micrometer. This motion was about the Z-axis which is
normal to and through the center of the ball/flat contact region. The slip amplitude at
the edge of the ball/flat contact area can be easily calculated knowing the magnitude of
the angle of twist and the radius of the contact area. The primary experimental
variables were the angle of twist or slip amplitude, the normal load and the duration of
test. In previous testing, fretting specimens were analyzed after 2.3 million fretting

!A
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cycles. In this study, the majority of test specimens were analyzed after 12,600
fretting cycles.

A typical wear scar, resulting from the oscillatory torsional motion of a ball
against a flat, is illustrated in Fig. 2. The outer diameter of the wear scar can be
calculated using the Hertz equations. The inner diameter would be dependent on normal
and shear stresses. This can be illustrated by considering a ball resting on a flat
plate under elastically loaded conditions. This will produce a normal stress
distribution over the ball/flat contact area. This stress would be zero at the edge of
the contact and a maximum In the center. Application of a shearing or twisting force to
the flat produces a shear stress distribution that would have a maximum near the edge of
the contact area and a minimum in the center. Estimates of the shapes of these
distributions are shown in Fig. 2. The action of these two opposing forces can produce
microslip in the Hertzian contact region.

Relative motion or sliding requires that the applied shearing force must exceed the
product of the static coefficient of friction and the normal load. The inner dash lines
in Fig. 2 represent a radius which can be defined as the locus of those points at which
the ratio of the shear to normal stress is exactly equal to the static coefficient of
friction. Thus, relative motion or sliding can only occur at radii greater than the
inner radius shown in Fig. 2 or outside of the inner dash line region. This region is
referred to as the slipped region. Inside of the dash lines, the converse will hold
true and the shearing force will always be less than the product of the normal stress
and coefficient of friction and thus, all motion will be taken up elastically. This is
normally referred to as the locked region. Slip can not be directly calculated along
the radius of the wear scar using the applied angle of twist. At the edge of the locked
region, no motion can occur since all applied motion will result in elastic deformation.
Elastic deformation effects must also be taken into consideration at all other points in
the wear scar region except at the edge of the slipped region. At this point the normal
stress is equal to zero and no elastic deformation can occur. In this work, slip was
calculated at the edge of the Hertzian contact region.

RESULTS

Initial experiments were concerned with elucidating the fretting mechanism for
silicon nitride against itself under small amplitude ( 0.1 to 10 micrometers ) slip
conditions. Wear scars formed on silicon nitride were unlike those that were formed on
metals under similar conditions. Some of these unusual characteristics are shown in
Fig. 3. This photomicrograph consists of a series of overlays of photographs taken of
the slip region on a flat specimen. The lower left hand corner shows the undamaged
locked region whereas, the upper right corner shows the undamaged ceramic surface
outside of the wear region. This wear scar was formed under 88 N load using an angle of
twist equal to 2 micrometers slip at the edge of the Hertzian contact area. Testing was
done for 3 hours at 210 Hz. The photomicrographs show that the slip region is
characterized by the formation of smooth grooves that start at the edge of the locked
region as extremely fine lines that increase in breath with increasing radial distance
from the center of the scar. This general trend in wear scar width is reasonable
because theory indicates that the amount of slip would be zero at the edge of the locked
region and would be a maximum at the edge of the wear scar. At the edge of the locked
region, the pressure would theoretically be great enough to insure that all motion would
be taken up elastically. As we increase in radial distance from the edge of the locked
region, the amount of slip would increase to the calculated amount at the Hertz radius
since pressure decreases with increasing radial distance.

An examination of Fig. 4 suggests that groove widths approach the applied slip
amplitude (dash line). Plots of groove width as a function of radial distance for two
separate wear scars were made. A typical plot is shown in Figure 4. In both this plot
and a plot of groove width for a higher amplitude slip, results indicated that the
groove width is equal to 1/2 the applied slip amplitude at the Hertz radius. It had
previously been suggested that a significant amount of applied slip would be lost in the
moving mechanical components of the the test rig when applied slip amplitudes were
extremely small (4). This possibility was investigated by attaching a flag In the
position where the ball would normally touch the flat specimen so as to measure actual
movement at the point. Under these conditions, the slip amplitude calculated from the
applied slip amplitude was equal to the measured slip amplitude. These tests suggest
that this value of 0.5 is real and may be associated with the thickness of the glassy
film that forms on both the ball and flat specimen during testing. The data points in
Fig. 4 are the average of 3 separate readings. It is difficult to determine the general
effect of a decreasing normal stress on applied slip from this data.

The wear scar pattern shown in Fig. 3 requires slip amplitudes greater than 3
micrometers and total slip distances in excess of I meter. The initial intent of this
investigation was to determine if there was a critical slip amplitude that was
associated with the onset of surface damage. Comparison of surface orofiles of wear
scars at different slip amplitudes indicates that significant surface damage did not
occur below 3 micrometers. Only extremely mild surface changes, perhaps associated with
the build up of a tribofilm, were observed in a slip amplitude range of 0.1 to 3
micrometers. In a previous study with metals1  his mild surface damage appeared am a

dark staining on the surface of the specimens
'

. This mild damage was dependent on
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both slip ampliltude and total distance traveled. For example, no wear scar was observed
after testing at 0.1 micrometer for 3 hours but was observed at 6 hours. From visual
observation of damage as a function of both total sliding distance and slip amplitude,
it appears that mild damage is dependent on both parameters, but it is more dependent on
slip amplitude than on total sliding distance.

The "sun burst" pattern shown in Fig. 3 is formed in a thin layer of glassy
material. The relative softness of this layer is shown in Fig. 5. This wear scar
contains several indentbr marks. The type of indentor mark formed ouside of the wear
area is shown in photo (B) and is characterized by very sharp edges. It can be seen
that the indentor marks inside the wear area (photos C and D) are quite different and
are characterized by the extrusion of plastic-like material in the form of thin sheets
of debris. It is interesting to note the rivulet pattern in photo D and the presence of
loose debris in this groove. These thin sheets of debris were then lifted from the
surface using a plastic film technique and analyzed using TEM. Analysis of the energy
loss spectrum indicated the presence of silicon and oxygen. Nitrogen was not detected.
This suggests that the material covering the slip region was a form of silicon oxide.

The development of this tribofilm appears to be associated with a tribochemical
reaction occurring at the edge of the Hertzian contact area. The way in which this was
determined was unusual. Three dimensional maps of the wear scar developed from multiple
surface profiles using a surface contacting or stylus type instrument are shown in Fig.
6 for different wear scars formed at 4.48 micrometers slip but tested for varying
periods of time. The short 1 minute test shows the development of two circular mounds
of debris without any indications of debris removal from the surface. The runs at 10
minutes and 180 minutes showed the expected wear track that defines the slip region.
This build-up phenomena was also found in a wear scar at 2 micrometers silp for 10
minutes. Surface contours were then determined on these same specimens using an optical
laser based system. The surface profile obtained using the optical method on the same
specimen shown in photograph (A) of Fig. 6 showed the expected groove rather than a
debris pile-up. This optical data is compared with the stylus based data in Fig. 7.
This difference was at first, very surprising and both surface profiling instruments
were re-evaluated and found to be accurate. One logical explaination for the apparent
difference in surface profiles would be that the wear process initially involves the
development or growth of a transparent tribochemical film around the edge of the ball
flat contact region. The groove shown in the optical surface tracing would not be
detected by the stylus measuring system since it is filled with material or, conversely,
the transparent material filling the groove would be invisible to the optical surface
profiling equipment. As the wear process proceeds, large particles of debris are broken
down in the slip region and extruded out to the outer edge of the contact area. This
debris is in the form of string-like material in the contact region. Near the low
pressure edge of the contact region, the debris breaks down to small spherical particles
that either maintain their shape or coalesce into a partially transparent glassy
material that can form a lip around the wear scar.

At higher amplitude slip, the wear process appears to be characterized by formation
of a tribochemical layer followed by a general wearing away of the surface from the
outside edge in towards the locked region. At very low amplitude slip, the mechanism
might be somewhat different. Photomicrographs of the slip region formed by slip
amplitudes less than 1 micrometer suggest delamination of thin surface flakes of
material approximately 10 micrometers in length. This may be due to the presence of a
thin tribochemical film less than 1 micrometer in thickness on the wear surfces of both
the ball and flat specimen.

The principal aim of this investigation was to determine the effect of slip
amplitude on the fretting of silicon nitride components. In addition, we were
interested in the degree of surface damage undyg fretting conditions. Wear ratios,
calculated 1 roi wear volume data, were 2 x 10 at I and 10 minutes and then decreased
to 6 x 10- /Nm at 180 minutes. This decrease in the wear ratios with time would be
expected since the pressure distribution would change as the amount of debris removed
from the slip region increased. After extended testing, the pressure distribution would
change so that the entire load would be supported by the locked region. In terms of
wear rate, t~i value would be about 2 orders of magnitude lower than the commonly
report value4! but this is probably due to test conditions which involve a pressure
distribution rather than an applied load, a slip amplitude dependent on radial distance
and the exclusion of atmosphere from the wear track.

CONCLUSIONS

From the results of our experiments, the following conclusions can be drawn.

016(1 The wear ratio for silicon nitride fretting was found to be approximately 2 x
1 /Nm or about two orders of magnitude less than that repnrted for sliding wear.

(2) Although wear scars were formed at slip amplitudes less than 0.1 micrometers,
surface profile measurements indicated that 3 micrometers represents a critical slip
amplitude for silicon nitride in that slip amplitudes greater than this were required
for significant surface damage or measurable wear volumes.
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(3) Slip amplitudes of about I micrometer can produce delamination of very thin
flakes of material from the surface of silicon nitride specimens in the "as received"
condition. This is an important consideration in the use of ball specimens.

(4) The initial step in the fretting wear of silicon nitride involves a
tribochemical reaction to form a silicon oxide glassy layer. This glassy material was
found to cover the entire wear track.
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Figure 6. Surface profiles of wear scars obtained with
a stylus-based profiloMeter.

-0.O0 .

T -Fill

Dit" oon Sufae M,ls

(A) OPTICA PMOLOnC DATA

(8) *TVLA T P PR .O1.CU DATA
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FRETTING FATIGUE STRWIM OF Ti-6A1-0V AT ROOM AND VATEI) TEMPERATU
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The high sensitivity of titanium alloys to fretting fatigue has to be taken into account vhen oscillatory
relative notion occurs in joints of fatigue loaded components, e.g. in the connection of the disc with the
blades in compressors of aircraft engines. Against this background fretting fatigue behaviour of Ti-6Al-4V
was investigated at room temperature and service temperature (35O'C) as veil by testing flat specimens un-
der fatigue loading and simultaneous fretting applied by a special fretting apparatus.

The results show a complex system of parameters affecting fretting fatigue resistance: Fretting fatigue
resistance decreases with increasing contact pressure and increasing amplitude of slip, down to a certain
limit value for each. Other parameters investigated here are surface finish and stress ratios. The lovest
value of fretting fatigue limit found in this work was about 20% of the original fatigue limit of the un-
fretted material. Elevated temperature (350*C), however, had little additional detrimental effect.

Among several methods to improve fretting fatigue resistance, shot peening and coating are also employed in
compressor components. By shot peening the fretting fatigue limit could be increased by more than a factor
of tvo, by coating with FYD systems by nearly a factor of two.

LIST OF STINOLS

a: "strain length', characteristic length of fretting assembly influ-
encing amplitude of slip

p: clamping pressure, nominal contact pressure
p/a.. :relative clamping pressure
s. : amplitude of slip
F : amplitude of fatigue load
r.: man load
F.: clamping force
N: m ir of cycles to failure
N ultimate ember of cycles
I: stress ratio, R.j,./e. .
es : amplitude of fatigue stress
a,,: maximm fatigue stress

minimum fatigue stress

I DMMCE IO

Fretting is defined in Il] to stand for *wear phenomn occurring between two surfaces having oscillatory
relative notion of small amplitude". Fretting can produce damage by fretting wear or fretting corrosion.

Fretting fatigue mans "the comined action of fretting and fatigue, a situation where the actual wear da-
mage can be slight" [1], but the fatigue resistance can decrease considerably, down to about 10% of the
original values in extreme cases (1-5.

The sensitivity to fretting fatigue is specific for a certain material, i.e. different materials are
sensitive to fretting fatigue to different degrees. Compared to many other metals, titanium alloys have
been shown to be especially sensitive, in contact with materials of the mama type, as well as in contact
with other metals. This enitivity results in a considerable decrease of fatigue resistance due to frett-
ing.

This situation has to be taken into accott when titanium alloys are used for producing fatigue loaded
coonents where fretting can also occur. In consideration of the specific advantages of titanium alloys -
high strength and low density - efforts are made to improve the fretting fatigue resistance in order to
extend the applicability of these alloys.

An important application of titanium alloys are components of aircraft engines. Since the service tem-
perature of titanium alloys is limited (3001C to 450-C) depending on the type of alloy, compressor ccpo-
nents are produced from titanium alloys. Shaft-hub conmections, bolted joints, and, above all, the joints
of the rotating discs with the blades are subject to fretting fatigue loading 16-8).

r shows, sdlemstically, the dovetail of a compressor blade where fretting fatigue damage has been
e7. T contact pressure results from the centrifugal force, the slip and fatigue loading are

induced by the flutter of the blades in the gas stram.

The problm described above and the actual damage were the reason for the following investigations. The
aim ma to improve the understanding of the complex machanism of fretting fatigue and to look for masures
to improve fretting fatigue resistance of titanium alloys.
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Test material for the following experimental investigations was Ti-6A1-4V, the most frequently used tita-
nium alloy. Tests were carried out at room temperature and at elevated temperature as well. According to
the service conditions the elevated test temperature was chosen to be 350*C.

2 iND ,L XW4TIGTICH
2.1

The complexity of stressing and damaging mechanism in fretting fatigue in connection with the multiple
affecting factors prevent analytical solutions of the actual problems [3, 9, 10]. Therefore most of the
fretting fatigue research work puts the main empasis on experimental work.

Ccmared to the actual situation in service the experimental procedures have to be simplified in order to
be able to define and cr' vary parameters and to obtain reproducible test results. A survey of various ex-
perimental methods and test setups is given in [11 and [111, some special additional arrangements are
described in 112-141.

The assembly shown in Fig 2 was used in numerous test series, e.g. in [3, 4, 7, 15-19), due to its 6.

simple design, facilitating te systematic variation of contact pressure and slip amplitude. Fretting pads
shaped similar to a bridge are clamped to the fatigue loaded flat specimen. The slip amplitude develops
from the relative motion between specimen and fretting pads caused by the cyclic elongation of the flat
specimen during fatigue loading. The slip amplitude can be varied within certain limits by varying the
length 2a of the bridge.

This "bridge" assembly may have an - at least theoretical - disadvantage: since the position of the bridge
in the axial direction is not fixed, it is not absolutely sure that the relative motion of all four contact
points will be equal and will occur simultaneously. One contact point might weld and prevent motion in this
point. This would double the slip amplitude in the other contact point of the bridge. In consequence the
scatter of results might increase and reproducibility and comparability of results might be reduced.

To avoid such possible effects a modified test assembly was used for the majority of the tests. This
modified assembly, shown in Fig , has only one contact point on each side of the specimen so that slip
can occur only here. The slip amplitude can be varied, similar to the bridge assembly, by varying the
length of the arms.

To anticipate one result of the following tests: under the given conditions, the "bridge" assembly supplied
results of a quality similar to the modified assembly.

2.2 SPCIPS AND IMT2N) PADS

Flat specimens as shown in Figure 4 were chosen for the fretting fatigue tests with the fretting system
shown in Fjr.e5. This system contains fretting pads with a cylindrical fretting area mounted in the
supporting bridge", cf. Figure 2, or "arm", cf. Figure 3, of the respective fretting assembly. The cylin-
drical shape of the fretting area was chosen to avoid edge effects. The contact surface of the pads was
machined by precision turning and polished with fine abrasive paper resulting in a roughness R. of approxi-
mately 0.5 pm.

The surface finishing of the flat specimens was varied for the purpose of evaluating the effect on fretting

fatigue resistance, cf. chapter 2.6.1.3 and 2.7.2.

2.3 TEr S"

The main components of the test assembly are the loading frame with electronic load cell for measuring the
clamping force, and, for the tests at elevated temperature, the surrounding heating chamber fed with hot
air from a heater fan, see Figue 6. The test temperature was measured and controlled via thermo-couples on
the specimen surface. This assembly was mounted in an electro-mechanical resonance machine, loading the
flat specimen in axial direction.

2.4 TOT MTEVIAL

Flat specimens and fretting pads wre machined from a 7 m thick plate of Ti-6A1-4V in the annealed condi-
tion. Chemical compsition and characteristic mechanical properties are compiled in the Tables 1 and 2.

2.5 TOT lV XW

Most of the fretting fatigue tests ware carried out at a fstigue stress ratio of R - 0.1. Test frequency
was about 150 az. The test temperatures ware chosen to be room temperature and 350*c.

The fretting pads were clamped to the flat specimen with defined constant force. The nminal contact press-
ure was cal'-ulated from the clamping force and the area of the fretting scar measured on the pads after the
test.

Mae to the cylindrical surface of the pads the contact is theoretically line shaped at the very beginning
of the test. It was observed, however, that a plane contact area was formed due to abrasive wear in a very
short time. Continuing the test, this area is enlarged more and mre slowly, so that contact pressure may
be regarded to be approximately constant during most of the test duration.

Evaluation of contact area would be problemtic, even if pads with plane contact surface were used: the
actual contact area is different from the nominal area in the most cases, at least in the first test pe-
riod.
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In all tests the clamping pressure p ws related to the maximum fatigue stress, and this ratio p/.,. was
introduced as a parameter.

2.6 9ZUEMS
2.6.1 BASIC WE=IW N OTNG FAXtn RISMUM
2.6.1.1 0D1S PI.U

The S-N-lines in Figure demnstrate the effect of cleaping pressure (nomlnal contact pressure) on frett-
ing fatigue resistance.

By increasing the clamping pressure the fretting fatigue strength is continuously reduced down to a certain
lower limit, which obviously is reached at a relative clamping pressure p/a.. of approximately 0.4. The
individual results, omitted in Figure 6, show a rather small scatter.

The relation between fretting fatigue strength and clamping pressure is illustrated in Figure_ , showing
the fretting fatigue limit at 101 cycles depending on the relative clamping pressure. It can be seen more
clearly in this diagram, that beyond a certain limit of relative clamping pressure (approximately 0.4 in
this actual case) the fretting fatigue strength will not be reduced further. For simlating the worst con-
ditions all the following tests were carried out with a relative clamping pressure of approximately 0.4.

2.6.1.2 AMPLrT= OF SLIP

The amplitude of slip is influencing the fretting fatigue strength to a degree similar to the influence of
contact pressure. The parameter in Figure9 is the distance between the contact points at the -bridge'
assembly (Figure 2) or the arm length of W fied ass ly (Figure 3).

The amplitude of slip depends essentially on this length "a", but in addition depends on the fatigue stress
amplitude, on the clamping pressure, and on the coefficient of friction.

Figr 10 shows the dependency of the fretting fatigue limit at 107 cycles on the slip amplitude, measured
rt period of the fretting fatigue test or extrapolated from measurements. Even if the slip ampli-

tude is not constant during the test (due to the probably changing coefficient of friction) this represen-
tation leads to the conclusion that also a limit value of slip amplitude exists beyond which the fatigue
strength - under constant 'ther conditions - will not decrease further.

The results confirm the ;Aqplexity of the problem "fretting fatigue" and the interaction of different fac-
tors with synergetic effects. i es 11 and 12 demonstrate, for example, the interaction of slip amplitude
and clamping pressure: In spite o1 a relat veiy big slip amplitude producing severe abrasive wear the fati-
gue strength is hardly reduced if the clamping pressure is low, Figure 11. In contrast to this, Figure 12
shows that high clamping pressure and a small slip amplitude produce very little abrasive wear but have an
extremely detrimental effect on fatigue strength.

2.6.1.3 SuwAl F2M3U=

The different fretting fatigue resistance of specimens with a milled surface (R = 0.8 in) and those with a
ground surface (R. - 0.6 Am), already visible in Figures 8 and 10, is demostrated more extensively in

re 13. The ground specimens always show lower fretting fatigue resistance compared to the milled speci-
under equal other conditions.

Trying to interpret this difference, at least two interacting effects have to be taken into consideration:
The higher friction forces measured in the first test period on ground specimens and the less favourable
residual stresses near the surface. Measuring residual stress near the surface by radiography resulted in
copressive stresses with maxim, values of 500 H a on the milled specimens, but only 200 MPa on the ground
specimens, cf. Figure 19. It is well known 17,201 that grinding can also produce residual tensile stresses.

2.6.1.4 s'v RATio

The effect of stress ratio on fretting fatigue resistance was checked with one test series at R - 0.5. A
considerable effect was only foumd at low mbers of load cycles, the effect at high numbers is negligible,
see Figre 14.

2.6. 1.5Siomi

Fatigue and fretting fatigue resistance of Ti-A1-4V are obviously less affected by elevated temperatures
of up to 3501C, see S. An interesting result is the increase of the fretting fatigue limit at high
numers of cycles in theam of the ground specimens at 3501C csred to ro= temperature. Cbviously, the
fretting conditions can be improved in special cases at elevated t~eprature, probably due to changing tri-
bologic conditions. Relaxation of residual stresses should still be a secondary effect at this temperature
121).

2.6.2 ?C2U= APP3ZM

Fretting fatigue failure is induced by local damage in the contact Zone. sall cracks, propegating first in
oblique orientation to the surface, develop from such damage. one or several of these small cracks prop&-
gate during cyclic loading, change to a direction normal to the cyclic load direction 11,9,151 and finally
cause failure.

A typical crack origin and the first part of the corresponding fracture surface are shown in a longitudinal
section in igfA_

6 
and in an SDH fractograph in 1. In parallel to the dmineting crack secondary

cracks can also e seen. Part of the fretting debrl, nidized by tribo-chemical reactions, remains on the
fracture surface, see Figure 16.
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Fretting fatigue resistance is essentially determined by the mechanism of crack initiation and propagation
in the first phase. As soon as the crack reaches a certain depth its propagation rate will depend only on
the effective fatigue stress intensity factor range and no longer on the fretting conditions at the sur-
face. In this phase the high stress concentration at the crack tip will result in continuous crack propa-
gation even under comparatively low stress amplitudes.

Following current interpretation, crack initiation and propagation in the first phase are governed by
muiltiaxial stresses in the surface area. The compressive stress due to the clamping pressure and the
tensile and shear stresses caused by the frictional force are superimposed on the stress produced directly
by the fatigue load. The shear stress component is claimed to be the most effective factor (18,22).

2.7 MW 70 1F FETTDG FATIGUE RESIS7MM
2.7.1 GmAL

Following the current interpretation that, as described above, the multiaxial stress in the surface area is
decisive for failure initiation, two alternative methods of improving fretting fatigue resistance are con-
ceivable in principle:

- Increase of allowable stress by improving material properties which affect strength in the surface area

- Reduction of effective stress. Service loads, i.e. fatigue load and clamping load, seldom can be reduced.
What remains is to reduce the frictional force by reducing friction coefficient and adhesion respectively.

An effective method for increasing the allowable stresses of components is to generate residual compressive
stresses and strain hardening effects in the critical surface area by plastic deformation [231. From several
different methods applied in practice, shot peening stands out because of flexible handling and applicabili-
ty also for coonents with complicated shape. The method also could be employed for local treatment of com-
pressor blades.

Another possible method is coating. An ideal coating would supply increased strength of the surface area and
reduced friction and wear, covering in this way both alternative principle methods mentioned above. Coating
also in principle is applicable for coressor blades.

Other methods to reduce friction - use of liquid or solid lubricants or intermediate layers - would not be

applicable in discblade connections or would require modifications in design.

2.7.2 S E

The positive effect of shot peening on fretting fatigue resistance at room temperature was demonstrated for
several applications (7,241. The following results include results from tests at elevated temperature in
addition.

The flat specimens, Figure 4, were shot-peened over the gage length. For optimizing peening parameters the
shot size and Alsen intensity were varied. Coverage was 100% in all cases. According to the results of these
optimization trials, see Figure 18, peening shot MI 110 h and an Almen intensity of 0.24 ma A2 were choosen
for preparing the specimens for the following tests. measuring residual stress distribution by radiography,
see Figure 19, resulted in maxima compressive stress of approximately 750 MPa near the surface.

The tests on specimens, shot-peened with optimized peening parameters, resulted in a considerably improved
fretting fatigue resistance, see Fiu20. The fretting fatigue limit at 101 cycles was improved by more
than a factor of two compred to ontreated milled specimens. That means a level of about 70% of the
original fatigue limit can be reached under fretting conditions by shot-peening.

Pasidual stresses can be relaxed when local yield strength is approached by the service-induced stresses.
PAditional tests with elevated mean stress at R - 0.33 and R - 0.5 gave no indication for a beginning
relaxation: The decrease of the allowable stress amplitude due to the increased mean stress is similar to
untreated specimens with and without fretting as well, see Haigh diagram in Figure 21.

22 23 show the appearance of the shot-peened surfaces and fretting scars of specimens failed in
ferein fatgue tests.

2.7.3 CTnG

In cooperation with MiFJ several types of coatings were chosen for fretting fatigue tests from the following
points of view:

- applicability for copressor components
- good results from fretting wear tests or fretting fatigue spot checks

(7,16,24,251

Galvanic copper coatings and other copper containing coatings showing favourable results in previous MTU
tests (161 were not investigated further in this work. The practical use of copper coatings would be pro-
blematic anyway because of a possible detrimental effect of abraded copper particles on high-temerature-
resistant alloys in the hot turbine parts.

_ - -
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The test programs included different types of other coatings. In any case the flat specimens were coated,
and partly the fretting pads as well. The following coatings were investigated:

- Nickel diffusion layer applied by electroplating. Thickness appr. 50 Am, hardness 500 to 1000 HV 0.025.
Fretting pads were uncoated.

- Cobalt chromium oxide (Co+Cr 03) dispersion coating, consisting of a Co-matrix applied by electroplating,
with embedded solid Cr20 3 particles with 2 to 5 pe grain size. Thickness appr. 15 pa, hardness appr. 450
NV 0.025. Fretting pads were uncoated.

- Two types of PVD (Physical Vapour Deposit) titanium nitride coatings, one applied in a thickness of appr.
5 Am by ion plating, the other by high performance sputtering in a thickness of appr. 2 An on an interme-
diate layer from pore titanium. Hardness of both types was 500 to 600 HV 0.025. Fretting pads were partly
coated, partly uncoated.

- NVD chromium nitride (CrN) coating, applied by high performance sputtering. Thickness appr. 10 jm, hard-
ness appr. 1000 RV 0.025. Fretting pads were coated as well.

- Two other PVD coatings: A titanium carbo-nitride system (TiCN) and a titanium aluminium nitride (TiAN)
system. Thickness appr. 5 in each. Fretting pads were coated as well.

From all these coatings only three did improve fretting fatigue resistance at room temperature and/or 350'C
compared to the untreated material:

- the CrN coating
- the ion plated TiN type (pads coated as well)
- the (Co+Cr 2 03) dispersion coating

Figures 24 and 25 show the degree of improvement. The best results, achieved with the CrN coating at 350*C,
-]Lneaf d5@) the fretting fatigue limit compared to the untreated material. The level of the shot-peened
specimens, however, could not Le reached.

An interesting result is the increase of fretting fatigue resistance at elevated temperature, compared to
RT, measured on these coating system. Different factors can be responsible for this effect: Obviously the
fretting conditions can be improved at elevated temperatures by reducing friction coefficient and adhesive
wear. In the case of the (Co+Cr,0 3 ) coating an orientated oxide developing at elevated temperature is supp-
osed to have such a beneficial effect (25,26]. The fretting zone appears smooth and shining, Figure 26. The
specimens coated with CrN present a relatively smooth fretting zone as well with only a few wear scars,
Figure 27.

Another positive effect is probably the increase of ductility in some coatings. Early initiation of cracks
due to stress concentrations can be avoided or hindered if the coating is able to relax by local plastic
deformation.

If fatigue stress and clamping pressure exceed a certain level abrasive or adhesive wear will increase and
cracks will be initiated, see Figures 28 to 31.

High contact pressure and shear stress also produce plastic cyclic deformation in ductile coatings, Figures
28 and 29. In less ductile coatings the first stage of dmage are maltiple cracks, as can be seen in Figures
32 and 33.

The reasons why the other coatings failed at rather low stress are different: Scae coatings, e.g. the nickel
diffusion coating, are too brittle and failed by early crack initiation, other coatings had insufficient
wear resistance and were removed rapidly.

2.7.4 suininN jm I S

The main results achieved with methods for improving fretting fatigue resistance as described above are com-
piled in Figre 34, demonstrating that shot peening is superior to the coatings investigated here. But by
coating the frettig fatigue limit could also be improved by nearly a factor of two compared to the un-
treated material.

3 uiNia

The fretting fatigue mechanism is very complex and still difficult to analyse.

Fatigue behaviour under multiaxial stress (crack initiation, crack propagation), tribological conditions
(friction, wear) and chemical reactions (oxidation) have to be regarded as well. All efforts to improve
fretting fatigue resistance have to consider this situation.

The investigations described above demonstrate that promising methods to improve fretting fatigue resistance
of Ti-6A1-4V for application in cressor coponents of aircraft engines can be developed. Both basic meth-
ods investigated here - shot peening and coating - have special characteristics to be judged specifically
for each individual case. One important aspect is the reliability which demands uniform quality since even a
single defect my initiate a fatigue crack resulting in failure.
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Table 1: Chemical composition of Ti-6A1-4V. Table 2: Basic mechanical properties
Values from producer's certificate.

I I I Test RT 30
Element Al V e C N eprtue R 5

Content 2  02 82 I Property teprte

in weight % 6.2 4.0 0.16 0.014 0.014 0.170 0.007 0.2 % proof stress103 69
- R p0 2 in Mli1 35 69

Ultimate tensile stress 1 065 775
RMin MPa

Elongation 14 1
A 5 in %

b ~Reduction of area346
Z in % 4 4

Young's modulus 1500 9 0
E in MPa 1500 9 0

F_~ F,
Assembly 1 Assembly 2

a 2mm a .23mm

Assembly 3

F.

f~F. 2FV

f~i F, fatigue load
F, clamping lead -

/; 5train length

fretting zone fretting ftihgue crack

Figure 1: Dovetail of a compressor blade Figure 2: "Bridge" assembly. Figure 3: Modified assemtbly,
with fretting fatigue damage schematical ly schematically

30 
F

F. F.

Figure 4: Flat specimen Figure 5: Fretting system
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Heatn chmber Figure 6:
Test setup (left half of
heating chamber removed)

Flat s ecimen trff

Frettingasml

MP&
490 Figure 7:

Effect of clamping pressure

* 31 __________'Without trotting on fretting fatigue resistance

N 0.05N

so a 12 mm-__ __ 01
ground specioms >..Io22

69 RT; R=01

W4~ 2 a6ee I
6  

2 4e~.

Cycles to failure -

250 . - _____________

M~a \.,Figure 8:
-p room temperature Fretting fatigue limit at 107 cycles in

a, 200 R=O.1;Ng -0 dependency on relative clamping pressure
UParameter:Surface finishing of flat specimens

(milled and oround)
C.

m 150 mill _ISO-a. 23 m

0~

0 0.2i 0. 0.6_ 0.0____

relative clamping pressure pIlo,. -
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4W' ~ ________ Figure 9:
Effec of length "a"

without fetting (cf. Figs . 2 and 3) which is
390_-_________ directly proportional to the

'U 0-~.-------slip amplitude on the
fretting fatigue resistance.

S C a=3 and l2nss: 'bridge" assembly,2nm_______ ______ a-23 and 43sm:. modified assembly

0 4bC

t . 00

milled specimens 0-
'a RT ;R z .1 0 , as23mm

60 a.- 43.
50 plo~z 0.4 0

10
4  

aZ 6eia a......a -461W 2 4681' 2 46

Cycles to failure -

0S Figure 10:
-p Fretting fatigue limit at 107 cycles

millaqin dependency on the slip amplitude
M 20 pl..,X.OSParameter:Surface finishing of flat

specimens (milled and ground)
room temperature

pjo.t-o. 00 slip, measured
0 0 slip, extrapolated

1 0

Amplitude of slip se

Figure 11: Fretting wear at low clamping Figure 12: Fretting wear at high clamping
pressure and big slip amplitude pressure and small slip amplitude
P/Uo=:OO5, s =7Opm p/o_,zO.I. s.:20pm
0.=22OMPa. N'.101 o-70MPa, N=&5-101



_______________ _________ Figure 13:40 Comparison of fretting fatigue
without fretting resistance of specimens with

me milled and ground surface

a- N
IN

I--

23 212 4 6 8131 24 1 0 2 4 Tie S

Cycles to failure

Sao -- Figure 14:
* 0 without fretting Amplitude of fatig~ue and

Mp * with fretting fretting fatigue strength

.3 0
S300 -

A20

10 PT;oo.z .

500

0 r Efec o eevte
RT ~ ~ R temertue:n atgu

3n~ ~ ~ ~ ~Ma wthout frttn an-rtigftgerssac

Effet o eleate

'

mile ron

a0.

Cycles to failure-



fracture oxidized secondary
origin fretting debris cracks

Figure 16: Fracture in milled specimen, Figure 17: Fretting zone with fracture
tested at RT. origin and secondary cracks.
Longitudinal section.

Depth in pm -
200 0 0 50 100 150 200 250

20C 0
M~a peening shot ground

-MP_ M301h " -200
E Id 07Milled

1-'. . s50h-en-

100 ,E'- - __ -- 400a, - r- - a- --

so -600
room temperature

R = 0.1; No 10
1  

..'2o- a - -°

U 0 0.10 0.20 mm 0.30
Almen A2

measured by MBB
Peening intensity -1000

Figure 18: Fretting fatigue limit at 107cycles of specimens Figure 19: Distribution of residual stress
shot-peened with different parameters near the surface in axial

direction

Mp " 5Figure 20:
4i .Fretting fatigue resistance

. RT of shot-peened specimens.OC ithout fretting Peening parameters optimized.

00

35..

a, I30
IN -

-. 23"m ' "i"led

C I -l

Cycles to failure-
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without frttn Haigh-diagram for

RT frett ng fatigue limit
IMPa 0'd. .430Catl cc

010 20 3050~

ori, oriin

Specimen ~ ~ ~ ea tested ata. pcmntetda 5
0

Figue 22 Sht-penedsurfce Fgur 23:Sho-pe Fig urf24:
with~@ fretting scradfatrih fretting fratigu frestace

Specimenu0. ofte coaTSecmn e ted spcien at00

room temperature
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M a 23m Figure 25:

4" 3SOIC. Fretting fatigue resistance

30A..1;p/a.=0.4 of coated specimens at 3500C

ithoutfratting

E 0" a shot-peeo
aanm

0 CrN PVD"-

0TiN PVO id

0 (oCr2 O disp. coating untreated

l i a 4 £ 4 a i

Cycles to failure

Figure 26: (Co+Cr2D,) dispersion coating Figure 27: Cr N coating with fretting zone

with fretting zone (above). (in the middle).

Specimen tested at 350
0

C Specimen tested at 350
0

C without
failure.

remaining secondary fracture
coating crack origin

remaining coating

V ..

Figure 28: Specimen with (Co+Cr 0) Figure 29: Detail from Figure 28
dispersion coating. Longitudinal Section edged
section after failure in test
at 350

0
C
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oxidized fretting remaining fracture
debris coating origin

Figure 30: Specimen with Cr N coating after Figure 31: Specimen with Ti N coating.
failure in test at 350

0
C Longitudinal section after

failure in test at 350-C

Figure 32: Specimen with Ti N coating. Figure 33: Fretting zone in Cr N coating
Longitudinal section after with multiple cracks
failure at 350mC

Fgr 3 n l '

saaa23mma%/ p/o. 0.4.

so - 2

Figure 34: Fretting fatigue limit at 107 cycles for different

surface finish and treatment
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HIGH TEMPERATURE PROTECTIVE COATINGS: RECENT TRENDS
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A protective coating must meet several criteria : give adequate environmental resistance, be compatible with
the substrate, and be applicable. After a brief description of the high temperature protective coatings currently
used (simple and modified aluminides, MCrAIY overlays, ceramic thermal barrier coatings,..), a review of
recent trends In the coating field is attempted. These trends, which arise from the search for more demanding
applications such as higher operating temperatures and the use of low grade fuels, are related to high
temperature corrosion degradation mechanisms, mechanical properties of coated components, diffusional
stability of coating/substrate systems, the development of alternative coating processes and of more
performant ceramic coatings.

1. INTRODUCTION

Materlaistor high temperature applications we generally selected for specific properties such a strength, creep, mechanical
and/or thermal fatigue. During their use at high temperature these properties may degrade as a result of Interactions with
corrosive environments. One solution toavoid this etration Is to protectthe componentwith a coating. Most high temperature
coatings rely on the formation of a protective oxide scale by Interaction with the environment. The rdle of this scale Is to
isolate the coating from the aggressive environment and thereby limit the degradations due to high temperature corrosion.
Obviousy this scale must fulfill several conditions : be stable, slow-growing, dense, adherent (often In cyclic conditions) and
in practical applications only three oxides correspond to these criteria : alumina (AI.OJ, chromia (CrO) and silica (SIO).
The fact that chromia can form volatile suboxides at temperatures above about 900C. generally restricts its use at somewhat
lower temperatures, especially with high velocity gases. Silica scales confer protection on ceramic coatings (SIC, SI,N for
example) deposited on carbon-based materials up to about 1800*C II ]o However, the use of silica-former metallic alloys as
coatings has been limited. This Is largely due to the fact that In order to form a silica scale, a metallic coating must contain s
relatively large silicon amount. But silicon, which diffuses rapidly in most alloys, may form low melting phases and/or britle
silleldes by Interaction with subatrate elements. As in the case of chromia forming coating alloys, the use of silica-forming
metallic coatings must be restricted to rathear low temperatures. These considerations explain why most high temperature
coatings (simpleor modlledalumnldes, MCrAI overlays) relyon theformation oan alumina sea letoensure the protection
of an underlying component.
Comprehensive reviews on high temperature protective coatings have regularly appeared since the early 70's 11-61. Our
purpose Is not to recapitulate the material covered therein but rather, on the beai of published material and some personal
communications. toiocus on recenttrends and toatemptto polnt outsomeresearch perspectivesIn thefrst pat of this p per.
The second part of this paper Is devoted to subetrate/coating compatibility considerations.

2. MAIN TYPES OF COATINGS

As mentioned above, most coatings rely on the Isoation by a "barr of the part to be protected from the nvironment. The
ro~e of this barrir Is to minlmtze the diffusion of gsaeous or Ikuld species towards the component end conversely to prevent
theelemental diffuslonfrom the alloy towarde the external surfaoewheretheycouldreact. Moet generallythe barrier isdynemic
in the sense that It forms by ntes tion of the coatlng with the oxldizing environment. And this Is typically the cese of coating.
whether metalllc or ceramic, which form oxldes uch as alumina, chromi and a. However. It Is t., be noted that inert bWre
have been proposed In some cases, for example, silica coatings on steels (71, ir on C/C [ 11, thin platinum iyers on titanium
alloys [SI. Their effective use would Imply that a partial absence of cootng, due for instance to a coating deaect or spellng, Is
not too deffimental to the component We as the protection cannot then be restored in tse systems. Moreover, Intladiffusion
effects betwee coeting and substrates are supposed to be Innocuous na fus the properties of the Coated component re
concerned.
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2. 1. Dlffuslon coatings

2. 1. 1. Slmple diffusion coatings

Aluminlde coatng 9,1 ] are the mostwldely used to protect nickel- and cobsit-baed uperalloysfor gas turbie OPPiAtiOns.
They are generally formed by pack cementation: the components are Immersed in . powder mixture In a semi-sealed retort.
The retort Is then placed inside a furnace and heated at high temperature (between 750"C and 11 C) under a protective
atmos)here. In the case of an aluminizing process, aluminum Is transferred from the pack to the substrate surface where it
reacts and an aluminide layer forms by difftslon with the substrate. Due to this mode of formation this technique is a particular
case of 'rective chemical vapour depolition'. Pack cementation Is a simple process to operate, easily controlled and
Inexpensive to run. These advantages Justify Its wide use for protecting superail. But due to its mode of formation, It suffers
from several inmitations: the range of accessible coating composltions and structures remains rather narrow -- only one element
in practice can be transferred In the gas phase from the pack -- and In some applications it would be desirable to enrich the
substrate aurface not onlywith aluminlum, but also with chromium, yttrium... Moreover, the composition and the structure of
the substrate alloy can seriously affect the performances of the coating.
Otherdluoncoatings have been developed: silicon carbideon carbon-besed materials [I ], sillcideson niobium alloys[ 12].
In the last case the addition elements are generally brought onto the surface In s slurry.

2.1.2. Modified diffusion coatings

As stated earlier, the range of accessible compositions and structures with a pack cementation process is limited. However
In several applications, it would be Interesting to benefit from the advantages of reactive CVD processes (uniform thickness
on complex geometries in particular) but to modify the coating composition In order to Improve its corrosion resistance.
Different routes have been proposed to modify aluminide coatings : by pretreatment or predeposit prior the alumizing
process, and by codepostlon.
Atypicalpresreatmet consist in chomizng beforealuminizingtoobtainachromum-enfichedalumnldecoating. Industrially
available Cr-modified aluminIde coatings Include, for instance, CIA (SNECMA) and PWA 32.
Codepositon of two (or more) elements during a single step cementation treatment does not seem to be a widespread
technique in industrial practice although it was envisaged a long time ago; reports of combined chromium and silicon
cementation of steel were published as early as 1945 [13]. Recent works based on thermodynamic calculations have
demonstrated the feasibility of codepositing Cr and At on nickel base alloys [14, 16i or on Iron-base alloys [1 5, 16a], as well
as Al and Hf [ l6a, b]. Difficulties seem to remain in the case of the codepostlon of At and an active element such as yttrium,
one reason might be the very low solubility limit of this element in nickel- or Iron-based alloys. It is to be reckoned that only
scarce Informationareavailabieatthe momentconcerningthepasa8geto industrial practice(contol o n1ementcompositon,..).
Incorporation of a third element by a predepoelt has lead to the development of the platinum-modified coatings. Most often
platinum is electrodeposlted ass a micron thick layer. After aluminizing, platinum is concentrated in the external region of the
coating which is generally constituted of a miturwe of PtAI, and 8-NLAJ enriched In platinum. The addition of platinum Improves
the resistance Of simple 8-NIAI based coatings, particularly against type I hot corrosion.
Recentwork by Alp4rine e al. I 17] Indicates that plstinum may be advantageously replaced by the chemically similar and less
expensive palladium, provided proper care is taken to avoid the coating embritiement during its processing.

2.2. MCrAY overlay coatings [IS]

MCrAY alloys whose compoitions and structures are entlrely independentfrom the subetrate can now be deposited as aresult
of the development of now well established techniques such as EB-PVD (electron beam physical vapour deposition), and
plasma spraying under controlled atmosphere. As s consequence, a wide range of compositions is commercially availabe as
shown In table I.

Des i co Fe Cr Al I y Other

LCO 29 hal. is 8 .5
ATD 5 hal. 18 11 .3
LCO 5 hal. 19 10 .5
ATD 2 hal. 23 12 .3
LCO 7 hal. 23 13 .6
ATD 14 bal. 30 5 .5

Amdry 961 hal. 17 6 .5
Aadry 962 hal. 22 10 1.
ATD 16 bal. 25 12 .3
Aadry 963 hal. 25 5 .4
ATD 1 hal. 38 11 .3

ATD 7 hal. 22 18 12 .3
ATD 9 hal. 20 42 5 .3

LN 21 hal. 22 21 7.5 .5
Adry 997 bal. 23 20 8.5 .6 4 Ts
LI? 34 hal. 0.5 20 11 . .5 o

tAO 22 32 bal. 21 7.5 .5
Aadry 995 32 hal. 21 8 .5
LCO 37 23 bal. 30 3 .5
Aadry 996 10 hal. 25 7 .6 5 Ta

Andry 970 hal. 24 8 .4
ATD 8 bal. 24 11 6

Tablet: Ex1npesOf MCrANYnomil compositions (wt.%) which are comne fyavaiable (19-21] (AT coatings
produced by EB-PVD. roo Temescal; LN end LCO : coatings produced by argon shield plama spryig. Union Carble;
Amndry : powders aveble for LPPS, Alloy Metls).
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2.2.1. Structure and cOmplOltiona

MOrAIY alloys are moat generally multiphase materials. it the aluminium content is not too high, Ni- and Co-base alloys consist
basically of a ductile -y-solid solution (face-centered cubic) containing a dispersion of BNLAI or -CoAl phase. The actual
microatructure can be more complex as shown for example by Frances et a. [221 who have Identified -y', sigma, M',Y and Y,O,
phases in addition to B and y in NiCoCrAIYTa alloys. it is to be borne in mind that the microstructure of MCrAY alloys may
depend on previous heat treatments and cooling rates. If the aluminium content is high enough, the beta phase percolates and
contains a dispersion of -- Ni particles. Such a tructure is certainly less favourable in terms of ductility.
It is to be noted that in the Ni-Cr-Al ternary system, a phase transformation can occur at about IOOOC whereby -y + 8, stable
at high temperature, tranaforms into .y'-NAI + a-Cr as represented schematically on figure I based on the phase diagrams
eatablished by Taylor and Floyd (24 1. This reaction is accompanied by a significant volume variation (fig. I b) which may be
deletarous for the mechanical Integrity of a coating/subetrate system. It is therefore recommended to select an alloy
compoltion outside this field, limiting the aluminlum content, or to add cobalt to destabilize -g formation.
The oxidation behaviour of MCrAIY coating alloys depends on various factors (for a review, see for example [25): alloy
compoeition, tmperature, oxygen partial pressure, time, thermal cycling.
A typical oxidation sequence for an MCrAlY alloy sfarts with the formation of transient oxides (NO, spinet..) growing rapidly
untl a continuous stable oxide isyer (chromtla or alumina) has formed underneath. The diffusion of oxygen and metallic species
being very slow In chromis and even slower In alumina, this lyer ensures the oxidation resistance of the alloy. The presence
of chromium In these alloys reduces the A level necessary to form a protective alumina scale. The presence of as little as 5-
10 % Cr reduces the amount of A required from 40 at.% to about 10 at.%.
Alumina scales formed on MCrAl alloys are not adherent in thermal cycling conditions, presumably as a result of growth and
thermal stresses. In order to improve the adherence of the alumina scale, so-called active elements such as Y, rare-earth,.., are
incorporated in these alloys In small amounts (less than I wt. %). Several explanations have been put forward (see for example
[26] for a review) to explain this effect but a controversy still exists relative to the precise mechanism(s) involved. Other
elements have been claimed to have the ssme effect (Hf, Zr,..). A recent comparative study (231 showed however that, among
HW, Zr, Y, yttrium is by far the mosteffectiveaddtion element forimproving the adherence oalumina scales formed at 11 00"C.
It Is to be noted that this effect is observed whether yttrium is initially present In oxide particles or metallic phases within the
coating. It seems in fact that a uniform distribution of these elements is essential. Recently, Gupta and Duvall [271 have
recommended the addition of both Y and HW.
A major degradation (termed 'hot corroslon') is the accelerated oxidation Induced by condensed salts formed by pollutants
presentin combustiongases. Majorcontaminants In gas turbinas arealkallnesulphats, in particular NaSO,. The degradation
modes dependon varlousfactors: temperaturerange, naturedocontaminants, gascomposltbonalloycomposition (5). Several
mechanisms have been proposed (for a review, see [281).
At relatively high temperature (type I hot corrosion, T > 800"C), the degradation of the scale can take place:

~ either by baslc fkng; thi affects alumina-forming alloys containing less than about 15% Cr,
- or by acidic fluxing induced by oxides such as MoO,, WO,, VO, formed by oxidation of refractory elements.

At moderate temperatures (650"C < T < 800"C) another form of hot corrosion (type II, (291) which affects alloys having low
chromium has been reported. It Involves acidic fluxing of oxide scales by SO, dissolved in molten sulphates in the presence
ofar.
The presence of chromium Is beneficial against all types of hot corrosion. It Is thought that Cr,O, set as a buffer against basic
fluxing mechanism. Moreover. CrO, Is more rapidly formed than AI,O,. About 25 to 40% Cr are required for type II hot
corrosion whereas 15 to 20 % Cr are usually recommended for type I (291. It is to be noted though that too high a chromium
content may have deleterious effects on the diffhslonnal stability of the coating/substrate system.
Silicon Is particularty good In the case of lype I hot corrosion (acidic fluxlng) but above about 800 C, it tends to diffuse rapidly
into the subetrate and may form low-melting phases or brittle Intarmetallic compounds.
Other addition elements may play a beneficial r6le ; tantalum for example, although not particularly good for oxidation
resistance, prevents the outward diffusion of elements such as titanium, which are potentially deleterious regarding oxidation
resistance, by tying them up, with carbon, In stable MC carbides.
The above considerations justify the wide use of standard NICoCrAIY-base compositions with about
20% Co, 20% Cr, 8-12% Al and < 1% Y (wt. %).

2.2.2. Aternative deposltion tchnques for mNtalllC coatings

Despite the flexibility they permit, the techniques commercially available to deposit MCrAIY coatings, EB-PVD and plasma
spraying under Inert atmosphere, remain line-of-sIght processes and this, In addition to their relatively high cost, can be a real
drawbact for coating components having complex shapes. In view of some of the disadvantages of techniques which are In
production, alternate processes have been developed, among which electroly ic codepositon and electrophoresis seem
the moat promiing at the moment.

- Electrolyt oodposition
MCrAY coatings have been obtained by oo-electrodeposltlon of a dispersion of fine CrAIY powder particles and a Co or NI
markx 30. This operation can be carled out in a barrel platng unit (fig. 2). The barrel containing the specknens and te
powder particles (10 Wt diameter) Is Immersed into a Co and/or NI conventional beth and rotated. The coated components
we subsequently heam trased for alloying and dlflualo bonding the coating to the substrate.
Thl s process preaentsobiousleconomialsadvantages: iowcapltaicost (claimedto beanorder of magnitude lessthan existing
commercial systems, wtlt processing cost about half those of competing system 1301); reliability performances do not seem
to have been pub iehed as ftis technique has not yet been scaled up.

- Efletropihlatee
This prooe s baedonthe migration ofne powder prticles suspenddin apolar solution under dc voltage. In the process
developed at SNWCMA 131.321, MCrAIY alloy powdr with a lees thanabout 40$a mre deposited by electophoreals on
Mi oomponents lobs Ioed wth depositIon rise up lo t00 fl/tin. Figure34shos te depost wth o fol d poroelt
obtained at this sage. In order to datalty them end adjust the coating composllon, the components are then aluminized
(vspourpheaeproosea). Theaspectdoln MCrAY coatingobtald inthesand IsIflutrated infigur* Sb. With adequaltelectrode
geometry, components wh mplex shps can be unilormly costed. Facilities required we relatively simple, so the
invsatntstawelltherunnlngoee remuch iseathenforproceaeesucheas E-PV and platmanepraying. As shown Ingure
3c. these oe gS confe a hot oosaon ta compasable wOt est of LPPS coatings.
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- Cladding
Cladding MCrAIY sheets has been envisaged to produce protective coatings [331. Early experiments do not seem to have met
an overwhelming success. This may have been caused by the very limited At content of available sheet alloys (conventional
forming proceases require low Al content) and possibly an inadequate yttrium distribution. It might be interesting to reconsider
this technique as MCrAIY ribbons (50 to 100 pm thickness) having satisfactory oxidation-resistant compositions can now be
obtained by melt-spinning 1341.

2.3. Thermal barrier coatings

Thermal barrier coatings are generally constituted of an oxide layer (thickness ranging from about 300 pm In turbine
applications up to about 2 mm in diesel engines) plasma-sprayed on top of an MCrAIY bond layer deposited on the substrate.
The benefits of thermal barrier coatings are multiple : higher inlet gas temperatures, lower cooling flow within the metallic
component, reduction of temperature transients on the metal surface. All these advantages can result in improved efficiency.
extended lifetimes and simplified designs. Such ceramic coatings have been plasma-sprayed onto sheet metal combustor
components for more than 15 years. Only recently have they been used In the turbine section of commercial gas turbine
engines. Thermal barrier coatings over the entire airfoil of PW4000 turbine vanes were certified in the United States for
production use in 1986 135]. This progress could be achieved by a proper control of porosity, microcrack distribution, and
residual stresses in the coating. With nickel-base supereiloys having reached their optimum properties, one of the present
challenges to significantly increase the gas turbine performance remains to apply these coatings on highly stressed
components, such as turbine blades.

2.3.1. ZrO,-S to 8wt.%YO,

Figure 4 illustrates the typical aspect of the cross section of a thermal barrier coating. Most often the oxide is zirconia-based,
whether partially or completely, stabilized with proper additions of YO,. MgO or CaO, as ZrO. offers a good compromise
between lowthermal conductivity and highthermalexpansion coefficient. Yttria partially stabilizedzirconia, containing between
6 and 8 wt.% YO, has been found, empirically [36], to be most resistant in thermal cycling conditions. This composition
correspondsto the formation of a metastable tetragonal t'phasewhenthe cooling rate is sufficiently high, as in plasma spraying
which is at the moment the most often used deposition process for obtaining these coatings. With proper parameter
adjustment, plasma spraying gives a microcracked structure particularly strain tolerant in compression [37]. This is important
as the main degradation mode (spallation) of thermal barrier coatings results from fatigue cracking damage in the ceramic layer
near the ceramic/bondcoat interface, induced by thermal strains. It is to be emphasized though that the precise r6le of the t'
phase in termsof crack propagation rate isnot clearly understood and basic studies are neededtorelate thefine microstructure
and phase transformations of TBC with their mechanical properties (38, 391.
Recent engine tests by Sheffler et al.1401. Toriz et al. (411 have proved that thermal barrier coatings obtained by EB PVD may
be even more performant than plasma-sprayed ones. This might be due to the wall adapted anisotropic microcrack network
in PVD columnar deposits.

2.3.2. R61e of the bond coat

Between the oxide topcoat and the superalloy substrate, an MCrAIY bond coat is required to confer an adequate environmental
resistance and to mechanically adapt the oxide layer and the substrate.

- Mechanical adaptation
This mechanical adaptation is more complex than a simple matching of thermal expansion coefficient. Actually the expansion
coefficients of MCrAIY alloys are generally higher than for supersiloys. The calculation of residual stresses in a purely elastic
situation (with experimental elastic modui) gives values well above the measured ones. In fact, strain accommodation occurs
in a large part by plastic deformation of the bondcoat as MCrAIY alloys have a very low flow stress at temperatures above
60O'C.

- Environmental resistance
Thermal barrier coatings are dynamic systems in the sense that zirconla topcoat, MCrAIY bondcoat and substrate superailoy
interact at high temperature. Figure 5 shows, for example, the thin alumina layer formed at the zirconla/MCrAY interface after
a 100 hour heat treatment at It 00*C. This layer has formed by interaction of aluminium which has diffused from the MCrAIY
alloys with oxygen present in the zirconla material. It Is interesting to note that the adhesion between these layers
(zirconia/elumna/MCrAY) is sound and that, In practice, spallation rarely occurs at the interfaces. Instead, in thermal cycling
tests, failure of TBC happens as shown on figure Ba, by propagation of a main crack inside the zircona topcoat near the
alumlna/zirconia interface. The propagation results from compressive stresses arising on cooling In the topcoat because of
thermal expansion mismatch. A more extensive oxidation of the bondcoat can lead to the ruin of the barrier as shown on figure
6b as the transformation of the alloy Into oxide is accompanied by a volume expansion which generates additional stresses
in the zirconia layer. The evolution of the structure and composition of the MCrAIY bondcoat is likely to affect its mechanical
properties and as a consequence, to alter its ability to deform rapidly during cooling. This In turn wilI raise the compressive
stress level In the ceramic layer, accelerating the degradation of the coating.
Another degradatlon mode may occur by hot corrosion with liquid sulfate contaminants. Several mechanisms have been
proposed to explaIn the accelerated degradation of TBC in hot corrosion conditions: destabilization of zirconia, suffidation of
bondcoat, solidification of sodium sulfate In the cracks, crack propagation assisted by sulfate vapours [42].

2.3.3. Modelling

A signf:,".ant effort at modelling the behaviour and life of thermal barrier coatings is going on especially in the U.S.A. as
summarized by Miller 1431. The models developed result from a predominantly phenomenological approach schematically
Illustrated on figure 7 and Involve several empirical parameters. It must be emphasized that, up to now, some areas are still
generally poorly described : creep and Inelasticity of ceramic and bondcoat, geometry effect (roughness of metal/ceramic
Interface), oxidation-induced damages, sintering of oxide at high temperature...
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2.3.4. Concluding remarks

Thermal barrier coatings should provide the next significant increase in engine performance; Sheffiler and Gupta [40] report
that a 250 lpn thick zirconla layer can reduce metal temperature by as much as 170C. This may be achieved through the
development Of more reliable coatings and of thermomechanical modelling. Moreover new ceramic compositions are required
for Improved coatings resistant to corrosive environments with contaminated fuels and molten salt deposits 145] and, in the
long run, for coatings having higher temperature capability than yttrls partially stabilized zirconla. Finally new processes for
depositing ceramic coatings will have to be developed to protect components having complex geometry.

3. COMPATIBILITY CONSIDERATIONS

Numerous considerations are to be taken into account when selecting or designing a coating for a particular application: they
are related to the environment, the coating process, the service conditions and the substrate. Due to the drive for ever
increasing temperatures to improve engine performances and the development of advanced superaloys, considerations of
coating/substrate compatibility, whether chemical or mechanical, become more and more important.

3. 1. CHEMICAL COMPATIBILITY

Coating and superalloy substrates generally have widely different compositions, each of them selected for different purposes
protection against oxidizing environment on the one hand and high temperature mechanical properties on the other The

chemical potential gradients of the different elements (Ni, Al. Cr...) across the coating/substrate interface will cause
interdiffuslon phenomena to occur and these effects will be all the more Important that the temperature is elevated.
As a consequence, elements from the substrate may diffuse through the coating, reach the external surface and perturb the
formation of the protective oxide scale. This is illustrated on figure 8which represents the weight variations In cyclic oxidation
at 11 00'C, of different superalioys (IN 100, IN738 and CMSX2) coated with the same plasma-sprayed CoCrAlY alloy. The graph
clearly shows that after only 250 cycles the coating deposited on INt0 and IN738 suffers extensive damages, which
correspond to Internal oxidation and subsequent scale spallation as revealed by metallographic examinations. Whereas on
CMSX2 the coating lifetime is more than 1000 cycles. Analysis o oxidized samples suggested that in the first two cases, the
formation of the alumina scale Is perturbed by diffusion of titanium from the substrates toward the external surface.
Conversely, Interdiffusion may also affect the structure of the subcoating zone in the substrate and therefore alter or modify
Its mechanical properties. Several transformations can take place:

- transformation of the Initial y/,' microstructure into /O in the case of CoCrAIY/Ni-base superalloys [46, 47],
alteration of the ,' distribution,

- modification of the distribution of grain-boundary strengthening elements (carbon.. )[481.
- destabiizatlon of the reinforcing carbide fibres in directionally solidified eutectics [491.
- formation of brittle phases which may be crack initiation sites or easy paths for crack propagation.

These effects which can be important in the case of components with thin sections. can be minimized by carefully selecting
a coating composition compatible with that of the substrate. This is possible in the case of MCrAIY coatings because of the
flexibility allowed by the deposition processes. Some authors [501 have suggested putting a "diffusion barrier" (generally a
stable ceramic material in which metaltic diffusion is slow) between coating and substrate to prevent these effects. It is thought
however that such intermediate layer might present several drawbacks : poor thermomechanical behaviour due to thermal
expansion mismatch, preferential pathfor oxidation penetration once the diffusion barrier materlalhas been reached by oxygen
through a coating defect initially present or Induced by local degradation in service.

3.2. MECHANICAL COMPATIBILITv

A protective coating may alter the mechanical properties of asuperalloy substrate I Is applied on, as a result of factors exposed
above It must be stressed however that in the long run, a coating, if adequately protective, will Isolate the superalloy from the
environment (oxidizing combustion gases, molten salt deposits) and therefore will limit or suppress the corrosion-induced
mechanical degradations. In a study on thin section Renb 80 specimens, precorroded during 500 hours in an engine
atmosphere. Kaufman [51] has thus shown that the presence of a coating, whether aluminlde or MCrAIY, Improves the creep
lifetime (at 980 and 080'C) by factors ranging between 2 and 6, as well as the fatigue resistance at room temperature (220
to 280 MPa).
it is generally accepledthat creep properties of superalloys are not affected by a coating provided the standard heattreatments
are respected and little Interdiffusion occurs in service or during coating applIcation; a possible favourabie Influence is likely
to occur in the long run. because of the suppression of environmental degradation.
The mere presence of s protective coating can significantly alter the fatigue resistance of superelloy substrates, This has been
clearly shownfor example by Veys [52), Wood 153, 54) In the case of single crystal superaloys. The reduction in fatigue lifetime
is related to aarly cracking In the coating with subsequent propagation inside the substrate. The fact that early cracking occurs
attemperstureearound800"C o900C maybeanaggravatingfactor for hotcorrosion degradation: in thistemperaturerange,
sodium sulphate may condense on blade surfaces and penetrate through these crack, abolishing the beneficial effect of the
protective coating.
It is Important to note that the structure and composition oies protective coating changes during operation at high temperatures
as a resuft of afuminlum consumption by oxidation; the Initial -y + 8 structure of an MCrAWY coating therefore progressively
transforms Into y ( . 7') and in the end to y-solid solution of nickel; this Is also accompanied by grain growth. No study taking
these effects into account however seems to have been published, the durations of tests performed being too short for these
phenomena to be significant.
Recent efforts [55-58] have concentrated on thermomechanical fatigue tests which combine mechanical strain-controlled
cycling and temperature cycling; these tests offer a better simulation of the complex strain-temperature-time cycles
experlenced by gas engine components in service. Moreover, thermomechancall fatigue may now ie a majo limiting factor
In turbine vanes and blades 137], In particular for highly stressed thin-walled components.
Swansonetal 157, 58)have been deveopng life prediction modelswfthepa onappicablitytothermomechanicalfatigue

conditions. These models are based on the development of Individual constitutive models of coatings (PWA286 :
NICoCrAYSIHF and PWA273 low activty aluminide) and PWAt480 single crystal substrate, for which commercial production
experience already exists. Results of out.of-phase tests carded out between 427 and 1038"C Indicate that at strain ranges
greater than 0. 5%, the overay-coated specimens have longer lives than do those coated with the aluminlde. the reverse being
true at lower strain range. It Is interesting to note that similar results were obtained by Bain [56J on a single crystal superalloy
coated with a CoCrAY alloy or an aluminide and tested In slightly different condifon.
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As emphasized by Wood [571, little work has been done to determine in depth what coating properties are of importance In
controlling the mechanical behaviour of coating/substrate system. The studies in this field have mainly dealt with the
Identiflcation of degradation modes and theexperimental evaluation of the incidence of coatings on few mechanical properties
of as-coated substrates. I Is important to remark that coatings are found as crack initiation sites in a variety of test conditions,
the cracks thus formed propagating subsequently into the substrate material and leading eventually to failure. Neither the
evolution of the coating composition in service nor the presence of corrosive products are taken into account. Some attempts
at modelfing the coating/superalloy system have been recently publishad [ 58 1. However, the lack of data relative to the coating
intrinsic mechanical properties, mainly in the case of the widespread aluminides (simple or modified), seems to have delayed
the development of an adequate description of these systems. As a consequence, the possibility of tailoring the coating
composition and/or structure to improve the mechanical properties of the coating/substrate composite does not seem to have
been fully exploited.

4. CONCLUSION

Looking back on the historical evolution of high temperature protective coatings it is Interesting to notethat, generally, the most
performant systems, which are in service at the moment, have been developed according to a largely empirical approach.

b Further development can be expected along this line, for example with the introduction of alternative coating processes for

depositing MCrAIY alloys (electrophoresls. co-electrodepositlon) orwith the replacement of platinum bypalladium in modified
aluminide coatings. The development of advanced processes however, often requires a more subtle approach (for example
involving thermodynamic calculationsin the case of codepostion In single step cementation, for Instance).
More In-depth Investigations are needed in order to better understand the degradation mechanisms and therefore be in a
position to exploit the full potential of available coating compositions. In this respect more data and modelling are necessary
concerning the intrinsic mechanical properties of coatings as wall as the thermomechanical behaviour of coated systems.
Application of thermal barrier coatings on highly stressed components represent the next challenge for improving significantly
gas turbine engine performances. This Implies an active research effort in the direction of more reliable coating processes and,
depending on applications envisaged, of new systems with higher temperature capabilities or improved hot corrosion
resistance.
Finally an Increasing activity Is noted concerning the development of high temperature materials: titanium alloys having creep
strength at temperatures above those for which oxidation resistance is adequate, intermetallic compounds. etc. Formulating
new coating compositions and processes is expected to be necessary to ensure the protection of these materials.
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SUMMARY

Thermal shock and long term oxidation tests on ceramic thermal barrier coatings were done under
flight simulation conditions in a burner rig. Three coating combinations were investigated:

- Magnesium stabilised zirconia topcoat with Ni-5 % Al bondcoat

- Magnesium stabilised zircouia topcoat with NiCoCrAlY bondeoat

- Yttrium stabilised zirconia topcoat with NiCoCrAlY bondcoat.

The ZrO2/yaOs + NiCoCrAlY combination showed superior resistance to thermal shock and long term
oxidroion as compared to the ZrO 2 /MgO + Ni-5 % Al coating. The long term oxidation resistance of the
ZrO02/MgO 4 SIrioCrAIY combination was ititermediate to that of the other two coatings. Degradation of the
coatiugs was examlnedtin detail, and the practical significance of the results is assessed.

I. INTRODUCTION

There is a continuing effort to increase the operating temperatures of gas turbines in order to
improve the efficiency and power output. This means that continued development of high temperature
materials, cooling methods and coatings for oxidation and corrosion resistance is necessary.

Ceramic thermal barrier coatings are promising candidates for protecting high temperature components
such as combustion chambers, augmentor liners and flame holders. These coatings offer a combination of
thermal insulation and high resistance to oxidation and corrosion, thereby enabling better performance and
longer service lives. Many ceramics have been investigated, with zirconia (ZrO0 ) being given the most
attention. However, zirconia undergoes a phase transformation in the turbine temperature regime and the
accompanying volume change causes cracking and spalling during thermal cycling. The zirconia therefore
must be stabilised. This has led to development of the coating systems ZrO2 + 18-24 weight % MgO
(magnesium stabilised zirconia) and 1rO2 + 6-8 weight Z Y201 (yttrium stabilised sirconia). These systems
represent a good compromise between low thermal conductivity and acceptable thermal expansion mismatch
with the metallic substrate (1].

Thermal barrier coatings (TBCs) are commonly applied as two-layer systems consisting of a ceramic
topcoat deposited over a metallic bondcoat. As its name implies, the bondcoat provides good adhesion at
the interfaces with the ceramic topcoat and metallic substrate. Also the bondcoat has better corrosion
resistance than the substrate. Many investigations have sh.,vn the potential of TBCs, but it is also clear
that their performance depends on component geometry and loads and the environmental conditions.

The F100 engine in service with the Royal Netherlands Air Force (RNLAF) uses a TBC for the combustion
chamber and augmentor liner. The TBC Is a magnesium stabilised zirconia topcoat with a Ni-5 % Al bondcoat.
In service the coating has limited life owing to spalling, and improvements are necessary. Thus an
investigation to compare the thermal shock and long term oxidation resistances of the currently used TBC
and two possible alternatives has been carried out by the NLR. The alternative TBCs are a magnesium
stabilised zirconia topcoat with a NICoCrAlY bondcoat, and an yttrium stabilised zirconia topcoat with a
NiCoCrAlY bondcoat.

2. THE TEST PROGRAMME

An overview of the test programme is given in table 1. Details of the test specimens, the burner rig

and testing conditions are given in the following subsections 2.1 - 2.3.

2.1 Specimens

Cylindrical tube specimens with the dimensions shown in table I were used for thermal shock tests.
The specimens were fabricated by roll-up and welding of astelloy X and HS 188 superalloy sheets. The
sheet thickness for both materials was 1.2 mm. Chemical compositions of the alloys are given in table 2:
these are compared with nominal values (2).

The thermal barrier coatings were applied by air plasma spraying at the RILAF Jet Engine Depot (DSM
Woensdrecht). The intended nominal coating thicknesses were 0.1 m for the bondcoats and 0.2 m for the
topcoats. These are the specified thicknesses for the P100 combustion chamber and augmentor liner. Actual
thicknesses and the chemical compositions of the TBCs are given in table 3. Excepting the ZrOa/YaO'
topcoat, the coating thicknesses met the nominal specification. The ZrO2/Y2O3 topcoat was consistently
thinner than specified. Also the yttrium content of the NiCoCrAIY bondcoata was lower than the nominal
specification of 0.5 weight %.

Examples of coated specimens are shown in figure 1. Before testing all specimens were visually
inspected for coating deficiencies. None were found. Also the specimens cross-sectioned for coating
thickness measurements showed normal structures and porosities, figure 2.
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2.2 Burner Rig

The TBCs were tested with a BECON burner rig installed at the NLR. The basic unit of this rig is a
laboratory combustor whose operating characteristics closely approximate those of acLual gas turbine
combustion chambers. A schematic of the BECON rig combustor is given in figure 3. The combustor consists
of two sections with independent air systems and an instrumentation ring:

(1) Primary section:
This is an annular diffuser and a burner liner. Fuel is injected via a pressure-atomising nozzle
and homogeneous combustion is achieved by a strong ewirl-stabilised recirculation zone.

(2) Secondary section:
Hot combustion gases are cooled by dilution with air from secondary jets.

(3) Instrumentation ring:
This is air cooled and enables control of the ignitor, a flame monitor and access ports for
injection of pollutants (SO2, NaCl, etc.) and erosive particles, if required.

A technical specification for the BECON rig is listed in table 4.

2.3 Test Conditions

The specimens were mounted in batches of 8 in a rotating holder downstream to the burner rig exhaust
nozzle. In each batch one specimen was a fully representative "dummy" containing thermocouples brazed into
the metallic substrate and the substrate lboudcoat interface. A slip-ring system was used to enable
thermocouple measurements to be recorded. The specimens and holder could be moved from the hot gas into a
cold air stream to simulate thermal shocks. Also the high temperature testing could be done under
flight-by-flight conditions. Movement of the specimens and holder, and all the burner rig operating
conditions, were programmed and controlled by a microprocessor.

The thermal shock tests were done using the temperature-time profiles shown in figure 4. The test
history consisted of repeated sequences of 30 rapid thermal cycles between 450 'C and 1100 °C plus a
30 minute hold at 940 *C.

The long term oxidation tests were done using the temperature-time profiles shown in figure 5. The
test history consisted of repeated 60 minute sequences involving rapid heating (120s) and cooling (60s)
between 100 *C and 1050 °C at the beginning and end of each sequence.

For both types of test the burner rig used JP-4 jet fuel. No pollutants or erosive particles were
added to the hot gas stream. It should be noted that the temperature-time profiles in figures 4 and 5 are
idealised. In practice reasonable approximations were achieved, for example figure 6.

3. RESULTS

A sumary of the applied thermal shock and long term oxidation test sequences is given in table 5. As
expected, the thermal shock tests were of relatively sho duration. The numbers of thermal cycles varied
considerably because the specimens were regularly insp, id, and serious spalling or lifting of the
coating resulted in prompt removal from testing.

3.1 Macroscopic Examination

Visual inspection of the specimens during and after testing led to the qualitative classification of
coating damage shown in figure 7. These results indicate the following:

(I) The ZrO/Y0, + RiCoCrAIN combination possessed superior resistance to thermal shock and long
term oxidation as compared to the ZrO

2
/MgO + Ni-5 Z Al coating.

(2) The long term oxidation resistance of the Zr0
2
/MgO + NiCoCrAlY combination was intermediate to

that of the other two coatings.

(3) The choice of substrate apparently influenced the thermal shock resistance. Progressive damage
of each TBC combination tended to occur later in coatings on HS 188.

Representative examples of the macroscopic appearances after testing are given in figure 8. The
superior resistance of the ZrOz/YaOs + NiCoCrAlY coating to spelling is evident.

3.2 Optical Metallography

Metallographic cross-sections of the specimens ware made after testing. t qualitative classification
of the observed coating and substrate damage is shown in figure 9, and representative micrographs are
illustrated in figure 10. The results are discussed in detail in the following sections 3.2.1 - 3.2.4.

3.2.1 Therwt Shock, 496 CyoteD

Specimens coated with ZrO2/Y2Os + NiCoCrAIY were undamaged except for slight oxidation of the
bondcoat. Specimens coated with ZrOz/MSO + Ni-5 % Al showed cracks in the topcoat, the bondcoat/topcoat
interface and the bndcoat. Also, the bondcoat was severely oxidised, and slight oxidation of the
Hastalloy I substrate had occurred.
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3.2.2 Thezrm Shook. 1240 CcoZee

Specimens coated with Zr02/Y
2
Os + NiCoCrAlY showed cracks in the topcoat and slight oxidation of the

bondcoat. The non-spalled areas on HS 188 specimens coated with ZrO2 /gO + NI-5 % Al showed progressive
deterioration as compared to 496 cycles, see figure 10. However, the substrate had not oxidised.

3.2.3 Long Torm Oxidation, 100 Cycles

Specimens coated with ZrO2/y
2
sO + NiCoCrAlY and ZrO

2
/MgO + NiCoCrAlY showed cracks in the topcoat and

slight oidation of the bondcot and substrate. Specimens coated with ZrO
2
/KgO + Ni-5 2 Al showed cracks

in the topcoat, the boodcoat/topcoat interface and the hondcoat. The bondcoat was severely oxidised and

slight oxidation of the substrate had occurred.

3.2.4 Long Term Oxidation, 200 Cycles

Specimens coated with Zr0
2 
Y
2
O
3 

+ NiCoCrA1Y showed cracks only in the topcoat and moderate oxidation
of the bondcoat and substrate. Specimens coated with ZrO

2
/MgO + NiCoCrAlY showed cracks in the topcoat and

the bondcoat/topcoat interface. The bondcoat and substrate were moderately oxidised.

3.3 Scanning Electron Metallography and Analysis

Metallographic cross-sections of untested and tested specimens were investigated by Sf1 and EDX
analysis. Elemental X-ray density maps showed that changes in coating and substrate composition were
qualitatively similar for the thermal shock and long term oxidation tests. The choice of substrate did not
affect the composition changes in the thermal shock tests. Hence only a selection of the results will be
illustrated. Elemental X-ray maps and video images of the untested and tested TBCs are presented in
figures It - 13. These figures show:

(1) Testing the ZrO2/MgO + Ni-5 X Al combination. figure 11, resulted in
* Cr diffusion from the substrate to the subtrate/bondcoat interface

" Ni diffusion from the bondcoar to the substrate
" increased 0 content of the bondcoat, especially at the substrate/bondcoat interface. This

change is clearly associated with Cr enrichment at the substrate/bondcoat interface.

(2) Testing the ZrO
0
/MgO + NiCoCrAlY and ZrO

2
/Y2O

3 
+ NiCoCrAlY combinations, figures 12 and i3,

resulted in
" Cr enrichment of the bondcoat, especially at the substrate/bondcoat and bondcoat/topcoat

interfaces
" Hi diffusion from the bondcoat to the substrate

" increased 0 content of the bondcoat. This change is associated with Cr enrichment of the

bondcoat.

Concentration changes of other elements were too small to give useful information. However, it is
evident from the results that there are broad similarities in the compositional changes arising from both

thermal shock and long term oxidation testing.

4. DISCUSSION

4.1 Overview of Coating Performances and Rankings

The TBCs were tested under flight simulation whereby the temperature exceeded 1000 *C only for short
times, figures 4 - 6. This is an important consideration because it is generally agreed that magnesium
stabilised zirconia is not suitable for long term service exposure above about 1000 *C [1].

On the foregoing basis we conclude that the present test programme demonstrates the superiority of
the ZrO

2
sY20. + KiCoCrAIY combination for service use. This coating was significantly better in its

resistance to spelling, which is the main life-limiting problem for the currently used ZrO
2
/M9O +

Ni-S % Al combination. However, it is worth noting that metallography of non-spalled areas in the long
term oxidation tests, figures 9 and 10, shows little difference between the TBCs with respect to substrate
protection. This serves to indicate the importance of high temperature hold times as well as thermal

cycling in service (13.

4.2 Coating Degradation and Failure

The most important degradation and failure mechanisms of TBCs are (1.3-51:

(1) Topcoat spelling owing to thermal expansion aismatcb and destabilisation during thermal cycling.

(2) Boodcoat oxidation or hot corrosion.

(3) Reactions with pollutants.

(4) Erosion-microspalling due to impingement of particles and hot Sas.

In the present work the principal degradation and failure mechanismus were most probably limited to
topcoat spalling (thermal expansion mismatch) and bondcoat oxidation. Topcoat microspalling occurred in
the long term oxidation cests. This wan visible am surface roughening, as noted in figure 7.
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In more detail figure 14 shows the observed degradation and failure mechanisms according to test type
and duration. There are similarities but also distinct differences. The main differences relate to
bondcoat cracking and substrate oxidation. Bondcoat cracks occurred late in the thermal shock tests and
not at all in the long term oxidation tests. On the other hand, substrate oxidation began relatively early
in the long term oxidation tests. Thus ThC protection of the substrate is clearly time-related, as already
indicated in section 4.1.

In view of the similar degradation and failure mechanisms of the TBCs tested in the present
investigation, we conclude that the choice of bondcoat was crucial. Early failure of the Zr0

2
/MgO +

Ni-5 X Al combination can be attributed to bondcoat oxidation, whereby the concomitant volume expansion
causes stresses leading to topcoat spalling [1].

The elemental X-ray density maps, figures 11 - 13, show that the Ni-5 % Al bondcoat is a relatively
poor barrier to oxidation. This is because it contains no chromium, and oxygen has a strong affinity for
chromium, which is present in the substrates and also diffuses to the substrate/bondcoat interface. The
NiCoCrAlY bondcoat distributes oxygen somewhat more homogeneously, but there is still a concentration of
oxygen and chromium at the substrate/bondcoat interface, and also at the bondcoat/topcoat interface.

By itself the concentration of chromium and oxygen - forming Cr203 - is beneficial to both oxidation
and thermal shock resistance [4]. However, in keeping with the policy of increasing the times between
overhaul and maintenance it may be worthwhile investigating three-layer TBCs. These have an additional
metallic or graded metallic/ceramic layer between the bondcoat and topcoat in order to reduce inward
diffusion of oxygen and to assist in accomodating thermal expansion mismatch [1].

5. CONCLUSIONS AND RECOMENDATIONS

An investigation of the thermal shock and long term oxidation resistances of three ceramic thermal
barrier coatings under flight simulation conditions in a burner rig showed that

(1) The ZrO2/Y 2Os + NiCoCrAlY combination possessed superior resistance to thermal shock and long
term oxidation as compared to the ZrO2/MgO + Ni-5 % Al coating.

(2) The long term oxidation resistance of the ZrO2 /MgO + NiCoCrAlY combination was intermediate to
that of the other two coatings.

(3) The choice of bondcoat is most important. Early failure of the ZrO2 /MgO + Ni-5 % Al combination
can be attributed to bondcoat oxidation leading to topcoat spalling.

(4) Intact coatings did not differ much in their ability to protect the metallic substrate against
oxidation. This is because neither the topcoats [1] nor bondcoats are strong barriers to oxygen
diffusion.

(5) Substrate oxidation is strongly time-dependent. This means that high temperature hold times, as

well as thermal cycling, are important to coating performance.

In view of these conclusions we recommend to

(6) Replace the currently used ZrO
2
/MgO + Ni-5 I Al combination with the ZrO2/Yz03 + NiCoCrAIY

coating for the P100 combustion chamber and augmentor liner. This requires evaluation of the
plasma spraying conditions to ensure that the ZrO 21Y20 3  topcoat thickness meets the
specification.

(7) Investigate the potential usefulness of three-layer thermal barrier coatings, which should
provide improved protection of the metallic substrates against oxidation.
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TABLE I Teat programme overview

* TBC COMBINATIONS (I) ZrO2 /MgO + Ni-5 Z Al
(2) ZrO2 /MgO + NiCoCrAlY
(3) ZrO2 /Y2 O3 + NiCoCrAlY

* METALLIC SUBSTRATES (I) Hastelloy X nickel-base superalloy
(2) Haynes alloy MS 188 cobalt-base superalloy

* SPECIMENS (1) Cylindrical tube
(2) Flat strip

* TYPES OF TEST (1) Thermal shock

(2) Long term oxidation

* TESTING CONDITIONS Burner rig flight-by-flight simulation

TEST MATRIX

TYPES OF TEST TBC COMBINATIONS SUBSTRATES SPECIMEN CONFIGURATIONS

ZrO2 /MgO + Ni-5 % Al ICYLINDRICAL TUBEi

Nastelloy X COATING
ZrO 2 /y 2 O3 + NiCoCrAlY

THERMAL 525
SHOCK

ZrO2 /MgO + Ni-5 % Al
MS 188

ZrO2/Y2Os + NiCoCrAlY

ZrO2 /MgO + Ni-5 X Al FLAT STRIP

LONG TERM
OXIDATION ZrO 2/MgO + NiCoCrAlY HS 188 SE

ZrOz/Y203 + NiCoCrAlY 75 -
80

COATING

All dimensions in m

TABLE 2 Chemical compositions of the metallic substrates (weight %)

SUBSTRATES Ni Cr Co Mo W Ve Mn Si C La

NOMINAL [2] 47.3 22.0 1.5 9.0 0.6 18.5 0.5 0.5 0.1
Hastelloy X

EDX ANALYSIS 47.8 21.8 1.8 8.6 0.4 18.6 0.5 0.5 -

NOMINAL [2] 22.0 22.0 39.2 - 14.0 1.5 0.75 0.4 0.1 0.08
MS 188

EDX ANALYSIS 22.0 22.5 37.2 - 16.2 1.4 0.71 0.0 - -

TABLE 3 Chemical compositions (weight %) and thicknesses of the thermal barrier coatings

COMPOSITIONS (EDX ANALYSIS) COATING THICKNESS (Vi)

TBC COMBINATIONS BONDCOAT TOPCOAT
BONDCOAT TOPCOAT

Ni Co Cr Al Y MgO Y2 0s ZrO2

Zr02 /MgO + Ni-5 2 Al 95.5 - - 4.5 - 17.5 - 82.5 40 - 100 170 - 250
ZrO 2/MgO + NiCoCrAlY 73.1 2.7 19.1 5.0 0.1 17.5 - 82.5 70 - 90 200 - 250
ZrO 2/Y2O + NiCoCrAlY 70.8 2.9 18.9 7.2 0.2 - 8.2 91.8 50 - 100 50 - 130
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TABLE 4 Becon burner rig technical specifications

e COMPRESSOR 127 kW

0 MASS FLOW
H Hot section at 1000 -C t 0.4 kg/s

* Cold section ± 0.8 kg/s

* TOTAL AIR PRESSURE 1.45 bar

M MACH NUMBER 0.2 - 0.7

* GAS TEMPERATURE 500 *C - 1650 °C

* SPECIMEN TEMPERATURE VARIATION AT 1000 *C ± 5 *C

* PRESSURE VARIATION ACROSS NOZZLE ± 0.5 Z

• RESPONSE TIME 1000 °C - 300 oC lOs

e SPECIMEN TEST AREA 50 mm diameter

* POLLUTANT INJECTION SO., NaCl. etc; erosive particles

TABLE 5 Applied test sequences

SPECIMEN NUBERTEST DURATIONS
TYPES OF TEST TBC COMBINATIONS SUBSTRATES LOW-NIGH-LOW TSDURSCODES THERMAL CYCLES (HOURS)

HX I 496 16
NX 2 496 16

ZrO2 /MgO + Ni-5 % Al Hastelloy X HX 3 248 8

HX 4 744 24

RX 5 1736 56
NX 6 496 16

ZrO2/Y203 + NiCoCrAlY Hastelloy X Nx 7 1240 40

THERMAL HX a 496 16

SHOCK HS 9 496 16
NB 10 1240 40

ZrO2 /M9O + Ni-5 X Al S 188 HB 10 1240 40
HS 11 1240 40

NS 12 992 32

NS 13 744 24
NS 14 496 16

Zr0 2/Y2O3 + NiCoCrAlY BS 188 NB 14 9 32
RS 1 5 992 32

BS 16 1240 40

1 100 100

ZrO2 /M9O + Ni-5 2 Al HS 188 2 100 100
3 100 100
4 100 100

LONG TERM 11 100 100
OXNDATION ZrO2 /M8O + NiCoCrAlY HS 188 12 200 200

13 100 100

6 200 200
7 100 I00

ZrOz/Y 203 + NiCoCrAlY HS 188 8 100 100

10 200 200
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Fig. 7 macroscopic assessment of TBC damage
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EVALUATION OF HIGH TEMPERATURE PROTECTIVE COATINGS FOR GAS TURBINE ENGINES UNDER SIMULATED SERVICE
CONDITIONS
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The surface degradation of turbine hot section components, due to oxidation, hot corrosion, erosion
and thermal fatigue, is discussed. The mechanisms of each mode of attack are summarized and the state-of-
the-art in protective coatings for gas path components is reviewed. Durability evaluations of coatings
under simulated service conditions are discussed, including evaluations conducted in high velocity burner
rigs. Inconsistencies in the ranking of coatings in rigs is attributed to laboratory-to-laborstory
variations in test procedures and/or test conditions. Finally, the important parameters for durability
testing in rigs are discussed in terms of the environmental and operational factors that control hot gas
chemistry and the extent of surface damage of hot parts. A description of commonly used burner rigs and
test procedures employed is also provided to complete the paper.

1.0 INTRUION

Performance of the gas turbine engine has increased considerably in terms of thrust to weight ratio,

fuel consumption and reliability ever since the first experimental Whittle engine was built in the late

thirties. This progress was achieved by approximately doubling the turbine inlet entry temperature to

,1775 K, and was made possible by the introduction of materials capable of withstanding increasingly

higher inlet temperatures and by the introduction of internal cooling technology for hot parts.

Autenitic steel turbine blades were first replaced by the stronger Ni-20% Cr alloys and the latter were

subsequently replaced by even stronger V' strengthened Ni based superalloys. Several forms of these

alloys such as IN73SLC, M1200, DS MM200+Hf, DS Ren6 80, PWA 1480, 1A6000, Ren6 80 etc. are now in use in

gas turbines including cast, wrought and powder processed versions of the alloys.

. X40

0.7 W738

0 IN782 Figure 1: Relationship between hot cor-
rosion resistance and tempera-

NiS ture capability of nickel based0 3i.. superalluys. Creep rupturf in
. level 108 N/m (3).
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Materials research is still motivated by the demand for materials with improved high temperature
capability, creep and fatigue resistance as well as strength coupled with toughness and long term
microstructural stability. Traditionally, improvements in these properties for nickel based superalloys
have been sought by additional strengthening from the ' phase. This is achieved by increasing the
aluminum and titanium contents while decreasing chromium content (1,2). Although such developments have
allowed higher service temperatures, the higher strength alloys are inherently less resistant than their
predecessors to environmental attack, including hot corrosion. The reduction in "ot corrosion resistance
that accompanies increasing temperature capabilities of nickel based superalloys is illustrated in Fig. 1
(3). Such shortcomings have oftan caused premature rejection of expensive to replace turbine hardware
(). This review is concerned with laboratory evaluations of these high strength alloys and the coatings
employed to mitigate surface degradation.

Surface degradation due to oxidation and hot corrosion of nickel based superalloys has already been

extensively studied. Both modes of attack are relatively well understood and several reviews have been
published on the subject that provide an insight into the reaction mechanism involved and the role of
alloying elements (5-21). Similarly, protective coatings for these materials have been thoroughly
inveatigated in the past although their response to environmental attack is not well understood.
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It is shown that modes of service degradation of hot part are many, and that protective coatings are
an essential element of hot section material developments if further enhancements in engine efficiency or
performance and/or component longevity are to be obtained. It is also shown that coating selection is
often complicated by conflicting laboratory results on their relative durabilities and that this
complication is due primarily to the absence of standard test methods and procedures employed in
evaluating coatings.

Of the numerous laboratory techniques for ranking high temperature materials and coatings in terms of
their relative resistance to environmental attack, exposures to simulated service conditions in burner
rigs are by far the most powerful ones. However, burner rig tests can be quite complex to perform and
interpretation of the results can be quite delicate. This interpretation requires not only a clear
understanding of modes of degradation of materials and coatings in turbines, but also of the factors that
control the gaseous environment responsible for environmental attack. In this paper, the primary modes of
attack responsible for surface degradation are first described. The state-of-the-art in protective
coatings is then reviewed. Environmental and operational factors that are believed to influence hot
section environment in terms of contaminant chemistries, combustion reactions, formation and deposition of
corrosive species and their interactions with hot parts are discussed in detail. Finally state-of-the-art
burner rigs are described and current test procedures outlined. Emphasis throughout the paper is placed
on hot salt corrosion evaluations since hot corrosion is the most complex mode of degradation that can
affect hot section components and the most difficult to simulate in the laboratory.

2.0 MODES OF SERVICE DEGRADATION:

Service-induced damage of hot section components in the gas turbine is a complex problem. The damage
can take many forms depending on component type and operating environment. For gas path components, both
internal and surface damage may occur. The internal damage is related to microstructural changes which
occur slowly in service as a result of long term exposures to high temperatures and stresses. The surface
damage is related to oxidation, hot corrosion or erosion, acting singly or in combination, and to thermal
fatigue cracking. Both forms of damage can lead to loss of load bearing capacity in blades and vanes and
ultimately to component rejection if costly in-service failures are to be avoided. A brief description of
the mechanisms associated with each mode of surface degradation is presented below.

2.1 Oxidation:

At high temperatures, elements such as Al, Cr or Si in nickel based superalloys react with oxygen
present in combustion gases to form surface oxides. The oxide layers of A1203 , CrzO and SiO 2 that form
provide protection against further oxidation by providing a diffusion barrier between the alloy and the
gaseous environment. In practice, a reservoir of the oxide forming elements is supplied by coating
components (singly or in combination) with Al, Cr or Si to ensure long term, trouble free, service in the
aggressive environment of the turbine hot section. Of the A1203 , CrgO% or SiO, scales that form, the
first two are known to provide better protection against oxidation. At temperatures in the range of 1175
to 1475 K an A1

2
0

z 
scale provides better protection than a Cr

2
O3 scale, because of its slower growth rate.

Protective properties of a Cr
5
O, scale are also limited above 1225 K in oxidizing environments due to the

formation of volatile Cr0. Therefore, above 1225 K, oxidation resistance of an alloy or a coating is
generally provided by A120 scales. SiO

2 
has occasionally been used as a protective oxide scale but

transformation of SiO2 to less durable SiO in reducing atmospheres at higher temperatures greatly limits
its application. Also, there is some evidence that SiO can react with other metallic ions to form
complex and undesirable oxides (17).

Protective properties of scales are normally reduced with time. Several factors may be responsible
for this degradation. Most of these are associated with mechanically, thermally and/or oxide growth
induced stresses which can cause cracking of the oxide scales. The degradation of oxides scales can be
further enhanced by the presence of water vapour and/or compounds containing chlorides such as NaCl or
HCI. For example, Crz0

3 transforms to volatile Cr(OH)3 in the presence of water vapour at or above 1225 K
and when compounds containing chlorine are present, volatile metal chlorides and oxychlorides can also

form (22).

During service, cracked oxide scales tend to spell and are replaced by new protective scales
resulting from oxidation of the exposed substrate. Volatilization and spalling leads to gradual depletion
of oxide forming elements below the surface and formation of less stable oxides such as NiO or CoO. In
the end, the substrate is attacked by internal oxidation which can lead ultimately to loss of component
load bearing capability. An example of oxidation damage at the tip of a DS Ren6 80H high pressure turbine
(HPT) blade that probably resulted from the above scenario is shown in Fig. 2 (23).

Figure 2: Localized oxidation damage

at a thermal fatigue crack

at the tip of a HPT Ren4 80H
blade (23).
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2.2 Bat Corrousio:

Hot corrosion is the degradation of materials caused by the presence of corrosive salt deposit-or ash
on hot parts in the temperature range between 875 and 1225 K. This form of damage in encountered
primarily in engines that are operated in marine environments when sodium chloride, ingested as sea salt,
reacts with sulphur impurities from the fuel in combustion &ases to form corrosive sulphates. The
sulphates produced by this reaction may be deposited onto the surface of hot parts where they can flux the
protective oxide scales, resulting in accelerated metal loss. This degradation mode occurs usually in two
steps, one an incubation and the other a propagation step. The former corresponds to the formation of a
sulphate deposit and its reaction via either acidic or basic fluxing with the protective oxide scale,
while the latter is characterized by a rapid increase in the corrosion rate associated with changes in the
morphology of the corrosion layers. Pettit and Goard have reported that the incubation time is
controlled by many factors including alloy composition, gas composition and velocity, salt deposition rate
and temperature (14). The time associated with the propagation stage is comparatively small and therefore
the incubation time is normally considered as a criterion in determining the relative hot corrosion
resistance of materials.

Two form of hot corrosion are possible, one prevailing at an intermediate temperature of 975 K and
another that dominates around 1125 K. This is indicated by a maximum in corrosion rates at these two
temperatures as shown schematically in Fig. 3 (22). The first maximm situated around 975 K corresponds
to a low temperature form of hot corrosion known as LTHC, or Type 1I corrosion, which involves the
formation of a complex sulphate deposit often containing cobalt in addition to sodium. The second
maximum, at *bout 1125 K, corresponds to a high temperature form of hot corrosion known as NHTC, or type I
corrosion, which appears to involve fluxing by NatSO perhaps in combination with KgSO& and CaSO4, with
the latter serving only to depress the melting point of NslSO5 . The condensed salt deposits, totally or
partially molten, dissolve the protective oxides by acidic or basic fluxing depending upon the alloy
composition and the environmental parameters. Type I hot corrosion (HThC) develops a broad front of
corrosion products containing chromium sulphides and a layer, within the alloy, depleted in more reactive
elements. In contrast, in type I1 corrosion (LTHC), eutectic sulphate mixtures are formed giving rise to
pitting attack with pits filled with a mixture of aluminum and chromium oxides with little or no sulphides
and minimum alloy depletion (22).

Hot CorrosbIo-f Oxidation
sq iWn~e 8-.d

Figure 3: Schematic diagram of corrosion

rate versus temperature de-
T~e~picting occurrence of type I and

type II hot corrosion at
approximately 1125 and 975 K

I respectively (22).

975 1028 1078 1125 1178 1225
Temaerature (K)

Gas turbines blades and vanes in aircraft engines are subjected to complex thermal, mechanical and
chemical loads (14). These components are exposed to a chemically aggressive environment, and depending
on service conditions, either form of hot corrosion say occur. As a result, their dimensions can be
sltered which can in turn have negative impact upon their structural integrity or aerodynamic properties.
An example of type I hot corrosion at the trailing edge of an IN713 blade retrieved from a T56 engine is
shown in Fig. 4&. The innermost layer contains chromium sulphides-(Cr.S3 ) in the form of globules. No
such sulphides form in type lI hot corrosion as shown in Fig. 4b for a CoCrAlY coated alloy of similar
composition. Both type I and type II hot corrosion may occur on the saew component as a result of thermal
gradients present on component surfaces during engine operation.

AB

Figure 4: Characteristic appearance of type I and II hot corrosion (a) type 1, IN713; (b) type I,
CoCrAlY coating ((b) Courtesy G.W. Goward of Turbine Components Corporation).
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2.3 Erosion:

Erosion of gas path components is caused by sand ingested during take off or landing, or during
cruising at altitudes up to 10,000 meters over some areas. The particles of sand in the gas stream may
strike gas path components and destroy the reaction product barrier that normally provides resistance
against oxidation and hot corrosion. Leading edge surface morphology of a HPT blade damaged by erosion is
shown in Fig. 5a,b. Pyrolytic carbon produced due to poor combustion conditions or unevaporated sea salt
particles in the combustion gases can also cause erosion of hot parts (24-32). The former can accelerate
the hot corrosion damage by creating locally reducing conditions or high sulphur potentials at the
component surface (27). Erosion or combined erosion - hot corrosion processes can lead to catastrophic
failure of hot parts. The extent of damage depends upon size, amount and impact energy of the particles.
Galsworthy et al. (26) and Sorell (31) have reviewed erosion - hot corrosion interactions in detail and
the reader is referred to these reviews for more information.

A B

Figure 5: Characteristic appearance of an eroded surface at the leading edge of a turbine blade (a)
general view, (b) magnified image of encircled area shown in (a).

2.4 Thermal Fatigue:

By definition, thermal fatigue is the gradual deterioration and eventual cracking of a material under
thermal strains resulting from rapid temperature changes in high temperature environments and during which
free thermal expansion is partially or completely constrained (33). In this respect, thinner sections of
gas turbine blades at the leading and trailing edges heat up and cool down faster than the bulk of the
component during service (34). The temperature transients at various points in time in the flight cycle
give rise to large cyclic thermal strains at these locations, which can result in cracking due to thermal
fatigue damage accumulation. In addition, coatings and substrates are sometimes mechanically incompatible
in terms of their thermal expansion and therefore significant strain mismatch can also develop in a
coating/alloy system during service. The resulting tensile or compressive thermal expansion mismatch
strains can either increase or decrease the overall cyclic thermal strains within the coating, depending
on materials properties and operating conditions. When cyclic strains are relatively severe, the
protective barrier provided by coatings may crack prematurely. Cracks in the coating provide an easy path
for contaminant to reach the substrate, leading to preferential attack of the substrate. An example of
such localized attack along the trailing edge of an IN713 C nozzle guide vane is shown in Fig. 6. Such
localized attacks can lead to a loss of load bearing capacity and ultimately to overload failure of the
component.

Ni Plating (for edge retention during metallograghic preparation)

Aluinide Coating

Diffusion Layer

Substrate

Figure 6: Thermal fatigue crack at the
trailing edge of an IN713C nozzle
guide vane.

The overall factors contributing to the degradation of hot section components in gas turbines are
summarized in Table 1, which compares operating environments, forms of damage and expected life time for
hot parts in aeronautical, industrial and marine engines. Irrespective of the type of engine,
environmental attack due to oxidation, hot corrosion or erosion can be life limiting depending upon the
operating conditions.
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Table 1: Main Factors Contributing to the Degrauion of Components in Hot Sections of Gas Turbines.

Factors Environmemt Nature of Damage

Contaminant level Mechanically Induced Environmentally Expected
Type Temperature, K Thermal Cycles Induced Life h

of turbine Fuel % Air, ppm

-Several (function *Aviation Fuel .Salt-O.lppm .Oxidation
Military of missions) Containing .Sand from .Type I hot corro- 1,000 to
Aircraft >1175 S<03% runway *Thermal Fatigue sion 5,000

.Creep

Several (function (Contaminants *Erossion if air con-
Civil Aircraft of flight schedules) in air is a func- tains sand particles > 10,000

> 1075 tion of flying
locations)

* Vauiable. short .Gas oil, Crude *Depends oa *Thermal fatigue (if *Severe type I hot

cycles (top up oil containing location of short cycles) corrosion
Industrial machines) S>03% along machine *High cycle fatigue -Type I1 hot corro- 30,0)0 to
and Utility 1125-1175 -Stable (power with (Na + V) (large machines) sion (some times) 100,000

generation) and K *Erosion if air
contains particles)

-Marine Diesel -Sea salt from -High cycle fatigue -Severe type 11 hot
containing S,03- marine aro- (large machines) corrosion
1.6 % along with sols *Some cases of type

Marine <1025 (often) Na, V I hot corrosion > 10,000
1125 (occasionally) -Erosion if air con-

tains particles

Metal surface temperature of I
st 

stage turbine blade.

3.0 IATIIALS AM PRO'ECTIVI COATINGS:

Many techniques can be used to minimize environmental attack on hot parts (35-38). In practice one
usually relies on a combination of them. For instance, air filters can be used to screen off contaminants
from the intake air, while undesirable fuel elements such as Na, V, S can be minimized by using high
quality cleaner fuels. Also special materials that combines high strength and corrosion resistance can be
used. However, in the end one generally relies upon coatings to provide the necessary protection against
high tesperature environmental attack within the hot end of turbines.

3.1 Materials for Gas Turbine Blades and Vanes:

Alloys able to withstand oxidation in combination with both type I and type II corrosion in
aggressive turbine environments are difficult to make and/or expensive to produce while maintaining an
optimum compromise with mechanical properties. In practice, Co and Ni based superalloyu are used for hot
parts, with Co base alloys providing better resistance to type I hot corrosion and thermal fatigue than
nickel based alloys. The latter, however, have better oxidation resistance and superior mechanical
properties overall, for most applications. Hot corrosion resistance of nickel based superalloys can be
improved by increasing chromium content. However, as the cb-omium content is increased the relative
concentration of Vr precipitate forming elements (Al + Ti) is lowered at the expense of strength and
oxidation resistance. Furthermore, increasing chromium content is no guarantee that an alloy will not
corrode, as materials that show good resistance to one type of corrosion are not necessarily resistant to
the other. This is the case of IN939 with good type I hot corrosion resistance but poorer properties
under conditions conducive to type II corrosion than the lower chromium alloy IN738 (38-40).

3.2 Protective Coatings:

Protection against environmental attack is provided by coatings applied on the external as well as
Internal surfaces of internally cooled components. Coatings have been shown to extend usable lives of
components by delaying the threshold beyond which damage becomes excessive, as shown in Fig. 7 (41).
There are two main groups of coatings for high temperature components, namely the metallic and the
ceramic-based thermal barrier coatings. Their characteristics are summarized below and the reader is
referred to other work for more details (42-46).

3.2.1 Metallic coatings:

Metallic coatings protect structural components from environmental attack by acting as a barrier to
minimize chemical interactions between the substrate and the environment. Depending on the service con-
ditions and the nature of the gaseous environment, coating composition is selected to minimize oxidation
and/or hot corrosion. Aluminum rich coatings are used for protection against oxidation while chromium
rich coatings are used for protection against type I hot corrosion. The incorporation of Si to aluminum
based coatings usually provides resistance to type II hot corrosion. Protective coatings are applied by
two methods, one where the surface of the component is enriched by diffusion and the other where an alloy
of desired composition is deposited directly onto the surface of the part by one of many techniques. The
former method gives rise to so called diffusion coatings and the latter to overlay coatings.
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the initiation of surface
degradation (41).

ti t2
Service life

3.2.1.1 Diffusion coatings

Diffusion coatings in which aluminum is diffused into the substrate are generally aluminides obtained
by pack cementation, slurry fusion, or chemical vapour deposition (CVD). Pack cementation is used
predominantly because of its Low cost and simplicity (47-48). The component to be coated is placed in a
retort with an aluminum source and a halide activator (NH.Cl). The assembly is sealed in an inert gas
environment and held at an elevated temperature for sufficient time to allow build up of a 30-70 pm thick
coating. The coating usually consists of an outer layer of one or more aluminides, and an inner diffusion
layer containing substitutional alloying elements, carbide and chromium rich sigma phases.

Diffusion aluminide coatings can either be of the 'inward' or 'outward' type depending upon the
activity of the aluminum in the powder pack. Low activity aluminide coatings are formed by outward
diffusion of nickel (or cobalt) from the base metal, while high activity aluminide coatings (e.g. Alpak)
result from inward diffusion of the aluminum during subsequent heat treatment. Normally, high activity
processing is preferred; this produces a coating with good oxidation resistance but poor hot corrosion
performance. The hot corrosion resistance (type I) is improved by addition of elements such as chromium,
platinum and rhodium. A typical microstructure of a low temperature high activity aluminide coating is
shown in Fig. 8.

Ni Plating

B NLA Carbides

B NLAJ Solid Solution

Carbides +
Sigma Phase

Figure 8: Typical microstructure of a low
Substrate temperature high activity

aluminide coating on an IN713C
blade.

The first commercial Pt-modified coating, LDC-2, was produced by electrodepositing a platinum layer
less than 1I0 pm thick onto a component and subsequently aluminizing for several hours at 1325'K. A
modified version of LDC-2 known as RT22, is widely used today to protect hot section components in
industrial gas turbines. While coatings of this type have good resistance to type I hot corrosion, their
performance against type II hot corrosion has however been questioned (59).

3.2.1.2 Ovcrlay coatings:

Overlay coatings can be applied by several techniques including electron beam physical vapour
deposition (EBPVD), sputtering, plasma spraying and cladding. They are typified by the so called MCrAlY
coatings where M can be either Co, Ni or Fe. The interaction of the deposited 150-300 pm thick coating
with the sub.trate during deposition is usually negligible. Consequently, they offer tailored solutions
for protection in specific environments due to flexibility in the design of coating compositions, as the
applied coating is independent of the substrate composition. A good compromise of oxidation resistance,
hot corrosion resistance and mechanical properties can be achieved with such coatings by suitably choosing
the coating elements. Early interest in overlay coatings was focused on several cobalt based CoCrAIY's
with composition in the range of 20-40% Cr, 12-20% Al and 0.5% yttrium, the latter to improve oxide
adhesion. Since then, several overlay coatings have been introduced commercially. A comprehensive
listing of these products can be found elsewhere (45).

The advantages and disadvantages of diffusion and overlay coatings and processes employed for their

application are presented in Table 2 (22).
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Table 2: The main advantages and disadvantages of various types of metallic coatings and coating processes (22).

DIFFU.JSION ALUMINIDE COATINGS OVERLAY COATINGS

C.V.D. type method

High activity Low Activity Sprayed Pt. modified Cr.modi. Electron beam physical Plasma spraying under argon
I I fied vapour deposition (EBPVD) shield or low temperature.

Composition Much dependant on alloy composition Dependant on alloy com- Large variety except alloys Any powder composition com-
position, containing Ta. mercially available.,

Ductility Low, improved by. Good (depends on composition Al content). Sprayed coatings

.Increase in thickness of coating are more ductile than evaporated coatings of equivalent corn-

.Appropriate heat treatments except for Pt modified aluminides positions

Compatibility Low except Low except high activity
with alloy heat Good vapour phase Good aluminizing or vapour No problems
treatments treatments. phase aluminizing.

Thickness Regular Limited Irregular Re iite No Limitation

Adherence Very good Diffusion heat treatment compatible with the alloy heat eat-
meat is required

Reproducibility Very good Function Depends on
of know Pt deposit Good Good if deposition parameters are closely controlled

%ho quality

Masking Difficult Easy Difficult Difficult
Possible except for except for Very easy

vapour phase vapour
treatments, phase treat-

ments.

Post Treat- Eventual wet grit blasting. Shot peening Appropriate finishing treat-
ments meats, shot peening.

Coating inter- Possible but easier with vapour No No Possible if
nal Cooling phase processes, vapour
passages phase alu- No

minizing.

Coating com- Yes Difficult Yes
plex shaped No
components

3.2.2 Thermal barrier coatings:

Thermal barrier coatings (TBC), often applied by plasma spraying, are multilayer coating systems
consisting of a ceramic insulating layer (top coat) and a metallic inner layer (bond coat) between the

ceramic and the substrate, Fig. 9. Zirconia (ZrO2) is normally used as a base material for the insulating

layer due to its extremely low thermal conductivity. Yttria, magnesia or calcium oxide is also added to

prevent transformation of cubic Zr0? during thermal cycling (60). The bond coat usually consists of a

MCrAlY layer. Yttria stabilized zirconia is considered to have good oxidation and hot corrosion

resistance which may be further enhanced by the addition of a MCrAIY layer on top of the TBC.

TBC's reduce the heat flux to the cooled metal surface. These types of coatings provide an

opportunity to increase gas turbine efficiency by allowing higher gas inlet temperatures or by reducing

cooling air requirements in airfoils (43). Alternatively, these coatings can be used to extend component

life through lowering metal temperature and/or reducing the thermal strains induced during engine

transients. The potential for increasing operating temperature by as much as 140 K makes them

exceptionally attractive.

TBC's have 'wen used for extending usable lives of burner and after burner liners and air cooled

components in gas turbines and other heat engines (14,6). However, current usage is limited due to

problems associated with high surface roughness, excessive porosity, slag inclusions, microcracking and

poor adhesion. These limitations lead to premature degradation and failure by internal sulphidation,

spallation, reduced resistance to thermo-mechanical strains, pitting corrosion, condensed salt penetration

and oxygen penetration at high temperatures. However, research efforts are still continuing to overcome

these I: - tions. Currently, use of these coatings is limited to non critical stationary parts.

Ni Plating

Top Coat
Figure 9: Typical microstructure of a ther-

mal barrier coating consisting of

8% YOt stabilized ZrO ceramic

insulating layer (top coat) and

CoNiCrAIY metallic inner layer

(bond coat) on IN738 LC alloy."1 Bond Coat
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4.0 SELECTION OF PROTECTIVE COATINGS:

Hot section coatings should provide protection against environmental attack to an extent which gives
component life times compatible with the structural potential of the substrate. The main role of coatings
is to minimize surface degradation so that structural integrity and aerodynamic characteristics of
components are preserved. Rhy-Jones has tabulated the properties required by a coating system and these
are presented in Table 3 (62).

Before selecting a coating for a particular component, the designer should ideally have insight
information on the severity of the corrosive environment and the level of the thermal and mechanical loads
likely to be experienced by the component in service. The coating must have adequate resistance to hot
corrosion and a sufficiently high ductility so that cracks do not initiate too readily during thermal
cycling (63). In addition, it is important to account for the possible interactions with the base
material during coating application as well as during service, as these interactions can influence
mechanical properties of the substrate (55,63-64). Coatings are normally applied at temperatures where

Table 3: Properties required by a coating/substratc systrm for turbinc blades and vanes application (62).

Property Requirements IProperty Requirements

Corrosion and Initial rapid formation of thin, uniform adherent Coating adhesion Matched/similar coating and substrate properties eg.
oxidation and continuous protective oxide film. thermal expansion.Clean alloy/coating interface.
resistance Slow subsequent rate of scale growth. Ability to withstand all strain-temperature cycles encoun-

Highly stable and adherent oxide scale Mechanical prop- tered by the component.
High concentrations of oxide forming elements in erties Appropriate coating ductility.
the coating. Little or no effect on substrate properties.

Erosion Acceptable rate of oxidation/corrosion. Surface inish close to cast airfoil.
resistance Ductile and adherent oxide scale. Aerodynamic Acceptable thickness and uniformity on airfoil.

Coating and inter- Moderate coating ductility, properties. Minimum loss of surface smoothness during service.
face stability Low rates of diffusion across interface. Minimum Optimized for composition, structure, thickness and

compositional changes, particularly with reference Coating process thickness distribution. Ability to coat complex -- )mEtries
to brittle phases. e.g. aerofoils.

Cost effectiveness.

the substrate microstructure may be altered. In practice, processing conditions as well as post coating

thermal treatments are adjusted to optimize substrate properties for the application at hand (63,65).
During service, alloying elements from the coating also diffuse into the substrate and vice versa, with
the result that embrittling phases such as sigma can form at the coating substrate interface. The nature
of these interactions and their influence on mechanical properties are summarized in Fig. 10 for both

diffusion and overlay coatings (65).

Mechanical Properties
ftmule. maun Scale formation
LOCF

Environment
Substrate 0 - TUnera.. Vtt-s uyd..,

..... u n 0 ar . a .oy l
( ricstructral i codwrimonler4
charges with tm5

Coating
Process Diffusion/Overlay Figure 10: Interaction between the coaring,

pimt Coatings the substrate and the environment

cycle. MOM (65).
lethtl etrip aioni
Mmnosat al u asL , terddiuaha

sam posss (wmans of tifn tamm

In order to meet the needs of specific environments, while taking into consideration increasingly

demanding mechanical property requirements, more and more effective coatings have been developed. The

final selection of a coatIng from commercial products and processing technology for a particular component
is a complex process. This complexity is due to the fact that the lives of identical materials in hot
sections of nominally identical gas turbines can differ substantially depending on engine application
(66), fuel quality (67), mission type and severity (68-69) and engine maintenance procedures (70).
Despite considerable progress in coating technology, a sufficient understanding of the mechanistic details
associated with coating/substrate degradation, to provide predictive capability of coating lives in
specific environments, does not yet exist. This is further complicated by disagreement on the
applicability of laboratory test methods and procedures used for the ranking of coatings as discussed

below (71).
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5.0 TKSTINr MEMTODS AND EVALUATION PROCEDURES:

There are several testing procedures available to assess the resistance of coatings to environmental
degradation. They range from simple laboratory tests to the more complex combustor rig tests, which
closely simulate hot section component environments, and finally to field tests. Each test has its own
merits and limitations and these are compiled in Table 4 (22). The different test procedures often
produce conflicting results due to differences in test conditions, as discussed by Just (72), where the
author points out that it is not unusual to find for every detailed result based upon a single specific
test, another test with the opposite result.

Table 4: Different Corrosion Test Methods, Their Advantages and Disadvantages

Tests Laboratory Burner rig Field

Salt Immersion Furnace Low velocity High velocity High Velocity Service Experi-
low pressure Low pressure High pressure ence

Crucible Electrochemic- Salt spray Dean Test P.- latim P'latus P> lstm

al Measure- Vg'20m/s Vg> 100m/s Vg>O0m/s
mets

Depositing salt on Continuous depo- -Combustion of petroleum derived products in
the specimen at sition of salt to oxidizing environment

Operating Total or partial immersion in a low temperature specimen at the *Controlled addition of SO3 and V in fuel and Testing in
Conditions fused salt bath of known corn- (475K) followed test temperature salt or synthetic sea salt in air. engines with

position in a controlled atmo- by reaction at the in a controlled .Possibility of thermal cycling, severe operat-
sphere (air, SO3/SO2) test temperature atmosphere (air, ing conditions

with or without S0 3 /SO2 )
renewal of salt

*Very simple *Corrosion rate -Simple *Realistic mass *Continuous contamination 'Best Simu- -Most Reliable
*Easy to per- can be continu- *Realistic contain. flow rate 'Realistic deposition rate lation test

Advantages form tests ously monitored inant flux rate 'Continuous salt -Easy to modify contaminant
-Low cost -Easily adaptable deposition composition

-Very Flexible

*Thickness of 'Corrosion rate Interrupted con- 'Difficulties in -High Mainte- 'No exploit-
salt layer too too high tamination carrying out ther- nance cost able results
high *Unrealistic mal cycles and to 'No simulation -High cost and -High mainte- before 2 years

Drawbacks 'Oxygen par- corrosion moe- modify of gas velocity maintenance nance cost of accumulated
tial pressure phologies contaminant com- (high resi- (about 10% of test time
at sample position dence times) field costs) -High cost
surface high

In laboratory tests, such as furnace and crucible tests, or electrochemical measurements in fused
salt baths, test parameters are well defined and can be well monitored. Also, the test results are
reproducible but are not necessarily realistic. In this respect, the procedures suffer from two major
drawbacks. Firstly, and with the exception of the so called Dean test (c.f. Table 4), the procedures
involve one time applications of NagSO,, whereas continuous or near continuous deposition of Na2S0s occurs
during service. Secondly, under actual service conditions, material surfaces are exposed to temperatures,
pressures, velocities or gas compositions which vary significantly and rapidly with time, which cannot be
easily considered simultaneously in furnace or crucible tests (73-74). As a result of these drawbacks,
surface degradation may differ substantially from that experienced in service.

Ultimately there is no substitute for tests in an engine that operate at significantly high pressures
and mass flows of combustion gases. However, the high cost and time required to rank materials and
coating in this way car be prohibitive. Also, the results derived from one engine may not be applicable
to other engines.

Combustor rig tests, under simulated service conditions, provide a compromise between laboratory and
field tests. Testing in rigs can be tailored to simulate unique aspects of service environments which can
not be taken into consideration in simple laboratory tests. In particular, the combined effects of
erosion, oxidation, corrosion and thermal cycling can be easily studied. Furthermore, high velocity gases
of composition representative of gas streams in turbines can be easily obtained in rigs while at the same
time the influence of aerodynamic loads can be taken into consideration. In this way, rig tests can be
used to induce modes of service degradation and coating/substrate responses that closely approximate
service behaviour. Therefore, rig tests are well suited to coating evaluation studies (75-85). There
are, however, difficulties in analyzing rig results as explained below.

In 1970, the ASTM gas turbine panel hot corrosion task force sponsored (78) a round robin test
progranme in which six superalloys were evaluated by 15 participants in combustor rigs under the
conditions given in Table 5 (85). The results of this programme are compared in Table 6 in terms of
ranking of alloys. Rig results showed good reproducibility within a given laboratory but
laboratory-to-laboratory correlation was inconsistent in terms of degree of attack and relative ranking of
the same materials. Dapkunas 16) pointed out that poor correlation from one rig to the next was not
entirely unexpected as various rigs were designed to simulate different types of engine environments and
the tests were therefore not conducted under identical conditions. In particular, because of differences
in combustor design, the gas dynamic conditions established in the different rigs were not identical (87).
Also, Deadmore et al. (88) pointed out that ranking differences would be expected when comparing results
obtained with high velocity rigs operated at gas velocities of 200-800 m/s (Mach 0.3-Mach 1.0) with those
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Table 5: Test Conditions used by Participants of ASTM Round Robin Test Programme

Participant Salt concentra- Sulphur content Temperaure Pressure, Gus veloe-
Iltion, ppm Fuel I in fuel wt-% K Fuel/Air ratio aim ity, msn

1  
Cycling Time, h

A 5 JP-4R 0.20 1175 0.033 1 215 Yes 100
B 5 JP-5 * 1175 0.033 1 No 100
C 5 Jet A 0.40 1175 n 1 215 Yes 100
D 5 JP-4 0.16 1175 0.012 1 60 Yes 100
E Natural gas * 1255 1 * Yes 104
F 5 Kerosene 0.95 1145 * n No 100
G3 uu .. 1175 . 1 No 100
H 1 JP-5 0.04 1375 0.016to 0.010 15 -50- -85 Yes 44
I 100 Diesel 0.86 1175 .033 1 4.45 SCFM No 100
J 5 JP4R * 1175 ** 1 * No 10
K ... ...... ... ... ...
L 160 a n 1175 0.033 1 * No 100
M 100 2 Diesel 0.15 1175 0.059 1 6.71 SCFM Yes 100
N 5 JP-5 * 1175 ** 1 Mach I Yes 100
0 5 JP-4R 0.16 1175 0.033 1 215 Yes 100

Not Known
n Salt solution (1% sulphate ion, water solution) sprayed on specimens during cooling cycle.
u Static rig specimens coated with Na2SO4 .NaCI(50/50) mixture exposed to 0.15% S02-2.25% CO2 air and water vapour mixture.
'*** Crucible teats, 90% Na2 S04-10% NaCI at 1200

0
C

Table 6: Results of ASTM round Robin Test Programme.

Ranking of alloy by participant No. of participants ranking alloy

Aioy A B C D E F G H I J K L M N Average Order of alloys by 1 2 3 4 5 6
Rank average rank

U-500 1 2 2 2 1 3 1 1 3 3 3 3 1 3 1 2.00 1 6 3 6 0 0 0
IN-738 2 1 1 3 3 2 3 2 2 2 1 2 3 1 2 2.00 1 4 7 4 0 0 0
MM-421 3 3 3 4 4 1 2 4 1 5 2 1 2 2 3 2.67 3 3 4 4 3 1 0
U-700 4 4 4 1 2 4 4 3 4 1 4 4 4 4 4 3.40 4 2 1 1 11 0 0
IN-713C 5 6 5 5 6 5 5 5 5 6 6 5 5 5 5 5.27 5 0 0 0 0 11 4
IN-100 6 5 6 6 5 6 6 6 6 4 5 6 6 6 6 5.67 6 0 0 0 1 3 11

in a low velocity rig where gas velocity is only of the order of 6-30 m/s or when comparing results from
rigs operating at high pressures to those obtainable at atmospheric pressure (88). Meaningful comparison

of results from different laboratories requires that the test conditions employed be the same. Meaningful
rig testing also requires that the test be conducted under conditions representative of service
environments, such that results can be extrapolated to predict service behaviour (37). In this respect,
it is important to ensure as a minimum requirement that damage morphologies normally incurred in service
are consistently reproduced during rig testing. It should also be shown that the corrosive species formed
during testing are chemically identical to those formed in service on engine components. Finally, ranking
of materials should be established at comparable deposition rates of the contaminant species, since
deposition rate is one of the factors controlling hot corrosion (89). In most investigations, composition
and amounts of salt deposits are rarely documented (89). Also many other variables associated with
combustor flame tube design and gas stream dynamics are rarely identified as other key variables. A
survey of the literature reveals that there are in fact no standard test procedures for assessing
materials durabilities in rigs.

Of the many variables that can be expected to influence surface degradation downstream of combustors,
many are either directly or indirectly influenced by the type and design of combustor. Oils has made
significant contributions in defining all the meaningful variables associated with combustors and has been
able to design a rig for testing materials under a variety of well controlled conditions (73,90-91).

Identifying factors which contribute towards environmental degradation is a precursor to both the
understanding of corrosion mechanisms and the selection of simulation criteria required to develop
realistic testing procedures. In this respect, it is important to understand the basics of combustion in
gas turbine engines and the following section sumarizes briefly the principles of operation of a turbine
combustor. The environment downstream of combustors and the factors that influence component degradation
are then discussed in details. Finally, several types of laboratory combustors including that developed
by Oils are illustrated.

6.0 TURBINE ENGINE COUTORS - DESIGN AM OPIRATION:

There are several types of gas turbine engines designed for different applications in mind. Their
principles of operation are however basically the sam (92). Air compressed by a radial or axial
compressor is mixed with fuel and the mixture is ignited in a combustor. The expanding gases produced by
combustion drive a single or multistage turbine which in turn drives the compressor and produces thrust
either directly or through a gear box via a propeller. A cutaway view of an Allison T56 engine used to
power Canadian forces Hercules transport aircraft is shown in Fig. 11 which identifies the compressor,
combustor and turbine sections of this turboprop engine.
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Figure 11: Cutaway view of an Allison T56 engine (Courtesy Allison Gas Turbine Div. of General Motors).

There are three basic designs of combustion chamber for turbines, the multiple chamber, the
tuboannular chamber and the annular chamber. Cross-section of each type are shown in Fig. 12. The
multiple chamber design, such as used in the T56 engine, consists of a series of individual combustor cans
(usually 6 t, 14, 6 in the T56 engine) arranged circumferentially around the main rotor shaft. Fig. 12 a.
Each can consists of an outer casing and a perforated inner liner or flame tube as shown schematically in
Fig. 13 (93). The cans are interconnected by means of a tube to allow them to operate at the same
pressure and to ensure uniform combustion. The interconnection also allows the flame to travel between
cans during ignition, since in normal installations only two cans are equipped with spark plug ignitors.

Figure 12: Cross-sections through the threes 'basic types of axial flow

a combustion systems (a) Tubular;
(b) Annular and (c) Tuhoannular,,bsc yeoo xal fo

1 0 or Cannular.

Figure 13: Schematic cutaway view of a
typical tubular combustor
can (after the Jet Engine,
Rolls Royce, 1973) (93).

The tuboannular type of cmbustor also consists of an individual combustor but in this case the
outercasing is shared by all the flame tubes, Fig. 12 c. Finally, the annular type of chamber consists of
a singular annular flame tube contained within an annular outercasing, Fig. 12 b. While the three designs
are obviously quite different, their principles of operation in relation to the air flow distribution used
to achieve and maintain combustion are the same. In all cases, the incoming air is slowed down and a
stable flow pattern is generated within the primary zone, Fig. 13, to provide adequate residence time for
efficient combustion before the outflow is mixed with dilution air and accelerated towards the turbine
(92).

Lb. hydrocarbon liquid fuels used in gas turbines have a stoichiometric fuel to air ratio of about
L .o6 (15:1 air to fuel ratio) for complete combustion. Gas turbine engines cannot be operated with over-
all mixture ratios which even approach the stoichiometric value, because such ratios produce exhaust gas
temperatures of about 2475 K which is far in excess of the temperatures that structural components can
withstand. A large amount of excess air is therefore required to reduce the temperature of gases leaving
the combustion chamber to acceptable levels. This usually means a decrease in the overall fuel to air
ratio to levels ranging from 0.02 to 0.008, depending on operation of the engine (93). These fuel to air
ratios are, of course, too lean for burning, hence combustor designs provide a method of by passing about
60 to 75% of the air around the actual combustion zone. The by -sssed air is known as secondary air
because it does not participate in the combustion process, whereas the remainder of the air which actually
takes part in the combustion is known s primary sir (92).
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In order to achieve the correct fuel to air mixture for stoichiometric combustion, the fuel nozzle
must produce a fuel spray which consists of very fine droplets or mists, such that fuel can readily
evaporate and quickly combine with air, while avoiding liquid droplets from being carried down the flame
tube with consequent incomplete combustion. For the combustion process to be continuous, the temperature
of the reactants is kept above the ignition temperature, and turbulence is maintained in the gas stream
for sufficient time to allow fuel to burn completely before leaving the primary zone.

7.0) FhArTMS INFILUESIII NOT SECTION COMPONENTS 0 NNI UNMI:

Surface degradation of turbine hot parts is a direct consequence of their operating environment.
This environment is the end product of a chain of events which begins from environmental conditions ahead
of the compressor and terminates at the component, as sumsarized schematically in Fig. 14 (94). The
factors which contribute to this environment can be separated in two main groups (29,35,89,94-104):

(i) external factors that influence the environment ahead of the combustor and
(ii) internal factors that influence the environment within the combustion chamber itself as well as

downstream of the combustor.

The former are associated with intake contaminants including airborne and fuel contaminants, as well
as with the load condition of the compressor. The latter are associated with combustor design and its
influence on the characteristics of the gas flow dynamics, as well as with operating temperatures and
geometries of the components. The internal factors dictate the state of chemical species in the gas
stream i.e. whether the species are present in the gaseous, liquid or solid states, along with their
thermodynamic activities, concentrations and residence times within the combustor, or as deposits on the
components. The internal factors also control the rate of reactions taking place within the gas phase or
at the surface of hot parts.

Emvernal factors Internal factors

Compressor Combustor Turbine

Sea salt droplets corp~r in pen- Palrticles/va
Air contain- impact on coo- pour mix-

droplets stick and flow to condition of com- Combustion Dilution toether. deposition of corro
arrive at form wet film. -_ presaor above zone rone with carbon sn'st spear.
compress~or Peidialy0-75q6 air enters patiles LArW Particles Mayfoest,. wae wsis idluonzefrM flaime -0 deposit by inertial
Tomamt done to dea and rc.inainn istb rin ipcin

compressor. mized with fir for at the tur-, combustion in pri- bie section

t----- mary zone. I

Figure 14: Factors contributing to the hot section environment (22).

7.1 External Factors:

Contaminants from the intake air or the fuel, either singly or in combination after reaction in the
hot gases can cause extensive damage to gas path components. The form and extent of damage ultimately
depends on air and fuel purities both of which are dictated by the type of engine and its application,
Table 1. Highly rated aero engines use relatively pure fuel, and generally the air purity is good unless
there are frequent flights at low altitudes in dusty or polluted regions or near marine environments. The
marine engines use lower grades of fuels, and even though great care is taken to filter air intakes, the
compressor air quality is generally poor. In the case of industrial turbines, gas-oil fuels of varying
purities are employed and their quality depends to a great extent on engine location. While it may be
unwise to generalize, there is much evidence to show that contaminant levels are usually the highest in
the case of industrial turbines, particularly when they are run on inexpensive fuel and in marine or
polluted industrial environments (88).

7.1.1 Air quality:

The quality of air is particularly important due to the smell fuel to air ratios involved, typically
in the range from 0.02 to 0.000 (92). For aero engines, airborne contaminants enter the engine either as
sea-salt aerosols, runway dust, sand or ash. The concentration of these contaminants determines
ultimately the form and severity of attack by dictating the possible forms of aggressive species in
combustor gases.

Sodium chloride is usually ingested especially over seawater from marine aerosols. The amount of
airborne NaCl in marine aerosols depends upon wind speed, ship's or aircraft's speed, air temperature, sea
state, relative wind speed, relative wind direction, relative humidity and atmospheric pressure as shown
in Fig. 15 (41,105-106). Most of these parameters are weather dependent, while some are influenced by the
type of engine and its mission (which will affect aircraft's and ship's speed, and if helicopter
operations are a significant factor, relative wind speed and direction). On the basis of several studies,
the National Gas Turbine Establishment (NGTE) has published standards for marine aerosols which correlate
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concentration of NaCl in droplets less than 13 pms in diaemter in marine atmosphere does not exceed 0.2 ppm

by weight in air. When diamters above 13 pm are included the total is still less than 1 ppm by weight in
air for wind speeds up to 20 knots (1 knot = 1.85 km/h). It has been argued that NOT standard test data
shown in Fig. 16 give an overestimate of NaC1 concentration, as no humidity, air temperature, air
pressure or sea state data are contained in the descriptions (106). They serve as a severe testing
standards for designing air filters for offshore installations. Meanwhile, Rolls-Royce has set an upper
limit of 0.05 ppm NaC] in air for filter design purposes, based on tests on Proteus and Tyne engines

(107-108).

Compressors of gas turbine engines that operate in marine environment are periodically cleaned so
that accumulated contaminants are removed from the engine. Ts can be done by water wash while the
engine is mechanically cranked. Solutions after washing contain mostly sulphate anions and little, if
any, chloride anions which are the main anions in ingested sea salt. It indicates that sulphates adhere
preferentially to compressor parts while ingested chlorides make their way with air to the combustor
during service (113). Therefore, with or without regular washing, NaCl ultimately reaches the combustor
with the copressed air.

Ingestion of desert sand by gas turbine engines can cause extensive erosion damage to both compressor
and turbine blades and vanes. On occasion, deposits of ultra fine sand (5-10 tim) have been found to

accumulate on compressor gas path compnents. This can provide indirect protection to turbine blades and
vanes as the fine particles are filtered out from the gas stream. A compressor can thus act as a massive

filter, a condition which normally prevails under constant load operation (35). However, during acceler-
ation, shedding of the accumulated sand (or other form of deposits including those of dried salt) is

possible, such that concentrations considerably higher than the mean can be produced over a short period
of time (35). In other cases, ingestion of fine sand, 5-10 pm in size, has been found to prevent solid
contaminants from building up on compressor blades and vanes by continued erosive action, hence preventing

entrainment of deposits and downstream impaction on turbine blades (102-103).

Not all airborne contaminants entering the engine are exposed to the elevated temperatures that are
necessary for the formation of corrosive species. This is due to the fact that not all the compressor
intake is directed through the combustor. Depnding on the engine and its operation, approximately l0 of
compressor discharge is typically bled off for general purpose cooling and this portion usually remains at
temperatures less than 650

5
C. Of the remaining compressor discharge, 20-30 is used for combustion

(primary zone) and the remaining 70-80 is introduced downstream of atoichiometric combustion as secondary
colin air as explained earlier (114).

7.1.2 Fuel quality:

There are a wide variety of fuels used in gas turbine, depending upon the type of turbin, and the
application. All of them are composed of carbon and hydrogen and may contain sulphur, aa well a small
amounts Of sodiu, vanadium lead and chlorine (115). Salt from ingested air can react with the trace
amounts of sulphur and vanadium in the fuel to form corrosive deposita on hot perts. The nature and
extent of the reactions, as well as the rats at which they proceed, are controlled to a great extent by
the physical characteristics of the hot gaa stream which is in turn influenced by many factors as
explained below
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7.2 Internal Factors:

In order to understand the process of hot corrosion and develop models to predict its progression, it
is important to understand:

(a) what happens to ingested contaminants in terms of physico-chemical reactions within the combustion
gases and also

(b) what potential interactions the products from such reactions can have with hot parts downstream of
combustors.

It is generally agreed that the presence of NaSO. is a pre-requiste for hot corrosion to occur. The
principal source of Na is ingested sea salt. Sodium chloride is the main constituent of sea salt along
with a minor quantity (typically 10%) of NaSO. and some other impurities. Sodium sulphate (NaSO.) is
not a naturally occurring impurity in fuels, nor a major constituent of the particulate matter normally
ingested into gas turbines. Sodium sulphate for hot corrosion results from sulphidation of ingested NaCl
with oxides of sulphur in combustion gases. These oxides (SO, and S03) are combustion products resulting
from dissociation of sulphur containing compounds (thiophene, alkyle disulphide and alkylthiods) from the
fuel and subsequent oxidation of sulphur. The equilibrium reaction that prevails in combustion gases is
(116)

s
0
2(g) + ' O2(g) = '

0
3(g) (1)

The conversion of NaCI to Na2SO, during combustion at elevated temperatures involves the following
evaporation and condensation reactions (116-123).

NaCl(c), = NaCl(g) (2)

2NaCI(g) + 2(g) 02(g) = Na2S04 (g) * Cl2 (g) (3)

2Na g) s02(g) +2 0(g) = Na2so
4
(g) + 2HC(g) (4)

Na2 so4(g) 2 Na2s0
4
(c) (5)

The possibility that reactions (1) to (5) will proceed to any significant extent to fcrm Na'So,
depends on many factors and is dictated by thermodynamic and kinetic considerations.

7.2.1 Thermodynamic cosideratioas:

Johann (116) has calculated the mole ratio of SO and SO in combustion gases according to reaction
(1) as a function of temperature. The results shown in Fig. 17 show that SO, should prevail at low
temperatures during idling whereas S

0
2 should dominate at high temperatures during take-off. Meanwhile

partial pressures of oxygen (P0 ) and sulphur oxides (Pso +PSa ) in the combustion gases are of the order
of I arm and 5 x 10- arms reslectively (124). At low to moderate salt levels and moderate pressure of
SO,, most of the ingested sodium chloride should be sulphidated within the hot gas stream, Eqs. (2 to 5)
(121). It has also been reported that over the operating range of an engine combustor, the equilibrium
flame temperature, T, for fuel to air ratios, c, up to 0.04, is related to the equivalence fuel to air
ratio (0) and inlet air temperature (TO) by the following relation (116):

T(K) = 2180 (0)0.835 , 0.75 To + 68 (6)

where # R e/tEstoihio ' The equilibrium flame temperature computed using the above equation is shown in
Fig. 18 for several values of inlet air temperatures. For an inlet air temperature of 811 K, the flame
temperature at the turbine entry varies over the range of 1075 K to 1800 K under normal operating con-
ditions and approaches peak at , 2600 K for the stoichiometric ratio (Fig. 18). Johann (116) and later
Kohl and co-workers (121,123) have computed equilibrium gas compositions for jet fuel containing two
different levels of S (0.5 and 0.3% a respectively) and 5 ppm NsCl in inlet air. The results of both
computations were similar and the data of Kohl and co-workers (121,123) are reproduced in Fig. 19. From
these data, one can see that the equilibrium gases contain Ns, 0,, C0, HO, Ar, NO, OH and CO along with
minor quantities of CHNO species. Chlorine appeara mainly as HC1 while sodium is distributed in a complex
pattern between Na SOsrc or)' NaCl(3 ), NaOH(gs, N5sg), Na Og) and NaIH().• In the range of fuel to air
ratios at which modern aircra&Aengine operate, (diumis tied up mostly Is NaSO5 alon with an increas-

ing proportion of NaCl as the fuel to air ratio (i.e. combustion temperature) increases, Fig 19. It has
been reported that the amounts of NaSo and the distribution of Na among other species in the flame is
strongly dependent on the amount of ingested sea salt and to a lesser extent on sulphur content in fuel
along with the fuel to air ratio. The sodium from all the compounds irrespective of its chemical form can
ultimately interact with hot parts to cause hot corrosion.

7.2.2 Kinetic considerations:

It has been suggested that in real engines kinetic conditions may not be favorable to achieve
equilibrium conditions (124). For example, engine tests performed by Pratt and W.itney Aircraft show the
SO3/SO, ratio in hot gases to be several orders of magnitude lower than that corresponding to equilibrium
at the exhaust temperatures (116). This can be rationalized on the basis of residence time, which is
defined as the time interval between introduction of airborne salt into the combustor and the arrival of
the salt or reaction products downstream at the hot section components. The residence time of the hot
gases in an engine is considerably lower than that required to achieve equilibrium conditions for
reactions (1) to (5) (124).

ac represents a condensed phase, either solid or liquid.
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Residence time is largely controlled by the flame tube design (73,94,100). In this respect, flow
distribution in terms of primary and secondary air within the combustor is an important feature of flame
tube design which together with fuel flow rate governs the gas temperature and gas pressure distributions
within and downstream of the combustor in addition to residence time. This in turn dictates, gas
composition and the state of the contaminant species for any given amount of S in fuel or ingested NaCi.

The aerodynamic flow field within the primary, intermediate and dilution zones of a representative
combustor is shown schematically in Fig. 20. Sea salt particles or droplets arriving from the compressor
can enter the combustor through the swirler-vaporizer, secondary or dilution ports. Ingested particles
entering through swirlers can evaporate due to recirculation and the high temperatures within the primary
zone. The extent of this evaporation depends upon particle size and residence time within this zone
(94,100).
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The residence time available to the contaminants depends upon the strength of the recirculation
within the primary zone which in turn depends on the swirler number (type) and the size, number and
spacing of ports supplying air to this zone. Relative to the primary zone, temperature and residence time
of the particulate laden air is significantly reduced through the transition and dilution zones. As a
result, while solid sea salt particles entering the primary zone through the swirler can undergo
significant evaporation, those entering through secondary or dilution port have neither the residence time
nor a high enough temperature to evaporate to any significant extent (125). Consequently, they remain
virtually intact until they reach nozzle guide vanes downstream of the combustor where they can strike gas
path components. This also means that the salt present in secondary air i.e., the larger portion of
compressor discharge is mostly unchanged in form when it reaches first stage hot section vanes and blades.
Particle histories during transit through the combustor tubes of two different engines are described
schematically in Fig. 21 (125). It can be seen that particles of a size typically below 6 pm, undergo
significant evaporation in both engines.

The mass percentage of particles which evaporate (Fig. 2) is available immediately for conversion of
its chloride content into sulphates. However, gases have only a few milliseconds to mix within a
combustor and therefore there may not be sufficient time for the gaseous reactions (Eqs. 3 to 5) to
proceed to any extent. For that reason, it has been argued that evaporation and sulphidation reactions
may not occur in the hot gas stream within or downstream of the combustor but may instead proceed at the
surface of the hot parts themselves (117).
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Figure 21: Histories of sea salt particle sizes in flame tubes for cruise conditions in (a) Tyne RHIA and
(b) Olympus 9 engines (35).



14-17

Hanby (117) has studied the effects of the quantity of salt ingested and the influence of sulphur
level in the fuel on the rate of conversion of NaCI into NaSO5 during combustion in marine gas turbines.
Results of this work indicated that there is no conversion for residence times below 8 ms and that less
than 10 of NaC1 is converted after 16 ms. Also, the level of sulphur in the fuel, over the range of 0.1
to 1.0 was found to have little influence on the rate of conversion. Other studies have shown that
complete conversion of NaC to NazSO5 in an atmosphere containing 0.2% So takes place in 60 s at 923 K to
1023 K and in 30 s at 1123 K (126). Considering that residence time in combustors is typically in the
range from 5 to 10 ms and that time to convert NaCl to NeaSO is of the order of seconds, it has been
argued by some investigators that the conversion to corrosive Na2 SO occurs primarily after deposition of
NaCI on hot parts (116, 117,126-128). In contrast, others have shown that the complete conversion of NaCl
to Na2 SO& in a burner rig takes place in less than 2.2 ms, which is somewhat less than the residence time
in modern aircraft combustor and have argued on that basis that NaC is not likely to be deposited on hot
parts (129-131). Wortman et al. (132) have confirmed this view on the basis of the following argument
that, owing to the relatively slow velocity of a moderate size NaC particle in combustion gases,
impaction on vanes and blades would be expected to occur primarily on the convex surface of airfoils,
whereas engine components show less intense attack of this side as compared to their concave side. In
this respect, Kohl and co-workers (121) have reported that the activation energy for sulphidation of NaCl
is only '12 kCal/mole, which is so low that the conversion of NaCl to NaSO should occur instantly in
combustion gases even at low temperatures, further supporting the view that NaCl is not likely to be b
deposited directly on hot parts. Meanwhile, conflicting results have been reported by McKee et al.
(120,133) on the stability of NaCl in NaCl-Na2 SO mixtures. These authors have reported NaCI to be stable
for 6 h at temperatures between 1023 K to 1123 K in 02 + S02 atmosphere on the basis of crucible test
results (120). The same authors have also reached entirely different conclusions on the basis of
ecrelerated oxidation tests where NCl in deposit was rapidly sulphidated in an 02 + S02 atmosphere with

no influence on the hot corrosion behaviour of IN738 at i023aC. These results were explained on the basis
of differences in local environment.

Meanwhile, some investigators (94,121) have taken a middle ground view, suggesting that while some
sodium chloride particles may convert into sodium sulphate via evaporation and sulphidation reactions
(Eqs. 2 to 5) within the combustion gases, particularly at high operating temperatures, some may survive
to be deposited on hot parts. These particles are however likely to evaporate almost instantly because of
the high vapour pressure of sodium chloride at turbine operating temperatures (121). The same authors
suggest that the extent of sodium chloride deposit-n and residence time on the surface of hot parts would
increase as operating temperature is decreased, although there is no direct experimental evidence to
support this view.

A schematic representation of what might happen to ingested sodium chloride from sea salt aerosols
according to Kohl and co-workers of NASA Lewis is presented in Fig. 22 (121). The possible paths from
ingestion to interaction with hot parts are numerous and the reactions occurring in each case are complex,
involving either gas/solid, liquid/solid, solid/solid or gas/liquid reactions. Some of the sodium
chloride may vaporize while some may remain as particles in the gas stream depending upon particle size,
residence time within the combustor and temperature. Sodium chloride in either solid or gaseous forms can
lead to sodium sulphate formation by several possible routes or it can contribute to hot corrosion
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directly (Fig. 22) (121). There is also some evidence that large particles of sea salt can be stable for
appreciable times in combustion gases, certainly long enough to be deposited on the blades and to remain
there for times which will depend upon particle size, component surface temperature, deposition rate and
gas velocity. Because of the low activation energy associated with the conversion of NaCI( into Na2 So*
in oxidizing atmospheres containing SO

2 
via evaporation and sulphidation reactions (eq. M, to (5)) any

deposited NaCl( ) that does not evaporate should transform readily into corrosive NaSO, (121). Kohl and
coworkers have also suggested that reactions between NaCl( ) and atomic Ha and 02, early in the combustion
process, can release Na(s), thereby releasing Na atoms which can ultimately form corrosive species in SOt
containing atmospheres without the need for NaCl vaporization (121).

7.2.3 Influence of chlorides:

Whatever the fate of Na containing contaminants entering the engine might be, it is ultimately Na in
the form of Na,SO, which is generally believed to provide the primary driving force for accelerated and
catastrophic hot corrosion. However, it is also believed that all forms of chlorides including HC1 and
NaCl enhance corrosion attack by destroying the integrity of protective oxide scales or by impairing their
repair capability (134-SO). Smeggil and Bronstein (143-144) have shown that NaCl(gI is effective in
reducing the oxide forming elements (i.e. Al and Cr) contents just below the surface A f the protective
oxide layers which in turn leads to progressive weakening of the scale-substrate bonds .nd rupture of the
protective oxide scales. Ultimately, because of the decrease in Al and Cr contents, the propensity for
reforming protective oxides of these elements is decreased and this effect is further reduced as the
temperature is lowered.

Mixtures of Na2SO6(c) and NaCl /MC I (  are believed to be much more aggressive in inducing very
high rates of hot corrosion (68,114,120,I45-1501) Fryxell and Bessen (68) have reported that a mixture of
Na2SO. and HCI is possibly even more aggressive than NaSOs and NaCl mixtures if spelling characteristics
are considered. Presence of chlorides can also reduce the melting point of salt deposits, and possibly
enhance the solubility of some of the oxides present as scales on hot parts (151). They are also believed
to increase wetting action by molten salts (151).

It has been suggested that NaC1 whether it is derived from fuel, air or sea salt, may contribute
differently to hot corrosion of components although this effect has not been well studied (72). However,
according to Stevens and Tidy (152), the form of the Na in the fuel does not affect the deposition of
Na2SO% on the surface of hot parts.

8.0 CONDENSATION AND DEPOSITION OF CORROSIVE SPECIES:

As pointed out earlier on, thermodynamic calculations predict that NalSo, is the only species
expected to condense to any extent onto the component under normal operating conditions. The only other
phase which could also form from a thermodynamic view point is NaCO3 (121). The NaCI and HCI which are
highly stable in gaseous environments are unstable in a Londensed state. Therefore, NaCl and HCi are not
likely to be present onto the surface of hot parts.

6.1 Condensation:

The condensation of Na SOfr can take place within combustion gases in an aero engine during idling
and low power end of the take of! and cruise ranges. This is clearly indicated in Fig. 19 which maps out
concentrations of major contaminant species present in combustion gases against fuel to air ratio (and
therefore combustion gas temperature) for the expected range of operating conditions.

At low values of fuel to air ratios the Na is tied up mostly as NagSOhjc) up to a sharp cut off point
beyond which this compound begins to evaporate. At this point, the partial pressure of Na2SO.(g) becomes
equal to its equilibrium value, which defines the transition point for evaporation/condensation reactions
(123). Cutler (124) has also shown that if the concentration of Na in fuel is greater than I ppm or 0.02
mg/m

3 
in combustion gases, the equilibrium concentration of NaISOI() will exceed its saturation vapour

pressure at normal operating metal temperatures (1000-1200 K) for firn stage turbine blades. Under such
circumstances, condensation and deposition of NaaSOb(c) onto these components can take place which will be
molten at the highest metal temperatures.

The condensation temperature of NaSO w( is influenced by the fraction of sulphur in the fuel,
concentration of sea salt in air, fuel to air rao, temperature and pressure. Several investigators have
calculated the condensation temperatures under a variety of conditions using an equilibrium thermodynamic
method (115,116,123,153,154). The results of calculations performed at NASA Lewis are shown in Fig. 23
for various salt concentrations as a function of weight fraction of S multiplied by the fuel to air ratio
(F) (123). The parameter F is used in order to tully characterize the combustion system so that the total
amount of S in fuel with NaC in air is taken into consideration for any specified fuel to air ratio. It
can be seen that for a given amount of NaCl and up to F z 0.4, the condensation temperature of Na SO 5 )
can vary by up to 140 K, while, changes in F above 3.4 have no effect on the condensation temperatui.
The condensati n temperature is also expected to vary with an increase in the sea salt content of inlet
air from 0.1 ppm to 20 ppm by 200 K at any givos value on the parameter F, Fig. 23.

The fraction of Na2SO& condensed is shown in Fig. 24 as a function of flame temperature. The
intersections on the abscissa correspond with the temperatures of saturation witi. N&aSO.( at a given
concentration of NsCI in inlet air (123). It can be seen that condensation of NaSO. zos'W comoletion

within a narrow range of temperatures.
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8.2 Deposition:

The deposition mechanisms of Na containing species onto the surface of hot parts have not been
extensively studied. However, it is generally believed that mass transfer of Na onto the surface of hot

parts may occur through:

(a) deposition of either partly or wholly unevaporated Na containing solid species (e.g. solid sea salt

particles),
(b) deposition of NaZS0, C) from combustion gases ar.d
(c) vapour diffusion of Ra salts (Na2SO, NaCl, NaOH etc.)

Stearns et al. (155) have identified three modes of deposition based on characteristics of deposition
for a wide spectrum of particle sizes (between 0.1 and 10' nm, Table 7). The modes are vapour diffusion,
particle diffusion and inertial impaction. The vapour diffusion mode represents one extreme in the
deposition behaviour of particles in the ranges from 0.1-1 mm. At the opposite extreme, deposition occurs
by inertial impaction of macroscopic particles (103-106 nm) which are too heavy to follow the combustion
gas stream. Between these two extremes there is a wide range of particle sizes where processes such as
Brownian diffusion, eddy diffusion and thermophoresis (thermal diffusion of heavy molecular rize particles
across a temperature gradient) dominate the deposition process. In practice, these three modes of
deposition are not entirely independent of each other. For example, the gas stream may consist of vapours
of condensable Na-species and unevaporated sea salt particles and/or condensed NaSO_, such that
deposition may result from the combination of vapour diffusion and eddy Impaction. However, it is also
possible that one rarticular mode of deposition may dominate over the other (156).

Table 7: Characteislics of Dcposition for Spectrum of Particle Sizcs(157)

Siz Rangel nm Mass Transport MdCe Dcpsition Spcies Translxfrt Mechanism

0.1-1 Vapour Diffusion Atoms and molecules Fick. Sorct and eddy difusion

1-103 Vapour Diffusion Transition Heavy molecules (condensate aerosols, Brownian and eddy diffusion and
clusters, and submicroscopic particles) therm ,phoress

103-105 Interfial Macroscopic particles Intertial and eddy impaction

Mod, of deposition is not fixed by particle sin alone.

ost of the deposition studies performed in service engines or under simulated service in rigs seems
to favour the mechanism of deposition by vapour diffusion of NauSO4 or NaOH across a boundary layer at the
component surface (197,152,156-159). Support for this view comes from the appearance of crystalline
needles composed of mainly Na and S (a characteristic of NagSO in EDS analysis) protruding from deposits
on platinum collector pins in burner rig tests as reported by Santoro and co-workers (156). According to
these authors, these protrusions must form spontaneously from the vapour phase. Stevens and Tidy (97,152)
using a rig simulating an industrial turbine have also concluded that the deposition of Na species occurs
by vapour diffusion of NagSOs, NeOH and NaCl species across the boundary layer. In their opinion,
conversion of NeOR and NeCI to NaESO

5 vapours takes place within this boundary layer. The NaSO, then
condenses as its near-surface concentration reaches levels where the saturation vapour pressure is
exceeded. Stevens and Tidy have also reported that a threshold concentration of Na in combustion gases is

I
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required for deposition to occur (97,152). Their threshold concentrations compared well with the values
obtained from industrial turbines only when other elements such as Ca, Hg, or K were present in the fuels
which were used in the rig. Beyond this threshold, the weight of Na deposited per unit area has been
reported to increase linearly with time.

Researchers at the NASA Lewis Research Centre have developed a model which predicts deposition rates
using a chemically frozen boundary layer (CFBL) theory of vapour diffusion (156). They have claimed that
the CFBL theory is capable of handling both vapour and heavy molecule deposition modes (up to 103 m
particle sizes, 1st two rows in Table 7). The CFBL theory assumes that all the Na added to the combustion
gases is available for transport to the deposition site via vapour species (of NaCl, NeOH, Na and NelSO,)
and that a local thermodynamic equilibrium exists at the outer and inner edges of the concentration
boundary layer around the deposition surface. The boundary layer is chemically frozen in the sense that no
homogeneous chemical reactions occur within it. The NaCl, NaOH and Na species convert to Na2SO, in the
presence of excess oxygen and S containing vapours at the gas/boundary layer interface. The CFBL theory
(156) also includes a contribution t, the total deposition by large Na2 SO. droplets which survive their
residence times within the combustor prior to their deposition by inertial impaction. Claias have been
made that predictions based on this theory compare well with experimental results observed in burner rigs.
This is demonstrated in Fig. 25 which also reveals that the deposition rates of Na5 SO. is independent of
collector surface temperature up to the melting point of Na5 SO, (156). However, the deposition rates of
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Na2SO. above its melting point are lower than predicted by theory and appear to reach a terminal value.
This has been attributed to the removal of molten deposit beyond this value by aerodynamic shearing of the
deposit (101). The deposition studies performed by Misra support this claim (74). The CFBL theory also
predicts that deposition rates are directly proportional to the Na concentration in combustion gases and
the square root of the Reynolds number, as verified by experimental results, Fig. 27 (157). The shaded
region corresponds to theoretical predictions based on the CFBL theory. The scatter in experimental
results arises apparently from the stray deposition on the inner wall of the burner liner. NASA
researchers, in developing the CFBL theory, have conducted extensive testing and reported that changes in
test parameters such as salt solution concentration, atomizing air pressure, salt pump speed, liner to
liner variation can alter the mode of deposition (156). Their observations are entirely consistent with
the CVBL theory, since these parumeters can be expected to influence either directly or indirectly sodium
concentration or gas velocity and therefore the Reynolds number.

9.0 ZE rITS AND SFACK INTACrIOG:

Once corrosive species are deposited from combustion gases onto hot parts, complex interactions may
occur between the gaseous surrounding, the liquid and/or solid deposit and the solid substrate. A
detailed discussion of these interactions is outside the scope of this pape. and the reader is referred to
several comprehenaive reviews on the subject for more information (124).
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It is known that the extent of hot corrosion and morphology of the corrosion products largely depend
upon the amount of deposit and the substrate composition. In previous sections, thermodynamic and kinetic
considerations under engine operating conditions were discussed. It was realized that for a given amount
of salt in inlet air and S in fuel, the deposition rate of corrosive species depends on several inter-
related factors which are summarized in Fig. 27. Any change in these factors can alter the chemical
dynamics of combustion gases and the subsequent rates of deposition of corrosive species and hot corrosion
damage. For example, changes in S03/SO ratio of the combustion gases can not only influence the depo-
sition zate but also the composition of the deposit (124). Similarly, changes in residence time can
influence deposition rate and the possible role of NaCl in the hot corrosion process. It should be noted
frcm Fig. 27 that the deposition rate is also dependent upon the component's propensity in collecting
corrosive species from the gas stream. This propensity depends in turn upon inertial parameters and the
Reynolds number as well as upon the geometry and surface smoothness of the component and the temperature
gradients across its surface.

The aerodynamic flow distribution around and within internally cooled components is largely
responsible for large thermal gradients over their surface. These gradients influence the rates of
chemical reactions between deposit and substrate as well as the rate of flow of any molten material over

b the surface of the component. At high temperatures, deposits may disappear by rapid evaporation or
migrate to cooler regions as a result of increased fluidity under the influence of centrifugal and aero-
dynamic forces (69,97). Consequently, deposits can be found in varying amounts across, around, up and
down an airfoil surface. A typical distribution of temperatures across airfoils of a nozzle guide vane is
represented schematically, in Fig. 28 (29) which identifies areas where deposits are likely to be formed
and cause either Type I (LTHC) or Type II (HTHC) hot corrosion depending upon local conditions.
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10.0 LABORATORY COMBUSTOR RIGS:

For materials testing under simulated service conditions in a laboratory combustor rig, the most
important features of the combustion process should be realistically reproduced. In particular, a rig
should be designed to reproduce similar temperature fluctuations in combustion gases and combustion
products to those prevailing in engines, as well as rates of deposition and deposit morphologies and
chemistries representative of service conditions. In order to meet these requirements, a large number of
test parameters must normally be controlled including those influencing contaminant concentrations in both
combustion air and fuel and those pertaining to the combustion process itself. Among the latter
parameters, the most important ones are the fuel to air ratio, the ratio of primary to secondary air mass
flow, which ultimately controls gas temperature and gas velocity downstream of the combustion, the type of
liner, the nozzle and test chamber geometries, the specimen geometry and smoothness and specimen
rotational speed within the hot gas stream. Specimens are normally rotated in rig tests in front of the
burner nozzle to minimize any non-uniformity of attack that might arise as a result of temperature and
contaminant concentrations gradients across the gas stream.

10.1 Types of Rigs:

There are several types of combustor rigs that can provide close simulations of the dynamic
environment prevailing in gas turbine engines. Their characteristics and the conditions under which they
are used in various laboratories have been compiled by Booth and Clarke (85). Rigs can be classified as:

(a) low velocity - low pressure rigs,
(b) high velocity - high pressure rigs, and
(c) high velocity - low pressure rigs.

The low velocity - low pressure rigs are closely related to laboratory furnaces in that they rely on
resistance heating to maintain uniform gas stream temperature, Fig. 29 (77). With such rigs, large
amounts of salt are injected into the low velocity combustion stream and test parameters can be adjusted
to induce various damage morphologies. However, relating results to practice has proven difficult
primarily because combustion dynamics are not reproduced. Also, this type of rig is not particularly
effective in demonstrating the good performance of Pt modified aluminide coatings in spite of favourable
reports from engine tests (73,160,161).

NIC 1 PR11911 RIG Figure 30: ARE high velocity-high pressure
burner rig (94).
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High velocity - high pressure rigs are by implication considerably more complex pieces of apparatus,
but they can closely duplicate engine environment and are capable of producing realistic heating and
cooling rates. The number of such rigs is however limited due to high installation and maintenance costs.
A cut-away view of the Admiralty Research Establishment (ARE) high pressure rig is shown in Fig. 30
(161).

High velocity - low presure rigs (Fig. 31) are a good compromise between the other types of rig (94).
They are -capable of producing surface damage due to environmental attack similar to that found in engines
at realistic salt-in-air levels of , I ppm. Also, the loss of information associated with using an
atmospheric rather than a high pressure rig has been claimed to be minimal on the grounds that gas dynamics
can be adjusted to compensate for lower heat transfer coefficients. The rig designed by Dils, belongs to
this category and is described in detail in a later section.

10.2 Characteristics of High Velocity - Low Pressure Rigs:

High velocity - low pressure rigs are entirely capable of simulating the relationships between
exhaust gas temperatures and fuel to air ratios, Fig. 18, and therefore are expected from equilibrium
thermodynamics to produce chemistries of combustion gases, similar to those expected for engines, Fig. 32
(123). By comparing the data from this figure with that contained in Fig. 19, it can be seen that the
gaseous products of adiabatic combustion predicted for rigs are similar for all practical purposes to
those predicted for engines, and that this is so in spite of the difference in operating pressure of close
to 21 atmospheres between atmospheric pressure rigs and engines. There are however some differences, in
that the range of temperatures over which gaseous species are expected are shifted to higher temperatures
(by , 100 K) in the case of rigs. Also in rigs, the range of temperature over which NagSO. is expected to
condense, as the concentration of sea salt is varied, Fig. 33, is reduced down form 140 to , 110 K, as a
result of differences in partial pressures of NaC1, HC1. SO and other gaseous species. It has been shown
that in order to obtain the same contaminant partial pressures in rigs as in engines, and therefore the
same deposition rates, the contaminant level in rigs must be raised relative to the engine contaminant
level by some factor (115). ThIs factor depends on the difference in operating pressure and the
contaminant level, and has been reported to be as high as 100 times in some studies (123).

10.3 Test Procedures:

There appears to be no unique salt level at which rig tests are conducted in different laboratories
and there are wide variations in salt levels used, Table 5. In simulation tests, 1 ppm salt is considered
to be a realistic level, and 10 ppm is often used for accelerated tests (162). Ishida and coworkers (163)
have reported an overall increase in corrosion rate with an increase in salt levels from 0 to 10 ppm.
Varying salt level from 10 ppm to 50 ppm in air has been reported to have little effect on LTHC behaviour
(149).

Several specimens are usually mounted on a carousel and tested together with the hot gas stream
impinging upon the specimens at right angles to their longitudinal axis. In unducted rigs, specimens are
directly exposed to the hot gases arriving form the combustor. Under such conditions only type I hot
corrosion damage can be obtained. Furthermore, the extent of damage may differ substantially from that
obtained with ducted rigs. It is not possible to obtain type II hot corrosion damage because of dilution
of the hot gas stream by surrounding ambient air, which makes it impossible to maintain the critical
partial pressures of S03/S0 for type II hot corrosion to proceed (85). Dilution also affects chemistry
and temperature of combustion gases which adds to uncertainties in test results.
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Ducted rigs are used to gain better control on the test environment. In ducted rig specimens are
exposed in a test chamber attached to the combustor downstream of the nozzle. The dimensions of the duct
work influence the aerodynamic flow and heat transfer characteristics around the test specimens (164). It
has been reported that the combination of duct configuration, specimen design and gas flow characteristics
can alter the boundary layer at the specimen surface sufficiently to give variations in deposition rates.
For rig to rig comparisons, it is therefore important that deposition rates be documented. This is
normally done by measurements on a platinum reference specimen of similar shape and dimensions as the
specimens being tested.

The flow and heat transfer characteristics around a cylindrical specimen are well documented and can
be readily reproduced from one laboratory to another. Therefore, cylindrical teat specimens are normally
used for rig testing. Pins with length to diameter ratio close to 8:1 are recommended but other dimension
and complex shapes are also used (73). Typical examples of specimen chambers for cylindrical and aerofoil
shaped specimens are shown in Fig. 34(a) and 34(b) respectively (81). In general specimens can be
retracted and forced cooled outside test chambers to achieve thermal cycling. Also the specimen are
uaually rotated to keep all specimens at the same temperature and ensure uniform exposure to contaminants
from the gas atream.

10.4 The U Rig amd Programe:

The NAE rig designed by Dils and supplied by Bacon Inc. of South Windsor, Connecticut, USA, is based
on a dynamic combustor similar to that used in modern gas turbines (Fig. 35) (73). It is capable of
handling 200-400 scfm and 5-10 gal/h of a wide variety of fuels including aviation fuel (J-P4, J-P5 or Jet
A for instance), with or without contaminants, over a wide range of fuel to air ratios. The mixing and
flow in the combustor closely approximate those of many conventional combustor designs and the critical
features of the combustor chemistry are reproducible. Briefly, the fuel is introduced at the front end of
the combustor by a pressure atomizing fuel nozzle and the combustion is stabilized in the forward section
of the combuator by developing a strong swirl stabilized recirculation zone. The hot combustion gases
from the forward sections of the combustor are cooled by dilution or secondary air jets which are located
at the back of the facility. A wide variety of exhaust nozzles can be used to vary the cross-sectional
geometry of the gas jet. By Independently adjusting the primary and secondary air flow and the exit
nozzle geometry, the velocity and temperature variations of combustion gases can be altered to match the
combustion characteristics of a particular gas turbine. Also, by selecting the proper liners and changing
the mass flows of air and fuel, the gas velocities can be varied from Mach 0.2 to Mach 0.8 and the gas
temperature from 775 to 1875 1.

The NAR rig is shown is Fig. 36 along with the remotely controlled specimen stand to manipulate test
specimens in and out of the hot gas stream for thermal fatigue or cyclic oxidation studies. A sIlt
solution Injection system for cyclic hot corrosion work and a solid particulate injection system for
ero ion studies are also available at HA! which allow the conduct of combined erosion, hot corrosion and
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thermal fatigue studies. The NAE rig has been commissioned only recently to support research activities
on high temperature materials and coatings of particular interest to aero engine operational groups of the
Department of National Defence of Canada. On-going projects are concerned with the development of life
extension techniques and residual life prediction models for turbine blades and vanes. Support is also
being provided to an industrial partner for the development of new high performance coatings produced by
chemical vapour deposition. Both coupon and component level testing are involved in this work.

,'+
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Figure 35: A schematic diagram showing the Fivure 36. NAE Laboratory combustor rig
flame tube of the NAE combustor (Becon Inc. Model LCS 4B).
rig.

The NAE also intends to participate in a project of the Versailles Agreement on Advanced Materials
and Standards (VAMAS) concerned with hot salt corrosion testing. To date, the lack of a reliable
procedure for evaluating hot salt corrosion resistance of high temperature materials has been a major
obstacle in evaluating the prospects of new materials and coatings for high temperature applications. A
systematic attempt to correct this problem is being pursued by several VAMAS participants who have pro-
posed another round robin test programme to evaluate the reliability and reproducibility of burner rig
test data. Several laboratories from Canada, Japan, the United Kingdom and the United States have planned
to participate in this programme under which rig data obtained under nominally identical test conditions
will be compared and analyzed with a view to developing a standard test procedure for durability testing
in rigs. It is beyond the scope of the present paper ;to discuss the details of the proposed programme.
This is left to other contributors from the SpecialIsts meeting, several of whom have been involved in the
VAHAS programme definition from its inception.

11.0 CONCLUDING REMARKS:

This review has clearly shown that resistance to environmental attack and surface degradation of hot
gas path components in gas turbines is strongly influenced by service conditions. Depending on the
component and the operating environment, the surface degradation can be quite severe and can lead to loss
of structural integrity and premature failures of components in engines.,

Improving the resistance of gas path components to environmental attack is achieved by proper
selection of alloys and proper use of protective coatings. The choice of an alloy or coating for a given
application is a delicate task because of uncertainties associated with their long term stabilities and
actual service conditions. This choice is further complicated by the absence of reliable standard test
methods for evaluating materials in the laboratory. In addition, laboratory test results do not in
general correlate well with actual service conditions, often leading to damage morphologies that differ
substantially from those experienced in engines. Of all the laboratory test methods that might be
considered, rig testing under simulated service conditions is probably the most powerful technique
available. However, rig tsting conditions unless properly controlled can also lead to unreliable
results, as noted during the 1970 ASTM round-robin test programme.

Understanding the factors that control the hot section environment, along with reactions responsible
for corrosive species in combustion gases, and their interactions with components downstream of combustor
is an essential precursor to the development of realistic test methods for durability analysis of high
temperature materials. The factors are many and their interactions are complex. Many pertain to the
combustion process itself, and therefore, it is important that the operating environment of gas path
components is reproduced as closely as possible in the laboratory in terms of the dynamics of gas flow for
testing purposes.
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ABSTRACT

The feasibility of applying ion implantation to produce substantial improvement in the wear/fretting fatigue resistance
of titanium alloys used as gas turbine fan and compressor blade material has been studied. Detailed microscopy and mechanical
test results have been used to analyze the various mechanisms contributing to wear and fretting fatigue damage in titanium
alloys at room and elevated temperatures. The manner in which ion implantation might modify the normal wear/fretting fatigue
response of these alloys is discussed in detail, along with the factors to be considered in choosing optimum ion implantation
parameters.

1. INTRODUCTION
The beneficial effects of ion implantation in improving a wide variety of surface mechanical and chemical properties

of metals and alloys are well established (1,2). In a gas turbine engine where titanium alloys used in the rotating components
degrade due to wear, fatigue and fretting fatigue, improvement in the component lives may be achieved by ion implantation,
leading to a reduction in expensive component replacement costs as well as increasing flight safety.

Fretting is a type of surface degradation which results from oscillating slip between two surfaces in contact tinder a
normal load as shown in Figure 1. In situations where fretting occurs in the presence of cyclic stress or relative motion between
the two contacting surfaces, the surface degradation which occurs is termed fretting fatigue.

Every surface, no matter how polished, has a degree of micro-roughness associated with it. Th' so called "hills" which
comprise this micro-roughness are termed asperities. When two surfaces are placed together, they are only in contact at the
asperities. In the initial stages of fretting, when a normal load is applied to the two surfaces in contact and relative movement
is occurring as a result of a cyclic load, debris is generated due to the adhesion of the asperity tips on the two surfaces and

Centrifugal
Blade Load Blade

W Vibration *A

B
A

slip slip

slip slip -

Rim Slot
Displacement

Fig. I Fan blade dovetail displacements which cause fretting as
a result of(a) alternating centrifugal forces and (b) natural
blade vibration.

subsequently breaking off of these tips. Once generated, this debris may either re-adhere after only causing a small amount of
abrasive damage or it may oxidize and subsequently cause considerable abrasive damage, (Figure 2). In fretting, both situations
occur. As the number of fretting cycles increase, the amount of oxidized debris increases which causes severe abrasion of the
surface to begin.

In the intermediate stages of fretting, the severe abrasion caused by the debris results in the development of rough
trench like marks (known as scoring) and the formation of deep pits. Pits are formed in areas where debris has built up and
the debris abrasively digs into the material during the relative movement of the two surfaces. It is in these region of the pits
where cracks are most likely to initiate and then propagate to failure as a result of the cyclic loading. This premature fatigue
crack initiation has a significant effect on the life of rotating components, since for alloys such as titanium, the largest part of
the fatigue life is taken up in the crack initiation stage. This effect is illustrated schematically in the S/N curves in Figure 3.

In the present work, the fretting fatigue properties of titanium alloys at elevated temperatures are reviewed. Results
from in-service exposure of Ti-6Al-4V alloy fan and compressor blades from agas turbine engine with respect to their degradation
in the dovetail are analyzed and the modes established. Types of ions and the optimum conditions of their implantation into
Ti-6AI-4V, in order to improve the blade lives are presented. Transmission electron microscopy (TEM) results on ion implanted
Ti-6AI-4V are presented and discussed.
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Fig. 4 Fretting wear volume as a function of
fretting temperature for pure
titanium(Ref. 5).

2. FRETIING FATIGUE OF TITANIUM ALLOYS AT ELEVATED TEMPERATURES
Frettingwear is quite different from other modes of wear and occurs principally in oxidizing environments. The principal

characteristics of fretting are that it is caused by a combination of adhesion, abrasion and oxidation. In fretting fatigue, cracks
are initiated within the abraded pits on the fretted surface.

Oxidation complicates the fretting process by making it very sensitive to environmental factors such as temperature and
reactivity. In strongly oxidizing atmospheres, fretting wear or fretting fatigue is greatly accelerated and are therefore often
termed fretting corrosion. It is possible that oxidation could enhance material loss through the cyclic removal of an oxide film
that forms on the contact surface during the interval between fretting strokes.

The effect an oxide film has on fretting depends on the oxidation kinetics of the contacting materials and therefore also
on the temperature. For instance, transition from slow logarithmic oxidation to parabolic oxidation occurs at approximately
5500C for the case of titanium. As illustrated in Figure 4, this also corresponds to a sudden reduction in the fretting wear
rate(3). Inspection of titanium surfaces fretted above 650oC revealed a relatively damage free surface, whereas surfaces fretted
below 5000C revealed evidence of oxide film disruption accompanied by loose debris and pitting of the metal surface. For a

given metal and temperature, the oxide film will be beneficial in fretting wear only if a critical thickness is maintained, provided
the adhesion to the base metal is sufficient. It would appear that for the case of Ti, this critical oxide film thickness is only
attained during parabolic oxidation, ie. at temperatures > 5500 C.

On the other hand, at room temperature, most alloy systems, including titanium, are unable to maintain this critical
oxide thickness and one of two situations will prevail. In locations on the fretting surfaces where the contact is metal to metal,
strain hardening strengthens the surfaces preventing or slowing down the formation of wear particles. In addition, since the
sliding distance is so small in fretting, wear particles can become trapped and subsequently re-adhere to the bare metal resulting
in less net material loss. Alternatively, if wear particles become oxidized, or if oxide is disrupted from the fretting surfaces
forming debris, an abrasive mode of wear can prevail.

Broszeit et al( 4 ) found that the fretting fatigue strength of Ti-6A1-4V was dependent upon the testing environment.
Fretting fatigue tests at room temperature in dry air and nitrogen reported approximately the same results. For the fretting
damage and resultant fatigue strength reduction to be the same in both these atmospheres, this alloy must wear predominantly
by a mechanism of adhesion during fretting, even in an oxidizing atmosphere. Titanium does not form a thick adherent protective
oxide film during fretting at low temperatures (< 5000 C) and the debris and pits which form on surfaces of titanium fretted in
air at room temperature are indicative of adhesion( 3 ). It is likely that abrasion by oxidized debris and particle generation via
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delamination also occur but are outweighed by particle generation through the mechanism of adhesion. Results of Hamdy and
Waterhouse( 5) support this hypothesis where their studies indicate that adhesion is the dominant mode of fretting in Ti-6A-4V
for temperatures below 4000C. It is likely that in the more advanced stages of fretting, abrasion by oxide debris may become
more predominant. It should be noted that for temperatures > 400oC, the results shown in Figure 4 dearly indicate that oxidation
must play a large role in the mechanism of fretting of Ti. In addition to the deleterious effect on fretting fatigue of Ti alloys
which may be expected from oxidation, oxygen diffusion may also serve to reduce the fretting fatigue strength according to an
entirely different mechanism. It has been found that in the case of e+ titanium alloys, oxygen diffuses relatively deep into the
material along the &/p phase interfaces under the combined effect of temperature (>4000

C) and stress. This may cause cracking
of the interfaces leading to a reduction in the fatigue or fretting fatigue strength.

3. CHARACTERIZATION OF SURFACE DAMAGE IN PREMATURELY RETIRED FAN AND COMPRESSOR BLADES
3.1 EXPERIMENTAL MATERIALS AND METHODS

Retired first and second stage fan blades as well as third stage compressor blades from an advanced turbofan engine
were examined to determine the type of service damage experienced by the dovetail region. All the blades are manufacturedfrom Ti-6AI-4V alloy and coated with a thermally sprayed Cu-Ni-In coating on the pressure surfaces of the dovetail. In addition,
a solid film lubricant coating MoS2 is used on top of the Cu-Ni-In coating in order to protect it during assembly. Various
analytical techniques such as optical and scanning electron microscopy and energy dispersive X-ray analysis (EDAX) were used
to analyze the service damage.

Location of
Feature on
Pressure Face!

Fig. 5 First and second stage fan Fig. 6 Crack like defect present on fan blade
blades of an advanced aeroen- dovetail pressure surface.
gine, respectively.

3.2 IN SERVICE DAMAGE TO RETIRED STAGE I AND 2 FAN BLADE DOVETAIL PRESSURE FACES
Moderate to severe fretting wear were observed on the dovetail pressure surfaces of several first and second stage fan

blades (Figure 5). Small crack-like defects as shown in Figure 6, were found on the pressure faces extending into the parent
material. The fretting damage has been associated with service indu,.ed slip at the interface between the dovetail pressure
surface and the fan disc rim slot.

Typical dovetail pressure surface damage experienced by the first and second stage blades are shown in Figure 7a and
7b, respectively. It was observed that in both blades, wear scars were formed in a direction parallel to the longitudinal axis of
the blade. Based on an optical examination of a number of retired stage l and 2 blades, it was quite apparent that the dovetail
pressure surfaces of the second stage blades were subjected to a more severe fretting wear. The difference in the fretting
damage between the two blades is perhaps associated with an increased freedom to vibrate since the stage 2 blades do not have
the mid span dampers which the first stage blades have.

Fig. 7 Typical fretting on the dovetail pressure surface of(a) first
stage fan blade and (b) second stage fan blade.
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Fig. 8 Iypical delamination of MoS2 coating Fig. 9 Typical appearance of fretting wear damage
on fan blade, on Cu-Ni-In coating for a stage 2 fan blade.

The molybdenum disulfide (MoS2) solid lubricant coatingwas present only in limited quantities on the pressure surfaces
of the first and second stage blades. The exception to this was found only in a few low time stage 1 blades where up to
approximately one third of the pressure surface area still contained the MoS 2 coating. The failure mechanism for the MoS2
coating was found to be delamination at the MoS2 /Cu-Ni-In interface (Figure 8).

The fretting action on the Cu-Ni-In coating was found to result in a material removal process consisting of a crumbling
phenomenon which involved delamination to a lesser extent (Figure 9). In this coating, delamination typical of plasma sprayed
coatings was found to occur along the plasma sprayed layers rather than at the Cu-Ni-ln/Ti-6A-4V interface (Figure 10).
Therefore, it was concluded that the Cu-Ni-In coating had good adherence to the Ti-6A1-4V substrate. The surface crumbling
process is believed to occur as either failure at the discontinuities within the coating (as shown by arrows in Figure 10) or by
surface embrittlement due to oxidation. It should be pointed out that Cu-Ni-In is a soft coating and serves to inhibit fretting
of the Ti-6A1-4V by reducing the shear loads which are transmitted to the surface of the Ti-6AI-4V by the fretting motion.
Examination of several service exposed blade pressure surfaces by SEM indicated that very little of the Ti-6AI-4V substrate
was directly attacked by the fretting action.

Fig. 10 Discontinuities within the plasma
sprayed Cu-Ni-In coating on the first
stage fan blade dovetail.

3.3 IN SERVICE DAMAGE TO THIRD STAGE COMPRESSOR BLADE DOVETAIL PRESSURE SURFACES
In contrast to the fan blades, the service exposed third stage compressor blades showed severe signs of wear, fretting,

Cu-Ni-n coating delamination, oxidation and pitting on the dovetail pressure surfaces. The substrate Ti-6A-4V was attacked
and cracking was observed. The fretting damage observed on the pressure surface can be categorized as follows:
Mode I: This type of damage is associated with the formation of wear or score marks and pits on the dovetail pressure face,
an illustration of which is presented in Figure 11.
Mode 2: This type of damage is associated with the deformation of the pressure face base which can result in the formation of
cracks. This deformation is associated with unusually high loading conditions imposed upon the blade during service which
results in the extrusion of the Cu-Ni-In oating, Figure 12. The effectiveness of this coating can drastically he reduced due to
this reduction in thickness and further contribute towards the initiation of a number of fine cracks, Figure 13. The deformation
of the coating by extrusion has been commonly observed at the corner regions of the pressure face. This extruded coating tends
to oxidize readily at the dovetail temperature, Figure 14. The coating is degraded even further when the debris chips generated
from the oxidized coating is trapped between the dovetail and disc surface.
Mode 3: This type of damage is associated with the formation of localized pits and the premature initiation of cracks in the
coating as well as in the substrate which is the most severe of all the damage that has been observed on the pressure face, Figure
15. All cracks found on the dovetail region of the blade which were present in both the coating and base material initiated on
the pressure surface as shown in Figure 16. It was found that all these cracks had initiated in an area of the pressure surface
where the coating had either been totally removed or significantly decreased in thickness. The cracks subsequently grew at an
angle of approximately 450 to the pressure face. There was also evidence that the crack grew under a combination of HCF/LCF
loading conditions due to the presence of striations on the fracture surfaces examined.
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Fig. 11 Mode 1 damage showing scoring of
dovetail pressure surface.
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_____________________ Fig. 12 Mode 2 damage showing extrusion
of Cu-Na-In coating.

Fig. 13 Micrograph showing cracks present in
the Cu-Ni-In coating.
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Fig. 14 Back scattered electron imag (above)
and schematic of a third stage
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a

t__a_________ crack.

cme marks Fig. 15 Mode 3 damage showing cracks in the
Cu-Ni-In coating which extend into the
Ti-6A1-4V substrate.

Fig. 16 Scanning electron micrograph
showing (a) crack initiation site and
(b) striations present on the frac-

(.1 ture surface.

3.4 EFFECr OF TEMPERATURE ON THE MODE OF FRETTING DAMAGE
Where fretting fatigue of Ti alloy gas turbine engine components is concerned, the effect of temperature on the fretting

process can be quite significant. It is likely that the mechanism of fretting in fan blades which operate at ambient temperatures
would be quite different than compressor blades which operate at temperatures ranging from 400-6000C. In fact, the lower
temperature fan blade has been observed to fret by a mechanism of adhesion and abrasion by oxide debris. As the operating
temperature increases, the abrasion by oxide debris becomes the more predominant and severe mechanism as observed in the
compressor blades. According to the results of Bill(4 ) (Figure 4), the most severe fretting may be expected at 500-5500C for
the alloy Ti-6AI-4V, right at the point where the oxidation kinetics change from logarithmic to parabolic. These results also
suggest that compressor blades are more susceptible to fretting than fan blades as has been observed in the present investigation.

4. ION IMPLANTATION OF Tl-6AI.4V FAN AND COMPRESSOR BLADES
Ion implantation is a viable technique for improving the properties of Ti-6A1-4V fan and compressor blades as it has

been found to be successful for improving the wear f tigue, oxidation and fretting properties of Ti-6A1-4V in past studies, a
detailed review of which has been published re4cen6). As fan and compressor blades likely fret by different mechanisms,
the same implantation parameters (ion species, dose and energy) may not be optimum for both. Therefore, it is necessary to
evaluate the optimum implantation conditions for the fan and compressor blades independently based on what is known of the
mechanism of fretting.

The factors to consider when developing the optimum ion implantation conditions for improving the fretting fatigue
properties of Ti-AI-4V are:

(i) Previous results of the effect of ion implantation on the wear properties of Ti-6A1-4V. These results are useful
as the mechanisms of wear and fretting (adhesion, abrasion, oxidation and delamination) are essentially the same.

(ii) Previous results of the effect of ion implantation on the high cycle fatigue strength of Ti-6AI-4V. These results
are useful as the main component of fatigue of the fan and compressor blades is high cycle fatigue (HCF).

(iii) Previous results of the effect of ion implantation on the oxidation resistance of Ti-6AI-4V. These results may be
particularly useful where compressor blades are concerned.

It should be noted that only limited work has been done on the effect of ion implantation on the fretting fatigue properties of
Ti-6A1-4V.

4.1 THE EFFECT OF ION IMPLANTATION ON THE WEAR PROPERTIES OF l-6A1.4V
Several previous investigations have been carried out on the effect of ion implantation on the wear properties of

Ti-6AI-4V. The main thrust of this work has been focused on either nitrogen or carbon ion implantation. It is clear that for
each particular ion species a certain microstructure must be developed in the implanted layer for wear improvement to occur.
(i) Nitrogen Ion Implantation

Fligure 17 summarizes the results of previous investigations into the effect of N + implantation on the wear properties
of Ti-6A1-4V as afunction of peak ion concentration in the implanted layer and the occurrence of nitride precipitates in the
implantedl I'yer(7I1) The peak ion concentrations (atoms/ct 3 ) given in this figure were obtained using a TRIM computer
program(18) to generate implant profiles using the particular dose and energy conditions specified in each investigation as
input data. Investigations numbered I through 4 resulted in no wear Improvement. Only three of these investigations analyzed
the implanted material to determine if second phase precipitates were present in the implanted layer. In each of these three
cases, including the investigation where the implantation was carried out at 3000C or 4OOC, no TiN was detected. The
investigations numbered 5 through 11 all resulted in wear improvement and in all cases where implanted layer characterization
was carried out, TiN precipitates were found. Note that in investigation number 8 the implantation was done at either 500oC
or 600oC
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With the exception of investigations 5,6 and 8, all of the investigations which resulted in wear improvement had a peak
ion concentration much larger than the concentrations in the investigations which resulted in no wear improvement More
specifically, it would appear that a peak implanted ion concentration of at least 48xi0

2 1 
N/cm

3 
is required in order to achieve

improved wear properties, as indicated by the dashed line in Figure 17. Since the presence of TiN precipitates in the implanted
layer appears to be required for wear improvement and wear improvement has been shown to occur only for peak ion con-
centrations greater than 48x102l N/cm

3
, then a peak N

+ 
ion concentration of at least 48xl0

2
1 N/cm

3 
is required to obtain

the required volume fraction of TiN precipitates in the implanted layer.
Yet, a question arises with regards to the presence of nitride precipitates found in investigation 8 where the peak N +

concentration was less than 4&1021 N/cm3 
but led to wear improvement as outlined in investigations 5,6 and 8. With regard

to investigation number 8, the presence of TiN at a peak concentration of 35x10
2 1 

N/cm
3 

may be explained by the fact that
the implantation was done at either 5000 or 600

0
C. It has been found that a temperature of at least 5000 C is required to cause

a measurable change in TiN particle size and volume fraction in N + implanted Ti-6AI-4V(
2

). Therefore it may be expected
that for a high temperature implant such as this, TiN precipitates may form for peak ion concentrations less than 48x10

2 1 
N/cm

3

and accordingly, improved wear properties would result. With regard to investigations 5 and 6, according to the results presented
so far, TiN precipitates would not be expected to be present in the implanted layers under the conditions used in these analyses.
The improvement which resulted in these cases however was improved =uo1ve wear properties rather than improved war
properties. Because these two situations differ so dramatically with regard to the mechanism of surface degradation, they really
cannot be compared.

In order to further substantiate the fact that a peak N + ion concentration of at least 48x10
2 1 

N/cm3 
would be required

for TiN precipitation to occur, investigations 12 through 14 have been included in Figure 17. These investigations involved
only microstructural characterization of N+ implanted titanium, no wear tests were carried out. In each investigation the peak
N + ion concentration was at least 48x1021 N/cm

3 
and presence of TiN precipitates in the implanted layer was confirmed.

Interestingly, in investigation 14 where a peak concentration of 107x10 2 1 
N/cm 

3 
was used, the implanted layer was found to

be fully transformed to TiN.
(ii) Carbon Ion Implantation

Unfortunately, less work has been done on the effect of carbon implantation on the wear proierties of Ti-6A-4V than
for nitrogen. However, the results which are available in the literature are summarized in Table 1( 13,19,20). In each of the
four investigations reported in Table 1, C+ 

implantation resulted in improved wear properties of Ti-6AI-4V. The work done
by Vardiman (1982)(20) however provides the largest amount of information available for determining the optimum implant
conditions for improving wear of Ti-6AI-4V by C

+ 
implantation.

Vardiman( 20
) found the largest improvement inwear properties to occur after implanting carbon ions to a concentration

of 15.7x10
2 1 

C/cm
3 

followed by a second anneal at 4000C After annealing at 5000 C a much smaller improvement resulted.
The reduction of the improvement which occurred in going form the 4000C anneal to the 5000 C anneal was attributed to an
overgrowth of TiC precipitate size which suggests that an optimum TiC size exists for maximizing wear property improvement.
Microstructural characterization of the 4000C annealed material revealed the carbide particle size to be roughly 60 nm with a
few particles 10-20 nm in size. It is not clear what peak C + 

concentration is required to obtain the optimum carbide size without
following the implantation by a post implant anneal. It may be noted that Vardiman(19) has also done a study into the effect
ofC+ implantation on the fretting fatigue properties of Ti-6A1-4V and found an improvement for a concentration of 15.7x1021
C/cm

3 
with no post implant anneal.

KUIlVESU TIONt ,IlCOSTOXINUE[

107 o1A
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Table 1: Results of carbon implantation studies of mw o

Ti-6A1-4V. &

Paper Peak Conc. Wear Improvement
x1021 ions/cm

2  
- w,_ _,

Vardiman 15.7 (anneal at 300, Largest improvement
(1982) 400 and 5000 C) after 4000

C anneal TiC
observed in each case I

Vardiman 15.7 Improved fretting aM

(1982) fatigue life

Sioshansi 26.7 Wear against . a •
(1985) I UHMWPE improved

Oliver 45 Slight improvement I 1 * I I I & I 4 
m

(1984) ________ __________I MO N L ii 1
.~~~4 Wart t mrlt ml &WN Ur',t i

: IM '1 . 1)16 14.i V

Fig. 17 Summary of the investigations which
have been carried out on nitrogen
implanted Ti-6A-4V.
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4.2 EFFECT OF ION IMPLANTATION ON THE HIGH CYCLE FATIGUE STRENGTH OF TI6A1-4V
Ion implantation results in a surface layer with restricted dislocation movement which in turn means an increased surface

hardness. This situation can serve to delay fatigue crack initiation. Damage induced dislocation loops can increase fatigue life
by reducing the slip distance, and, provided the strength of these barriers is sufficient, by enhancing the amount of reversible
slip. In addition to this, because the stress levels in HCF are usually much lower thanyield stress, the surface residual compressive
stresses-created in an implanted layer may provide one mechanism by which ion implantation can increase the fatigue life. The
damage induced by the ion beam is sufficient to develop dislocation tangles and residual stresses which contribute to the surface
hardening. In this respect, the size of the implanted ion can be quite important where ions larger than the matrix create a
compressive stress and ions smaller than the matrix create a tensile stress. Compressive residual stresses can increase the fatigue
life as they reduce the damaging tensile component of the cyclic stress.

Because surface hardening should theoretically increase the fatigue life, nitrogen and carbon ions which are effective
in improving wear according to this mechanism should also be effective in increasing the fatigue crack initiation life.

Presently, the only extensive investigation into the effect of ion implantation on the HCF life of Ti-6Al-4V has been
done by Vardiman and Kant(1

9
). In that work, nitrogen was implanted into samples to a dose of 2x017 atoms cm-2 

at an
energy of 75keV per atom to give a peak concentration of 18x10

2 1 
atoms cm-3 . Some of the samples received a 5000C

post-implant anneal for 4h. Carbon was implanted into samples at the same energy and dose giving a peak concentration of
15.7xl0d atoms cm-

3
. The effect of heat treatment on carbon implanted samples was investigated by carrying out a 4000C

post-implant anneal for lh and the effect of dose was tested by implanting samples with carbon doses, greater than and less
than 2xWlO atoms cm

-2
. The results of rotating beam fatigue tests rotated at 1600 rev min- are illustrated in Figures 18 and

19. The unimplanted endurance limit of 73 ksi (500MPa) is increased approximately 10% by N + 
implantation and 20% by

C+ . For high stress amplitudes (> 100 ksi; 69OMPa) the effect of nitrogen implantation disappeared while carbon implantation
increased the life by a factor of 4 to 5. Results of the heat treated samples are not shown as they resulted in no significant
additional improvement for either nitrogen or carbon implantation. According to Figure 19, a dose of only lzl017 C + cm "2
(7.9x10

2
1 C+ cm' 3 

peak concentration) is required to obtain full fatigue life improvement at 98 ksi (676 MPa) with higher
doses providing no increased benefit.

Transmission electron microscope analysis published to date revealed the presence of second phase precipitates in both
the C + 

and N + 
implanted Ti-6AI-4V. The nitride precipitates found were TiN, 10-20 nm in size, incoherent with the ar-Ti

matrix. After the post-implant anneal, a small size increase of TiN precipitates occurred to a maximum of about 30 nm. Much
larger increases in precipitate size occurred after annealing the carbon implanted samples. With regard to the C 

+ 
implantation,

the main implication of these results is that the sixe of the precipitates is not as significant a factor for increasing fatigue life as
for improving wear. This conclusion is based on the fact that after the 400

0
C anneal, during which precipitate growth occurred,

no further HCF life increase was observed. Because for both the C + 
and N + implanted samples, heat treatment would cause

the number of precipitates to increase, and yet no further increase in the fatigue life was observed, it would appear that second
phase precipitation is not the dominant mechanism responsible for the observed increased fatigue life.

The presence of a compressive residual stress in the ion implanted layer, which results from expansion of the lattice
during implantation, may also explain some of the improvement in fatigue life observed after nitrogen or carbon implantation
of Ti-6A1-4V.

PEAK CONCENTRATION, era'
7.9 15.8 19.8

110
w

100 Uj,"' 1

90 unimplanted

80 2 x 10 N * ,-0 2 2x 10" C ,;'

70 ,stress amplitude 96 ki
10 10

CYCLES TO FAILURE lo,
1 2 3

Fig. 18 Cycles to failure vs. maximum rARRtsN nOSE. c."

stress for C
+ 

and N
4 implanted

Ti-6A-4V(Ref. 19): 1 ksi= 6.9 Fig. 19 Cycles to failure vs. C + 
dose for

MPa. Ti-6AI-4V, 98 ksi maximum
stress(Ref. 19): 98 ksi = 676 MPa.

Because the presence of a large density of second phase precipitates is not a necessity for increasing the fatigue life,
then solid solution hardening must be the dominant mechanism responsible for the increase in the fatigue life of Ti-6A-4V
with the presence of a compressive residual stress resulting in an uncertain amount of the improvement. This would also explain
the difference in the effects of C+ and N +. Carbon may segregate to dislocations more readily than nitrogen owing to its lower
solubility and greater mobility in n-Ti, and thus it may be more efficient in the pinning of dislocations.

Although the effect of ion implantation on fatigue life is not as dramatic as on wear, it can provide a measurable
improvement. The optimum implant conditions include a smaller dose than is required for wear as the dominant mechanism
causing the improvement in solid solution strengthening rather than precipitation hardening as would appear to be the case for
wear. In addition to this, no post-implant heat treatment is rcquired for either carbon or nitrogen implantation as precipitate
number and size would appear to be insignificant.
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4.3 EFFECT OF ION IMPLANTATION ON THE OXIDATION PROPERTIES OF TI-6A1-4V
Oxidation of Ti-6A1.4V is inhibited by barium ions which diffuse towards the dislocations and block the inward diffusion

of oxygen. This can be beneficial in situations where oxide is prone to flaking and delamination, i.e. fretting wear. Ba +

implantation can also lead to hardening whereby after diffusing to dislocations the ions can react with oxygen to form BaTiO
precipitates which can pin the dislocation movement(

2
).

4.4 EFFEC OF ION IMPLANTATION ON THE FRETTING FATIGUE PROPERTIES OF TIl4A=4V
2 Qne study by Vardiman and Kant(

19
) involved fretting fatigue testing of C + 

implanted Ti-6A14V (at 75keV to a dose
of 2xl0'C + cm'2 ). The results, illustrated in Figure 20, indicate that a significant increase in the fretting fatigue strength can
be gained via C + 

ion implantation. Because no difference was seen between the fretting and fracture surfaces of the implanted
and unimplanted material it would appear that the improvement may be ascribed to a slowing of debris formation and damage
on the hardened layer, i.e. improved fretting wear resistance. The mechanism of fretting is apparently not affected by the
implantation.

In an investigation by Dearnaley(
2
), it was found that Ba 4 ions implanted into Ti-6A1-4V improved fretting fatigue by

50%. As mentioned above, barium inhibits oxidation of Ti-6A1-4V. If an increase in the room temperature fretting fatigue
strength of Ti-6A4V was achieved by Ba + 

implantation then the hypothesis that the low temperature (<400oC) fretting of
titanium in air occurs predominantly by adhesion, would appear to be incorrect. It is possible that the effect barium ion
implantation has on the oxidation of Ti may be very useful in reducing fretting at temperatures between 500 and 600C. Note
that the improvement in the fretting fatigue of Ba I implanted Ti-6AI-4V as described above may also have resulted from a
hardening effect caused by the presence of BaTiO precipitates.

Table 2: Selection of optimum ion implantation condi-
In tions for minimizing fretting fatigue in Ti-

6AI-4V at temperatures <400
0

C

- "S'UIon Approximat Peak Comments
i Species dose, 1017 concentration,

atoms cm "2 " 
1021 atomsI['eDo o o cm'3

N
+  >5 >48 Must suffice for a

0 o s large density of
second phase pre-
cipitates

>3 >16 Optimize number
C+t and size of precipi-

tates (low tempera-
ture heat

Fig. 20 Cycles to failure vs. maximum fatigue treatment)
stress for carbon implanted and unim-
planted Ti-6AM-4V; normal stress 3 Ba

+  
...... Optimum dose not

ksi(Ref. 20): 3 ksi= 21 MP. established

* Depends on the energy

4. OPTIMUM IMPLANT SPECIES AND CONDITIONS FOR REDUCING FRETTING FATIGUE OF 14AI.4V FAN AND
COMPRESlORI BADE1S

In light of the difference in operating temperature between fan and compressor blades and the resultant difference in
the mechnism of fretting to be expected, the development of the optimum implant conditions for the two cases must be treatedseprately.
(i) Low Temperature Fretting Fatigue (< 40C)

Fan blades and stage I or stage2comqresor blades would be expected to fret in this temperature regimne. It has already
been established that fretting of TI at tempratumres <4000C likely occurs predominantly by a mechanism of adhesion. In
addition to this, the main fatigue component wher fretting fatigue of fan and compressor blades is concerned, is that of high
cycle tie. Therefore. in determining the optimum ion implantation conditions for improving the fretting fadgue resistance
of Tl-A14V fan and compressor blades in this temperature regime, the results on the effect of ion implantation on the wear,

h cycle fatpie, and fretting resistance of l4M-4V may be consulted. Note that although unidirectional and fretting wear
din mayresecs It is dear tha the fundamental mode of wear including adhesion, abrasion, and delamination are

Echer=sdeeofb-ots. Iti therefore pomible that those ion se" wbich improve unidirectional wear will also improve fretting

Ion~ lq atr hMJ remulted in a moe dramatie improvement in the wear resistance of Tf-6A1.4V than that in the
high cycle fatigue .engtMO) It would seem logical, therefore, that in order to maximize the increae in the fretting fatigue
strength of the alley by ion implantation, implant conditions for maximixing the wear resistano must be selected. Significantly,
most of the ions which result in improved high cycle fatigue strength of Ti.6A4V have also been shown to result in improved
wear resistance.

Based on this reasoning, certain implant conditions which might hold the highest potential for improving fretting fatigue
ofTi-6AI-4V have been summarized in Table 2. N + and C + 

implantationare the obvious selections s they hove both resulted
in improved wear and fatigue of M-,6A14V. If an increase in wear resistance is to provide the best remts second phase
precipitation is a necessity meaning that a high dose is required. This is especially true for the case of N

+
unless a post-implant
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heat treatment is considered. Results by Dearnaley for Ba+ implantation( 2) are also encouraging and are worth considering
for further work. Ba+ implantation would be especially interesting as the results would likely clarify some of the uncertainties
regarding the role of oxide in fretting in this temperature regime.
(ii) High Temperature Fretting Fatigue (>400 0C)

Unfortunately, there has been no published work on the effect of ion implantation on the wear, high cycle fatigue and
fretting fatigue of Ti-6AI-4V in this temperature regime. However, it is likely that those optimum implant conditions (N + and
C implantation) selected for the low temperature regime (< 4000C) would also result in improved fretting fatigue properties
of Ti-6AI-4V in the high temperature regime (>4000 C). However, of particular interest for fretting fatigue at temperatures
>400oC is Ba + ion implantation.

Barium ion implantation has been found to inhibit oxidation of Ti-6AI-4V by blocking the inward diffusion of oxygen( 2 ).
This phenomena may be particularly useful for increasing the fretting fatigue resistance of Ti-6A-4V at temperatures >4000C
in accordance with the following three mechanisms:
a) By slowing down the oxidation kinetics of Ti-6AI-4V so that fretting occurs predominantly by adhesion rather than

oxidation i.e. see Figure 4.
b) By blocking the inward diffusion of oxygen premature fatigue crack initiation along a/0 phase boundaries may be pre-

vented.
c) By providing additional hardness due to the formation of BaTiO precipitates.

5. TRANSMISSION ELECTRON MICROSCOPY OF ION IMPLANTED TI-6I-4V
5.1 IMPLANTATION CONDITIONS

Five implantation conditions were selected for the fretting fatigue study as summarized in Table 3. For the nitrogen
or carbon implantation both a single energy implantation and a triple energy implantation were considered. The triple energy
implants result in flatter concentration profiles compared with the approximately gaussian profiles which would be obtained
from the single energy implants. It is uncertain what effect the flatter profiles may have on the fretting fatigue properties of
Ti-6A1-4V compared with the gaussian profiles. In addition to nitrogen or carbon implantation, a dual species implant (N +
plus C + ) was considered. Prior to carrying out fretting fatigue tests on Ti-6A-4V implanted with each of these conditions, a
TEM investigation was conducted so that a microstructural characterization of each of these implanted layers could be made.

Table 3: Ion implantation conditions selected for the fretting fatigue study

Ion Condition
Species _

N + - Dose and energy selected to give a peak concentration greater than
48x102 1 

N/cm 3 .
- Will consider both a single energy implant and a triple energy implant.

C +  
- Dose and energy selected to give a peak concentration large enough to
obtain a larger density of carbide precipitates. (Peak concentration selected
is greater than IS.7x102 1 

N/cm3
)

- Will consider both a single energy implant and a tripe energy implant

C + and - Dual implant
IN

+  
I

Fig. 22 TEM micrograph of N + 
implanted Tf-lAl4V.

Fig. 21 Elecom dlfacdon ptm d (a)
C+ luqlantod <011> abic pat-
tenud(b)N+ implanted <001>
ublk protein
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5.2 TEM SAMPLE PREPARATION
Disks of Ti-6A-4V alloy, 3 mm in diameter, were mechanically polished to a 1 um finish prior to ion implantation.

After implanting the disks on one side, they were thinned by standard jet polishing technique. In order to preserve the ion
implanted layer for electron microscopy, the foils were back thinned to perforation by masking the ion implanted surface with
a thin glass plate. The polishing solution used was 94% acetic acid plus 6% perchloric acid by volume. Nitrogen and carbon
implanted foils were analyzed together with foils which received a dual implant of both carbon and nitrogen ions.

5.3 TEM RESULTS
With the exception of the foils which received the dual N + plus C + implant, both cubic Ti(C,N) and hexagonal close

packed (s-Ti) diffraction patterns were observed. Examples are given in Figures 21 a and b for the case of a single energy
carbon and nitrogen implant respectively. Only cubic diffraction patterns were obtained from the foils which received the dual
C+ plus N+ implantation. Note that these foils received the highest dose of all the samples examined. Many of the cubic
crystal patterns were sharp (Figure 21a), while other patterns showed clear evidence of twinning (Figure 21b). On examination
by imaging techniques some grains appeared twinned while others were free of twins. Figure 22 illustrates a micrograph of a
grain in a N + (single energy) implanted foil where indications of twinning is clearly evident. Note that similar results were
obtained for the single and triple energy carbon and nitrogen implanted foils.

These results suggest, but do not prove, that if twinning is associated with relief of the transformation strains for Ti to
Ti(CN) the accommodation of the strains is dependent on the original crystallographic orientation of the grains at the surface.
The exact nature of the strains would depend on the crystallographic orientation between the TiN(C) and Ti which has not
been established yet for these ion implanted samples.

6. SUMMARY AND CONCLUSIONS
1. Ion implantation has been identified as being a viable technique for improving the fretting fatigue damage which occurs

on the dovetail surface of Ti-6A1-4V aircraft gas turbine fan and compressor blades.
2. The results of studies on the effects of ion implantation on the wear properties of Ti-61-4V may be used as a starting point

for establishing the implantation conditions which hold the optimum potential for improving the fretting fatigue properties
of the alloy.

3. It appears that second phase precipitates must be present in the implanted layer for both nitrogen or carbon implantation
of Ti-6A1-4V if wear improvement is to occur.

4. The effect a particular set of ion implantation conditions has on the fretting fatigue properties of fan and compressor
blades may differ as a result of the difference in operating temperatures. The severity of damage and likely the mechanism
of fretting is generally much worse in compressor blades as compared to fan blades,
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INTRODUCTION

The use of more corrosive low-grade fuels in combination with Increasing com-
bustion gas temperatures are major challenges in the present and future operation
of heat engines. Improved thermal efficiency under practical operating conditions
can only be accomplished by Improved materials and/or coatings. This develop-
ment motivated us, in 1982, to procure a high-velocity burner rig for our institute
to simulate the operation of gas turbines under service conditions. As an aircraft
R&D establishment, we have been mainly interested In corrosion and oxidation of
aircraft gas turbines. Working in this new field of research yielded a review on hot
corrosion in aircraft engines [1].

For an overview of our work, to date, in the field of hot corrosion and high tem-
perature oxidation some topics are selected. We started burner rig tests with
investigations on the hot corrosion resistance of protective coating systems to
evaluate coating alloyb ;or use In highly contaminated combustion gases. Ther-
mocyclic oxidation tests of coated aircraft turbine blade materials in hot gases of
JP4 up to temperatures of 1100 *C, followed later.

Since 'hot corrosion" is induced by molten salts or low-melting oxides deposited
from the hot gas on the material surface we saw the necessity for fundamental
investigations of molten salt corrosion. Therefore a device was developed for
electrochemical experiments in molten salts. Another motivation for developing
molten salt experimentation was to have an alternative test procedure to the
high-cost burner rig tests.

HOT GAS TESTS

High-Velocity Burner Rig at DLR

The burner rig at DLR (Figure 1) permits materials testing at high gas temper-
atures and velocities. Hence, Ignoring the pressure conditions of the gas stream,
processes in gas turbines, particularly in aircraft gas turbines, can be simulated
sufficiently.

The equipment (LCS-3BR Laboratory Combustor System) was supplied from
Becon Inc., South Windsor, Connecticut 06074, USA. The system can be applied
to oxidation or corrosion under isothermal as well as cyclic conditions. Additional
components are necessary to perform hot particulate erosion experiments.

Diesel and aircraft fuel can be used with the standard nozzle system. Heavy dis-
tillates of oil or gaseous fuel would require special fuel nozzle systems. For testing
of hot corrosion, salt solution can be Injected Into the combustion chamber. To
accelerate corrosive attack contaminations such as S, V, Na, and Cl can be also
added to the fuel as soluble compounds.

Cylindrical bars (length: 120-140 mm, diameter: 7-12 mm) are usually used as test
specimens. Eight specimens are uniformly spaced In the holder around a 1.8 inch
(45.72 mm) diameter circle centered on the axis of rotation (180 up to 1800 rpm)
and are exposed to the hot gas stream. Normally one space on the holder has to
be reserved for a dummy specimen to measure the test temperature by Ni/NICr
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Pyrometer

Figure 1. Schematic view of burner rig at DLR.

thermocouples embedded in its metallic interior. The thermoelectric voltages are
conducted by a sliding ring system. In addition, specimen temperatures can be
detected with an optical pyrometer.

The gas temperature can be varied between 550 'C and 1650 *C, and the gas
velocity will reach values between Mach 0.3 and 0.B. For thermocyclic tests the
specimens are held at constant temperature during a heating period and are
cooled in a Mach 0.1 air stream to ambient temperature (Figure 2).

Hot Corrosion Studies of EB-PVD and Plasma Sprayed Coatings in Combustion
Gases of Low-Grade Fuel

This work resulted from a German/Norwegian cooperative study [2], [3], [4].
Waspaloy, a typical material for heat engines, were selected as substrate due to
Its high strength at high temperatures (1000 h creep rupture strength at 900 OC:
80 MPa). The low oxidation and hot corrosion resistance of tnis material necessi-
tates a surface protection. So far, overlay coatings have proved most effective
against severe hot corrosion attack. Therefore various coatings produced by elec-
tron beam physical vapour deposition (EB-PVD), air plasma spraying (APS), and
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low pressure plasma spraying (LPPS) were evaluated and utilized in this pro-
gramme (Table 1 and Table 2). As is shown in Table 2, the intended coating
thickness of approx. 300 pm was only partially achieved.

1200
ec

1000 TT3

Soo TI

Dummy

600 ~ peamewi
800 TIT2- _ __

, i

C-

200 _ ____n___.__

0

0 0. 1 IS 2 Z 3.mi 4

Time

Figure 2. Cooling and reheating curves for the specimens during a thermocyclic test
(57 min. at temperature, 3-min. cool to ambient temperature).

Substrate Waspaloy

Coati NICoCrAIY NiCrAIY FeCrAIY

Technique PVD' IAPS' LPPS' I ' I APS' ILPPS'  APS'

'DLR, KOIn (F.R.G.) 2DLR, Stuttgart (F.R.G.)
SI, Oslo (N)

Table 1. Coating/substrate combinations.

Isothermal and cyclic hot gas tests were carried out in a combustion gas of diesel
fuel at gas velocities of Mach 0.3-0.4. The fuel was contaminated with 3 % sulp-
hur, 200 ppm vanadium, and 100 ppm sodium. A temperature cycle consisted of
a period of 57 min. at constant temperature and subsequent cooling In a Mach 0.1
air stream for 3 min. to reach ambient temperature (see Figure 2). Specimens
were tested at peak temperatures of 650, 700, 800, and 950 0C. The tests were

• .. .. ... . ... . . ... . . . . .. . .. ..... ~ ~~ ~~.... . ... .... ... . . . .. . . .. . . . . . . . . . . . . . ..
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scheduled for 250 h but had to be reduced to 80 or 50 h due to unexpected severe
corrosion attack on the burner.

Alloy NI Cr Co Al Y Others d
In prm

Waspaloy bal. 20.0 13.5 1.4 - 3Ti,4.3Mo -
NiCoCrAIY(PVD) bal. 20.0 24.0 12.5 0.4 175
NiCoCrAIY(APS) bal. 16.0 20.0 10.0 0.6 9 MO 500
NiCoCrAIY(LPPS) bal. 21.0 22.0 13.0 0.3 nd. 130
NiCrAIY(PVD) bal. 15.9 - 8.3 0.5 350
NiCrAIY(APS) bal. 19.0 6.0 0.2 12 MO 500
NiCrAIY(LPPS) bal. 21.7 9.8 0.8 n.d. 400
FeCrAIY(APS) 0.1 21.0 2.0 0.1 bal.Fe 500

nd.: not determined MO: metal oxides

Table 2. Composition (wt. %) of Waspaloy and the coatings; d indicates the averaged
thickness of coatings.

Na2SO4,

< 600 'C P-sodium vanadium bronze (Na V6015)

6500[ and 700°C:Na 2SQ,
"-sodium vanadium bronze

Hot gas 8000C:P-sodium vanadium bronze/
stream .x-sodium vanadium bronze

950*C:K-sodium vanadium bronze (Na5V, 032)

<600o Na2 SOI,
{!V< {P-sodium vanadium bronze

Corrosive deposits

Figure 3. Composition of corrosive deposits on specimens which were exposed com-
bustion gas of diesel fuel contaminated with sulfur, vanadium and sodium
(schematic).

Heavy deposits were formed on the areas of the specimens which were only mar-
ginally exposed to the gas stream thereby reaching temperatures lower than
approx. 600 OC (Figure 3). These areas shift outwards to cooler regions of the
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specimens when the test temperature was increased. The heavy deposits con-
sisted mainly of sodium sulphate (Na2SO,) and fl-sodium vanadium bronze
(NaV 60, ) [2].

Deposits condensed on the hot zone of the specimens, where the temperature
exceeded approximately 600 *C, were mostly molten. Fast velocities of the gas
stream allowed formation of only thin deposits (: 500 pm). The deposits formed
at 650 and 700 C consisted of sodium sulphate and #l-sodium vanadium bronze.
Mixed #1- and K-sodium vanadium bronze were formed at 800 OC while deposits
formed at 950 0C only contained K-sodium vanadium bronze (Na5 V,20 32) [2]. The
deposited molten layers initiate the successive hot corrosion process of the
metallic materials.

2.0

1 .8

V:Wespog E Isoth., 256 h, ______

1.6- I:NICoCrALT (PVD) - ________250_

2:NICoCrALY (APS) Isoth., 80 h
1.4 3:NICoCrALY (LPPS) CycLic, 80 h

4:NiCrALY (PVD) El Isoth., 50 h
5:NICrALY (APS) CcLc, 50 h1 .2 G:NiCrALT (LPPS) ,

, 7:FeCrALY <APS) *Max. penetration
U
1 .0

C.4

.8 ____ -_

.2

1 2 3 5 6 7 3 1 6 1 1 2 3 4 5 7 1 1 2 3 1 5 6 7

650 "C 700 "C 800 *C 95e "C

Figure 4. Corrosion attack data for Waspaloy and coating alloys exposed to high
velocity gas stream at 650, 700. 800, and 950 0C.

The corrosion attack of coated and uncoated Waspaloy measured as surface loss
from central sections of the test bars Is summerized In Figure 4. The corrosive
degradation generally Increased with temperature at equal exposure time. Espe-
cially at the higher test temperatures, many coatings were corroded completely
or at least In patches, thus corrosion could spread to the substrate. The extent of
consumption depended on the type of coating as well as the original coating
thickness (see Table 2). In contrast to the corrosion of the coating alloys, essen-
tially Induced by vanadates, Waspaloy was additionally susceptible to internal
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sulphidation and oxidation (Figure 5). The maximum penetration of this kind of
internal corrosion is specially marked in Figure 4.

internal
oxidation

internal outer scale of corrosion
sulphidation products and deposits

24

950p

Figure 5. Cross section (backscaftered electron imaging) of the corrosion products
formed on Waspaloy at 950 °C (cyclic) after 80 h.

In general, unprotected Waspaloy has the highest corrosion rate. All APS- and
LPPS-coatings tested at temperatures up to 800 0C reduce the corrosion rate
during the tests, which last 50 h. When the original thickness of PVD-coatings was
sufficient (approx. 300 pm), then these coatings were even superior to the plasma
sprayed coatings as is shown by those NlrAIY(PVD)-coated specimens isother-
mally and cyclically tested at 650 *C andl t othermally tested at 800 *C. Consid-
ering all test temperatures, FeCrAIY(APS) coatings generally were the most cor-
rosion-resistant. This is clearly shown by tests at 950 OC, where FeCrAIY(APS) was
the only coating which was not completely corroded.

Typical microstructures of the scales formed on Ni-base and FeCrAIY coatings are
Illustrated in Figure 6 and Figure 7, respectively. The scales consist of a thin
oxide layer adjacent to the metal and a thick outer layer composed of deposits and
corrosion products. The matrix phase of the outer layer (medium grey on NI-base
coatings, dark gray on FeCrAIY coating) represents the vanadium containing
deposits mentioned above. The main corrosion product on NI-base coatings is

i
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interface
11 scae of corrosion

Liqht 32.8 6.6 0.8 24.2 35.3

precipigate
Dark 24.3 25.2 50.5

precipitate

Scale matrix 2.6 1.2 0.5 0.2 41.4 11.0 43.1

Figure 6. Cross section (backscattered electron imaging) of the scale formed on
NiCoCrAIY(APS) at 800 OC (isothermal) after 50 h and results of microprobe
analysis (wt. %).

nickel orthovanadate (Ni3(V0 4)2) precipitated from the molten vanadate matrix on
cooling. The corresponding precipitates on NiCoCrAIY coatings contain additional
cobalt in solid solution and may be described as (Ni,Co)3(V0 4)2 (light grey in
Figure 6). The dark phase in the outer layer Is shown by microprobe analysis to
be AIPO4 probably originating from phosphorus in the diesel fuel. The thin inter-
face oxide layer consists of various oxides of the coating elements which mainly
have spinel phases. Sharp-cornered precipitates in the scales on FeCrAIY-coatings
(light grey in Figure 7) are probably (Ni,Fe)(Cr,Fe)204 spinels. The oxide layer
(medium grey) adjacent to the metal consists of various Iron and chromium
oxides. These oxides seem to be less soluble in molten vanadate than nickel and
cobalt oxides. This may explain the better corrosion behaviour of FeCrAIY coat-
Ings, especially at 950 OC, compared with Ni-base coatings. The respective mech-
anisms were detailed by Selersten and Kofstad [5].

When comparing Isothermal tests with cyclic tests, no clear effect of these test
conditions on surface loss can be observed. So, temperatdre cycles were by no
means detrimental. Only FeCrAIY coatings corroded faster on cycling.
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metal/scale
interface

caig scale

Pe Ni Cr Al Na S V 0

Dark grey matrix 5,0 0.7 3.9 51.0 39.4

Medium grey at 46,6 2.0 Z2.3 1.0 1.2 26.4

metal/scale

interface

Light grey 41,7 14.9 15.0 2.7 0.2 25.4

Figure 7. Cross section (backscattered electron Imaging) of the scale formed on
FeCrAIY(APS) at 950 0C (isothermal) after 80 h and results of microprobe
analysis (wt. %).

The High Temperature Oxidation Behaviour of the Single Crystal Ni-Base Alloy
M002 mod. with and without Protective Coatings

These Investigations were accomplished in cooperation with the MTU, MOnchen
[6]. Turbine blades for advanced aero engines have been produced from NI-base
alloys in single crystal form. In comparison to polycrystalline blades, their
Improved creep strength allows a higher operating temperature. The surface tem-
perature of turbine blades at the leading and trailing edge is sometimes in the
range of 1050 to 1100 0C. Under these conditions, the surface attack by oxidation
cannot be neglected, and protection by a suitable coating has to be provided.

The single crystal alloy M002 mod. (composition (wt. %): Ni, 8.5Cr, 5Co, 5.5AI,
2.2Ti, 9.5W, 2.8Ta) which Is Identical with the alloy SRR99 were used as substrate
material. Cylindrical bars of this alloy, uncoated as well as coated with Al (Codep),
PtAI (RT22), and LPPS-MCrAIY (LC022; composition (wt. %): Co, 31NI, 21Cr, 8AI,
0.5Y), were used for testing by the high-velocity burner rig (see Figure 1) under
service-like conditions. The specimens were cyclically tested at 1050 °C for 400,
600, and 1000 h and at 1100 OC for 200 and 400 h.
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Figure 8. Weight change vs. time of coated and uncoated M002 mod. obtained during
cyclic testing in a hot gas stream of Mach 0.3 at 1050 *C and 1100 *C.

Figure 8 shows weight change vs. time data measured at test temperatures of
1050 and 1 100 OC, At 1050 OC the oxidation resistance of the substrate is markedly
improved by the coatings, with RT22 and LC022 being more resistant to degrada-
tion than Codep. At 1100 OC Codep and RT22 coatings show a significant loss of
material within about 50 h, whereas LC022 proved stable over several hundred
hours. These weight measurements are roughly confirmed by determining the
average surface loss of the specimens at the zone of maximum temperature (Fig-
ure 9).

For the Codep and RT22 coatings whose oxidation resistance Is based on a high
aluminium concentration resolved Al-rich phases can be taken as a measure of
coating consumption. Figure 10 shows patches of the fl-NIAI phase (grey) for a
Codep coating tested at 1050 "C for 400 h. The fraction of the Al-rich phase
determined by relating the area of the P-NiAI phase to the corresponding area of
the initial state represents the consumption of the coatings (Figure 11). At
1050 OC the Codep coating is almost completely consumed after 400 h, whereas
the RT22 coating still has, even after 1000 h, a residual thickness of about 40 %
of Its original value. At 1100 °C, Codep and RT22 coatings are already consumed
after less than 200 h.

The LCO22 coating shows hardly any reduction in thickness by oxidation at
1050 *C (see Figure 9). Also, aluminide phases could not be detected in this
plasma sprayed coating even after the shortest testing time of 400 h. LC022 is not
significantly oxidized at 1100 OC after 400 h, too. On the other hand, voids were
formed In the LC022 coatings, especially close to the original coating-substrate
interface (Figure 12). The void density increases and the size of voids grows with
longer testing times and higher temperatures.
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Figure 9. Average surface loss for M002 mod. and coatings as a function of testing time
and temperature.

Figure 10. Al (Codep) coating tested at 1050 OC for 400 h (optical micrograph from a
cross section).
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Figure 11. Consumption of Al (Codep) and RT22 coatings as a function of time at
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Figure 12. Formation of voids In the LC022 coating tested at 1100 00 for 400 h (optical
micrograph from a cross section).
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In general, tests have demonstrated that the oxidation resistance of the
M002 mod. coating systems increases in the sequence: uncoated - AI(Codep) -
PtAI(RT22) - MCrAIY(LC022).

MOLTEN SALT CORROSION

Figure 13 shows the electrochemical cell which is used for experiments in molten
salts. The arrangement, especially the electrodes, was essentially developed on
the model of an apparatus that had existed at Sulzer Bros. Ltd., Winterthur, Swit-
zerland [7], [8].

A grounded gastight Inconel-601 insert placed between the furnace windings and
the cell serves as electrical shielding and protection against corrosion. The alu-
mina crucible, which contains the salt melt, is put on the bottom inside this insert.
For experiments under a controlled atmosphere gas can flow through a alumina
tube and bubble through the melt. Passing along a coil of platinum wire, gas
reactions can be catalysed.

Function- - Gas inlet generator

---- Gas outlet

WaPtener

X-t plotter mter

nconels-insert L

Alumina

crucible

Reference C ER
electrode

-Thermo-

-. Workin
electrode
Counter

electrode

Potential

/iFX-t plotter meter

Figure 13. Schematic assembly for electrochemical studies.
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For electrochemical measurements a three-electrode arrangement including
counter, working, and reference electrode is used. The working electrode is con-
structed by sealing a metal rod with ceramic cement into one end of an alumina
tube. The platinum lead wire contacting with the specimen Is thus Isolated from the
melt. A platinum foil cylindrically bent i; utilized as counter electrode and sur-
rounds the working electrode. The Pt(02 )/ZrO 2(y2 O 3)- electrode, really an indicator
electrode for oxygen, was propagated by Erd6s et.al. [7] as appropriate reference
electrode in sulfate melts. A Pt/PtRh-thermocouple inserted into the ZrO2(Y20 3)
tube of this electrode measures the temperatures of the melt. For comparative
measurements the platinum coil in the gas Inlet tube contacting with a lead wire
can additionally be used as reference electrode. If the three electrodes are con-
nected with a potentiostat, polarization measurements can be employed to deter-
mine current-potential curves. Potential-time curves can be measured by a poten-
tiometer which is joined to the working and reference electrode.

molten (Na 09K0.1 )2 S04 air, 9000 C

E IN 939 (22.4 Cr)

0IN 738 LC
a (16Cr) I

IWQSPQooy (20oI I (measured by DFVLR)

J iIN 100 Solid curves were taken
IN 713LC (10Cr) from EErdos et. al.

-1200( (12 CrH

00 10;2 1 0 3 1'04

-- time t Wh

Figure 14. Potential vs. time of nickel and Ni-base alloys In a sulfate melt under air
atmosphere at 900 OC (potential measurement with a Pt(O2)/ZrO1(YO=)-
electrode).

The diagram of Figure 14 shows the time-dependent variation of the potential for
Waspaloy In molten (Nao Ko,)2SO4 under air atmosphere at 900 °C in comparison
with corresponding measurements of Erd~s et.el. [8] for nickel and some NI-base
superalloys. The range of curves with an approximate constant potential repres-
ents the Incubation period where the nickel alloys are protected by a closed oxide

+ = - l wE
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layer. The potential drop is caused by breaking down of this layer because fresh
metal surface comes in contact with the molten salt. Corrosion can now attack the
Ni-base alloys at unprotected points. In the case of sulfate melts, sulphidation is
usually involved in the corrosion process.

The onset of the potential drop depends on the chromium concentration of the
nickel alloys. This result confirms the increase in corrosion resistance with
Increasing fraction of chromia In the surface oxide layer.

The potential of unalloyed nickel is at all times more negative than that of the
nickel alloys. Since the oxide layer formed on nickel contains no chromia, resist-
ance against hot corrosion Is reduced.
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A paper was presented by Mr. Garrett Browne of the U. S. Navy which covered various
fleet problems in the area of high temperature oxidation and hot corrosion. This is a
summary of the responses to this presentation.

The discussion which followed Mr. Browne's presentation can be grouped into the

following primary topic areas:

I. Water washing of aircraft engines

A. Comments on the efficacy In reducing or preventing hot corrosion problems by
washing away salt deposits.

B. Comments on the drawbacks of water washing, including introduction of additional
corrosion problems.

C. Comments on the implement-'' of water washing, including the use of inhibitors.

II. User's view of high cm sture corrosion problem.

A. RAF (UK)

1. T-56 engine
2. Pegasus engine
3. RV-199 (Tornado) engine
4. Spay 250 (Nimrod AEW) engine

B. Canadian laboratories (CA)

1. F404 engine

III. Selection and evaluation of coatings

A. Standardization of testing

1. Difficulties of standardization, technical and administrative.
2. Methods of coating characterization.

B,. Choosing coatings

1. Coatings for hot corrosion.

2. Difficulties of making general r,,les for coating selection.
3. Need for Independent data base.

At the conclusion of the discussion two topics for future AGARD Workshops were
suggested. One topic was in the area of engine testing for hot corrosijn. This was a
primary concern of engine users who questioned the adequacy or sufficiency of existing
engine testing requirements for high temperature corrosion. The second topic was in the
area of repairability of engine components with regard to high temperature corrosion and

coatings. This was suggested as a relevant area since hot corrosion problems often
appear in local regions of a component such as the leading edge, trailing edge, tip,
etc.

The following is a summary of the individual questions and comments which comprised the

discussion session. The comments written here are not verbatim but rather paraphrased
and condensed. Every attempt has been made to preserve the accuracy of the technical

content of each response.
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N. DeCrescente (US): Commercial engines don't show as much of a hot corrosion problem
ae military engines. We spent a lot of time in years past looking at aulfidation in
industrial turbines and turbines on container ships, and auch of my peraonal experience
is based on these investigations.

The following comprises my understanding of the naval aircraft gas turbine engine hot
corrosion problem:

The primary source of the problem occurs when the aircraft is on the deck of an aircraft
carrier or on an airfield, engines idling. At this point ingestion of salt-laden air
occurs. This salt can deposit onto the compressor or pass into the turbine and deposit
on relatively cool parts. The aircraft then takes off and once above approximately
fifty feet there Is no further ingestion of salt. Therefore the damaging salt is
Ingested at ground level.

The greatest period of concern for hot corrosion is when the engine is at full thrust
and the metal parts are at their highest temperatures. Two possibilities for the
salt/metal interaction are as follows:

(a) The salt can evaporate from the hot part before the incubation period expires.
This is why that incubation period is so important and why we are trying to extend the
incubation period.

(b) The salt can spall from the compressor parts. In this case you have pieces of salt
passing through the combustor rather that vapor. These then splash onto the hot metal
parts, typically the leading edges. This results in extensive sulfidation.

In the industrial turbine work we realized the importance of the start-up period. The
turbines which underwent "hot starts" experienced extensive sulfidation problems. We
also found that water washing was effective in the industrial turbine area.

The use of new parts is highly recommended for a water wash study, since the residual
sulfur left In refurbished parts can by itself cause the re-appearance of sulfidation.

UTRC considered using inhibitors for preventing hot corrosion in our turbines. We
decided against it because of expense, logistics, and environmental concerns. The use
of an addition to a water wash which would remain behind to act as an inhibitor during
the start-up period might be effective.

Finally, I think that future technological advances such as better materials and hotter
engines should reduce the hot corrosion problem, providing compressor shedding is
avoided.

J. DeLuccia (US): The presence of chlorides above fifty feet has been observed and
documented.

G. Browne (US): A USA? study determined that NaC1 can be found at altitudes up to
30,000 feet above the ocean. Additionally, during Indian Ocean deployments at monsoon
season heavy concentrations of sand and salt particulates are found at altitudes up to
2500 feet.

M. DeCrescente (US): What were the relative concentrations of salts at sea level and
30,000 feet?

G. Browne (US): Much lower at 30,000 feet, but they are there. The U. S. Air Force has
started rinsing its aircraft. The result is that $1.00 was saved in maintenance costs
for each $0.02 spent on washing.

A. Gupta (CA): Has the water wash effluent been analyzed coming out of the compressor?
I have a study which shows that NaCl Is not a primary contaminant, so I assume that it
makes its way further Into the combustor.

Also, the ioncentration of NaCI in the air is dependant on many variables such as
temperature, sea state, ship speed, etc.

J. DaLuccia (US): All environments are not the same. The carrier deck is an extreme.
We were surprised at the severity of our Indian Ocean deployments, which we find are
twice as severe as other deployments. We have a lot of work to do.

J-P. mmarigeom (CA): I would like to dampen the enthusiasm concerning water washing
and its potential benefits. The critical area for hot corrosion is near the cooling
holes in the turbine blades. Here you find a temperature gradient and a lack of
protective coating both of which favor hot corrosion attack. This localised attack
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leads to swelling of the metal and blockage of the cooling holes snd further damage due
to oxidation as the metal temperature increases. Because of the need for cooling
passages and therefore the presence of such temperature gradients higher engine
temperatures will not necessarily diminish the problem. There will still be a region on
the blade which will be susceptible to hot corrosion.

Furthermore, concerning the question of incubation times for hot corrosion and water
washing. If the incubation times are on the order of hours, and washes are performed on
the order of tens or hundreds of hours, will the wash be effective if corrosion has
already started?

N. DeCrescente (US): Have you tried water washing to solve your problem?

J-P. Immarigeon (CA): The problem will exist under any condition since it is highly
localized. The location of the problem will simply shift. The real solution to the
high temperature corrosion problem lies in controlling the high temperature surface
reactions by use of coatings and alloying.

J. DeLuccla (US): On the subject of incubation time, Dr. Bornstein clarified this the
other day. The incubation times given were for accelerated laboratory tests, not from
actual engine operating time.

It is clear that the solution to this problem does not lie with water washing alone. It
is only a band-aid", not a permanent solution. We have to approach the problem on many
fronts.

C. Browne (US): Concerning the implementation of water washing- normally we run the
engine for five minutes after the fresh water rinse. This procedure thoroughly dries
the engine.

A. Leglane (CA): I have a question for the U. S. Navy concerning their experience with
the IPS (inlet particle separator) on the T-700 engine. Has the use of the IPS had an
impact on the engine wash cycle?

C. Browne (US): We have had no problems with the IPS. The particle separator seems to
help. Concerning water washing- the problem we have with tLe helicopter engine is
during the close hover to the water. The rotor wash can result in a continuous salt
laden mist. Our documentation shows that the engine that is washed last longer. But
you have to get the contaminants out after washing, by flushing the engine thoroughly
with pure water. You also must dry it out by running the engine.

N. Gammon (UK): I would like to give, from a user's viewpoint, the RAP's experience
with corrosion problems in some of their engines. These comments were collected through
informal discussions with the various program offices responsible for these engines.

First, regarding the T-56 Hercules. With the LPl rotor blade we see sulfidation,
oxidation of the internal cooling passages, and premature stress-rupture failure. Some
solutions are as follows:

1. Reduce the cruise TIT from 985 to 932 °C. This is a possible short term solution.

2. Perform a half-life turbine overhaul. This is a more likely solution. The Royal
New Zealand Air Force is looking at this also.

3. Change the blade material from IN738 to MM246. This is the manufacturer's
recommendation.

4. Internal treatment of the cooling holes. This is the best long term solution but
development of a process is needed.

Concerning the Pegasus engine, used in the RAF Harrier and the Royal Navy Sea Harrier.
I have a question for the U. S. Navy: This engine operates using a water injection
system. Is this a possible source for the problems the U. S. Navy is experiencing?

G. Browmne (US): I really can't answer that. But I do know that this aircraft is used
by the Marines under very harsh environments including sand ingestion. There is no
question that the problem is not just the engine design or fabrication but also the
environment which the engine is used. The environment is part of the problem.

N. Commom (UK): The Pagasus engine is designed for a 400 hour life for the
combustor/turbine. We are considering using a TBC on the NGV and a single crystal blade
material-
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Concerning the RVI99 engine used in the Tornado aircraft - currently the HP turbine uses
an IN100 blade and we are experiencing tip plug loss. This is basically corrosion under
the plug which forces the plug out, followed by a loss of blade cooling. One possible
cause which has been suggested is "gunfiring" and re-ingestion of gaseous propellant.
One solution may be to close the tip by welding or protecting the part with a ceramic
material.

Concerning the Spey 250 engine used in the Nimrod AEW aircraft - here we see a high
cost of spare parts due to loss of engine parts to corrosion. One solution may be
double aluminizing or the use of a cermetal sacrificial coating on the blades and disks.

Concerning the RAP and compressor washing - the RAF has blown hot and cold on this issue
over the years. It is currently out of vogue, but is being reviewed again for possible
implementation.

The IPS for helicopter engines is being reviewed with interest for use in dusty
environments.

R. Thamburaj (CA): Some comments for the Canadian laboratories on the F404 HPT. The
blades shown by Mr. Browne had a TMF count of 15,700 cycles, or about one-half their
expected life. The material used is a DS Rene 80, and we are observing tip damage. The
exact mechanism is unknown but it is tip oxidation and not tip erosion. No sulfur
compounds are observed in the hardware. The Australians also have a problem with tip
oxidation in the HPT and we would like to know if the U. S. Navy also sees this problem.

The outside damage is only half the story. Internal damage of the blade is also
important. As a solution we are looking at improving the tip oxidation resistance. The
Australians are developing their own coating for this blade.

P. Patniak (CA): We see the same problem with both the GE and PWA blade at one-half
FTC, about 15,000 cycles. We see tip oxidation due to plugged cooling holes. There are
twenty-two cooling holes in the tip region of these blades. We have examined fifty to
sixty blades and most had blockages in at least sixteen of these cooling holes. GE has
issued an Engineering Change Proposal to introduce two new cooling holes into the
trailing edge near the tip. This will not be sufficient as a solution since the problem
is so extensive.

A cause of tip cracking in these blades may be loss of the aluminide coating caused when
the tip rubs the outer seal. Remember that Rene 80 is a relatively poor alloy for
oxidation resistance, but good in hot corrosion.

I have a concern for coating technology. We have seen component technology grow from
polycryatal to DS to single crystal. Is aluminide coating technology and coating
technology in general keeping pace?

J-P Immarigeon (CA): I'd like to expand a bit on surface degradation and internal
cooling holes of blades in the F404 and the T-56. The U.K. is having problems with the
T-56. The problem has grown in size over the last few years. We are seeing damage of
this type in Canadian engines, although I don't know of any premature stress-rupture
failures at this time. We are looking at coating the internal cooling passages. Let me
note that an industrial version of this engine has had internal cooling passages coated
by the manufacturer and has done very well. We are looking at this from a metallurgical
viewpoint, but we would like to try it in Canadian engines. There would be no need for
blade re-design.

K. Doruk (TU): The question I have regards the replacement of a polycryatal component
with a DS component. What effect can I expect on the oxidation and hot corrosion
behavior?

P. Patmiak (CA): I can comment on the fact that such a change can affect the creep
behavior of the blade. Por example, Codep-coated DS Rene 80 will have reduced creep
properties and improved TMF characteristics relative to Codep-coated polycrvstal Rene
80.

1 as also interested in hearing more about the role of active elements such as yttrium
and hafnium in the substrate and the relation to oxidation resistance.

N. DeCrescente (US): I can -mment on the so-called active element effects. Our
research shows quite conclusively that active elements prevent sulfur from diffusing to
the coated surface thereby enhancing oxide scale adherence.

A. Gupta (CA): I would like to broaden the horizon somewhat and ask the question -
there are so many coatings. Which coating do we select? What about standard testing
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procedures, such as VAMAS? We should be talking about developing some standard testing
procedures.

J. DeLuccia (US): Perhaps Dr. Gibbons can give us a few words on that topic.

T. Gibbons (UK): I can comment on the topic of standardization and VAMAS as an example.
Here is a case where the research institute can help the user community. But the
problem is also the perception of corrosion as a "low tech" problem. Topics such as
MMC's, high strength polymers, and RST are popular, Hot salt corrosion just isn't
perceived as such an important technology by the funding sources.

As far as standardization, we must become more quantitative in our research. There just
isn't a "magic solution- to the high temperature corrosion problem. What we need is the
ability to make discrete and finely judged differences between one material and another
and one coating and another. For this we need to be able to make quantitative
measurements and reliably perform standard procedures.

What we also must do as a body of researchers is to be more public about our
difficulties and the need for corrosion research. In particular this publicity needs to
reach the funding sources.

J. DeLucria (US): I can comment about the difficulties in developing standard test
procedures from my experience in the area of corrosion fatigue. Twelve years ago we
started an eight nation round-robin testing program. It took six years to finish the
core program. We had to write our own test manual which each participating laboratory
had to use. It took another six years to complete a follow-on program. So you are
talking about a long-term investment of time to develop standardization procedures.
That is a good question - should a hot corrosion round-robin be initiated within AGARD?

A. Gupta (CA): This still does not answer the question as to what coating should I be
using. What is the basis for selecting a coating? We should start some activity on the
testing side.

R. Rapp (US): I can comment on the aspect of what kind of coating would do any good as

far as hot corrosion is concerned.

The following points are important regarding the nature of the hot corrosion process:

1. Hot corrosion occurs immediately when molten sodium sulfate contacts the metal
substrate. Metals are not thermodynamically stable in the presence of molten salts.
Therefore an oxide barrier is necessary.

2. The two most important oxides are Cr203 and Al 0 . The reason is because gas
turbines produce an acidic molten salt and these are the two most stable oxides underacidic conditions.

3. Al 0 films grow slowly. This is why long-term oxidation behavior depends on Al 203
formatton. But increasing the chromium content in the coating will help by promoting a
rapidly-formlng chromia as a transient oxide which will initially protect the metal from
the molten salt.

4. Finally, one wants to keep the salt acid, and keep the substrate beneath an acid
stable oxide such as A12 03 or Cr2 0 3 Then continuous dissolution and reprecipitation
can be avoided.

As far as water washing is concerned, I think it is a fine idea. I could see washing
with a hot water solution and finishing with a solution containing an aqueots chromate
inhibitor. And as far as the type of coating one wants, aluminlde coatings form an
Al2 0 3 film which grows too slow. I think a coating such as the chromizcJ-aluminized
pack costing we have developed would be best. Our problem with this coating has been
the "NIM' factor, or the "not-invented-here" factor. There can be a problem in
transltlonlng university research to a coating manufacturer.

R. Newrel (FR): Some comments on how to choose a coating - I think there are four
primary factors which must be considered. First, the environment - the temperature, the
cycle shape, the atmosphere. Secondly, the substrate, and its comprtibility with the
coatiqg. Here we mean chemical compatibility (limited interdiffusLon) and mechanical
compatibility. Thirdly, the application process must be considered. Each process has
advantages and disadvantages. For internal cooling passages some type of CVD or
modified pack process must be considered. Plasma spray is restricted to simpler
component geometries. Finally, the users requirements come in. Most users do not want
a coating which has only one source. There can be patent problems. And the cost is
often not the least important factor. For these reasons it is difficult to design
general rules for coating selection.
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A. Gupta (CA): My question perhaps was misunderstood. I don't mean coating
development. What I mean to ask is that there are so many coatings available. I know
my need, but there is no data for selecting from available coatings based upon my need.
For example, we would like an ASTH source book which would tell me that for TMF
improvement, select this, for hot corrosion improvement, select this.

I also have difficulty with the definitions for hot corrosion, sulfidation, sulfation,
etc.

H. DeCrescente (US): There is a need for standardization as far as the manufacturers
are concerned. At PWA there is a push to minimize the number of coatings in their
inventories. In terms of coating selection, cost is often the driver. Diffusion
coatings are better than the overlays in this regard. Furthermore, diffusion coatings
are better in TMF than the overlays. We are trying to improve the oxidation resistance
of diffusion coatings to match that of the overlay coatings.

R. Waterhoue (UK): We have submitted a proposal for an independent (unpredjudiced)
information center on coatings and surface treatments to be set up at Nottingham, but
the proposal was not funded. There is a national center for information on tribological
coatings.

R. Rupp (US): Characterization of coatings is a difficult task. At the minimum one
needs the following:

1. a good photomicrograph
2. compositional analysis
3. phase identification

4. thickness on substrate
5. performance in a specific type of test

So some degree of sophistication is necessary for an "expert system" on coatings.

A. Leilane (CA): From a user-s view, I don't care about coatings. I am concerned only
with engine performance. I would like to know if the newer engines, the ones of the
past 5-10 years, show a hot corrosion problem.

C. Brovme (US): The Naval Air Propulsion Center, Trenton, NJ will have that information
for the U. S. Navy.

A. Lelanc (CA): As far as testing of engines concerned, will engines which pass
specifications still have a basic coating problem?

J. Deluccia (US): Yes.

C. Browne (US): The problem goes across the spectrum of manufacturers. The basic cause
is the deterioration of the blades, and it is a universal problem.

J. DeLuccia (US): Oxidation and hot corrosion problems will not disappear. It is more
a question of keeping them tractable. The problems we have discussed here today show a
great deal of commonality, and the solutions will in most cases share a great deal of
commonality. We are looking for new directions for research, and for new directions for
maintenance.

Some of the Ideas we have discussed are

1. water washing - the U. S. Navy has a severe enough problem that water washing is
necessary.

2. research approaches and the need for a central repository for information.

I'm not sure how AGARD figures into this at this time. Any other comments?

J-P Immarigeom (CA): I would like to emphasize the need for a data base. I believe the
national laboratories are the place for this effort. And we need more than just burner
rig data. We also need quantification of Interactions between the coating and
substrate, etc. What we really need is a standard procedure for coating evaluation.

P. Patmiak (CA): I sa three types of coatings in the field today - diffusion, overlay
and TIC. I would like to see a thrust in AGARD concerning the repairability of
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liffuslon coatings. This is especially important since 80-90% of the problems with
)xidation and hot corrosion are discovered after the fact, that is, after the engine is
lesigned and qualified.

Since many of the problems are localized to certain regioni of the blades, such as
leading edge, trailing edge, and tip, I believe that a workshop on local repair
techniques for coatings would be highly received and worthwhile.

J. DeLuccla (US): Perhaps we should consider an AGARD Workshop on repairability of
engine components with regard to high temperature corrosion and coating#.

T. Cibbous (UK): I would like to offer a comment in support of Dr. immarigeon. If
standardization is needed, don't think that it will just happen by itself. And, don't
underestimate the power of a group such as ourselves, the user group, to influence the
engine community.

A. LeBlanc (CA): My observations are from the perspective of the user, someone who buys
engines. My question is still the same - are the requirements for engine hot corrosion
testing sufficient?

J. DeLuccia (US): Unfortunately that question falls outside the scope of the present
Workshop. We could consider an AGARD Workshop on engine testing requirements. An AGARD
Workshop on repairability could also be considered.

ON
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